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1
Introduction

Thermoplastic composites have gained growing interest since the 1990s as
the limitations of their thermosetting counterparts started to emerge. In
addition to their higher toughness, repairability, weldability and recycla-
bility compared to thermosets, thermoplastic composites benefit from the
extensive amount of literature published on thermoplastic polymers since
the 1930s - constituting what polymer scientist F. Cogswell referred to as
a “quality assurance, because all the polymer chemistry has been done by those
people whose business is polymer chemistry”.

This combination of advantages did not go unnoticed to the wind en-
ergy sector, which largely relies on fibre-reinforced polymer composites for
the production of wind turbine blades. In the context of the energy tran-
sition, blade manufacturers and wind farm operators are faced with two
pressing matters: increasing blade length to boost power generation capac-
ity, and improving their sustainability and environmental performances.
Both technological challenges, which are illustrated by Figure 1.1, can be
addressed - at least partially - by transitioning from thermosetting to ther-
moplastic composites for wind turbine blade manufacturing.

As turbine blades are getting longer and heavier in order to meet the
soaring demand for renewable energy, they must support higher and more
complex loads during their service life. The linear speed at blade tips also
increases, exacerbating the detrimental impact of raindrop erosion or bird
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collisions on the structural integrity of the blades. An average of 3,800
blade failure events are currently reported every year, among the 700,000
turbines in operation globally. Whatever the primary origin of the inci-
dent may be, e.g. via adhesive debonding of glued parts, buckling of the
composite shell, fatigue cracking in regions of high stress concentration
(such as the transition region between the blade root and the aerodynamic
part, or areas containing manufacturing defects), the propagation of cracks
is what ultimately leads to the catastrophic failure of the blade structure.
With their superior toughness and damage tolerance properties, thermo-
plastic composites could be a material of choice for avoiding - or at least
delaying - such incidents. The damping properties of thermoplastic poly-
mers are also better than those of thermosets, which could potentially have
a positive influence on the impact resistance of wind turbine blades during
transportation, installation and operation.

Thermoplastic composites are also compatible with the “reduce, repair,
reuse, recycle” motto of circular design. First, their weldable nature could,
in theory, eliminate the need for adhesives in the blade assembly process.

(a) (b)

Fig. 1.1 Current obstacles met by the wind energy sector: (a) catas-
trophic blade failure event near Drumkeen, Ireland and (b) decommis-
sioned blades being buried in a landfill in Wyoming, USA. Photo credit:
(a) D. Doherty, 2016 and (b) B. Rasmussen, 2020.
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Repairability is another non-negligible advantage of thermoplastic blades,
which could contribute to extending their service life significantly. Wind
turbine blade repurposing into, e.g., urban furniture, is already applied
to thermosetting structures. However, innovative repurposing projects
like those shown in Figure 1.2 are still very scarce. We can assume that
the thermoformable nature of thermoplastic composites could widen the
range of repurposing possibilities in the future. Last but certainly not least,
thermoplastic blade structures may be efficiently recycled in a number of
ways (see Chapter 2), unlike thermosetting blades which mostly end up in
“graveyards” like that shown in Figure 1.1b. Some of the recycling routes
envisioned for thermoplastic composites, e.g. solvolysis, could allow re-
covering nearly 100 % of the matrix and fibre materials without down-
grading their properties.

(b)

(a)

Fig. 1.2 Successful repurposing of wind turbine blades into (a) a bike
garage in Denmark and (b) a children playground in the Netherlands.
Photo credit: (a) D. Guzzo and (b) C. Yelland.
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½
Turning wind turbine blades into gummy bears

You read right. A research team at Michigan State University
developed a novel thermoplastic resin system for wind turbine
blade manufacturing...and found a peculiar way to recycle it. In
a recent press release from the American Chemical Society, sci-
entist J. Dorgan announced that after alkaline digestion of their
new composite material, “[he] recovered food-grade potassium lac-
tate and used it to make gummy bear candies, which [he] ate”. Fortu-
nately or unfortunately, it might take a while before you can get
these from your local supermarket.

The reason why the wind industry has not yet taken the leap towards
thermoplastic blades is mostly technical. The high viscosity of molten ther-
moplastic polymers makes them incompatible with liquid moulding pro-
cesses, among which vacuum infusion - the method of choice for manu-
facturing large composite structures reinforced with long fibres. On the
other hand, asking wind turbine blade manufacturers to rethink their en-
tire production process is not the best way to encourage the transition from
thermosetting to thermoplastic matrices. The only viable option is there-
fore to adapt thermoplastic polymers to liquid moulding processing - not
the other way round.

In this context, a low-viscosity monomer formula named Elium® has
been developed by the French chemical company Arkema for the pro-
cessing of continuous fibre-reinforced thermoplastic composites by liquid
moulding. The methyl methacrylate-based monomer part is first mixed
with a small amount of peroxide initiator, and infused into the composite
preform (which usually consists of a glass or carbon fabric layup). After
infusion, the monomer polymerises in-situ within the preform, resulting
in a polymer close to poly(methyl methacrylate).

The development of Elium has significantly contributed to making
thermoplastic wind turbine blades a reality, with the production of the first
fully functional prototype in March 2022. The 62 m-long composite struc-
ture, which is shown in Figure 1.3, was designed and manufactured as part
of the ZEBRA project (Zero wastE Blade ReseArch) launched in 2020 by IRT
Jules Verne, France. ZEBRA brings together industrial partners involved
in the wind energy sector: a wind farm operator (Engie), a blade manufac-
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turer (LM Wind Power), a reinforcing fabric company (Owens Corning), a
chemical company (Arkema), a research center specialising in composite
materials (CANOE) and a provider of environmental services (Suez).

However, Elium remains a whole new resin system and as such must
continue to prove its worth to the wind energy industry - which is used to
working with thermosetting resins and trusts their properties as composite
matrices. This involves catching up with the level of knowledge acquired
on thermosetting composites since the late 1930s, e.g. in terms of thermo-
mechanical properties throughout the scales, environmental and chemical
resistance, but also formulation, processing and curing behaviour. This
has, for the most part, been achieved in the past decade - but there is still
work to do.

Fig. 1.3 Thermoplastic blade manufactured as part of the ZEBRA project
in 2022. Photo credit: ZEBRA consortium.

Objectives

This thesis lies at the heart of the ongoing research effort directed towards
manufacturing Elium-based composites, understanding the mechanisms
occurring during processing and how these impact the structural be-
haviour of the parts under mechanical loading. Emphasis is placed on
wind turbine blade shell manufacturing applications, which introduces
specific challenges related to the unusually-large thickness of these
structures (up to 10 cm in the blade root area).
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Driven by concrete industrial needs, the thesis follows a dual objective,
i.e. solving down-to-earth technological problems while filling some of the
gaps remaining in the relevant literature.

From the industrial point of view, the main interest was to mitigate
porosity in thick glass fibre-reinforced Elium laminates, which was con-
sistent with an almost complete lack of literature with respect to the void
formation mechanisms taking place in Elium composites. The first scien-
tific question was thus easily identified:

Q1 - What are the mechanism(s) leading to void formation during the manufac-
turing of thick Elium composites by vacuum infusion? At which stage(s) of the
process do they take place and what triggers them?

The literature review also revealed an overall lack of information with re-
spect to the specific features of thick (i.e. more than a few mm) Elium
composite parts, which gave rise to the second question:

Q2 - Does preform thickness have an influence on the homogeneity of Elium com-
posite parts, during processing and with respect to their final properties?

Two other pending topics, identified in the literature and from discussions
with Arkema, led to two additional questions oriented towards the more
fundamental side of research, but essential to optimise both the manufac-
turing process and properties:

Q3 - What is the thermokinetic behaviour of Elium composites during in-situ
polymerisation within a fibrous preform? Is it any different from what is already
known about the bulk polymerisation kinetics of Elium?

Q4 - What is the mechanical response of Elium composites at the constituent level,
i.e. at the micro- and nano-scales, including the fibre-matrix interphase region?
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Outline
The thesis is divided into 8 chapters, including the present introduction
(Chapter 1) as well as a general conclusion (Chapter 8).

Chapter 2 reviews the state of the art on Elium resins and Elium compos-
ites produced via liquid moulding. The focus is intentionally placed on
Elium, as each of the following chapters contains a more specific literature
review on their topic(s) of interest.

Chapter 3 presents a preliminary top-down study, conducted in the early
months of the thesis [1, 2]. Two 7 cm-thick Elium composite plates,
manufactured at different temperatures, are subjected to physical and
chemical characterisation along the thickness direction. A link is estab-
lished between preform thickness, processing temperature, thermokinetic
behaviour during polymerisation and void formation through monomer
boiling. The aforementioned scientific questions are refined accordingly.

ð
The ordering of the four remaining chapters has not been se-
lected randomly. As depicted in Figure 1.4, the lengthscale of
interest in this bottom-up part of the thesis keeps going down
as one proceeds through the manuscript, spreading from the
macroscale in Chapter 4 down to the nanoscale in Chapters 6
and 7.

Chapter 4 follows on the findings from Chapter 3. A thermochemical
model is developed for exploring the interaction between heat transfer and
heat generation during the in-situ polymerisation of thick Elium laminates
[3, 4]. The model, which is validated experimentally, captures the evolu-
tion of temperature and monomer conversion across the thickness for a
variety of processing conditions. In each case, it allows predicting whether
the monomer will boil within the preform, resulting in void formation.

Chapter 5 presents a miniaturised infusion experiment, designed for the
in-situ monitoring of void formation in a 2 cm-thick laminate via X-ray
computed tomography [5, 6]. Changes in void size, location and morphol-
ogy are successfully captured during infusion, polymerisation and cooling
of the composite. The corresponding void formation mechanisms are iden-
tified, and their relative contributions to the final porosity are quantified.
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Fig. 1.4 Lengthscales of interest in Chapters 4 to 7, as compared to those
of a wind turbine blade composite structure.

Chapter 6 focuses on the development and validation of a nanoscale
digital image correlation method dedicated to composites [7]. Using
the method, the deformation patterns occurring at the fibre level during
transverse compressive loading are characterised in Elium and epoxy com-
posite specimens. The presence of a fibre-matrix interphase is highlighted
in both systems and confirmed by finite element simulation and atomic
force microscopy. Differences are identified between the thermoplastic and
thermosetting matrices in terms of nanoscale deformation and fracture
behaviour.

Chapter 7 explores the local mechanical properties of the Elium matrix of
a composite material, as compared to those of a bulk resin specimen of the
same nature [8]. Small-scale indentation techniques, i.e. nanoindentation
and atomic force microscopy, are used to probe matrix pockets as well as
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the fibre-matrix interphase region. Finite element models of the two ex-
periments are developed to verify that the measurements are not impacted
by the nearby fibre material. The influence of physical ageing and matrix
pocket size (i.e. distance to closest fibre) on the indentation response of the
resin is assessed via statistical inference.

ð
Different grades of Elium are mentioned throughout the text,
namely Elium 191 OSA (Chapters 3, 4 and 7), Elium 151 OSA
(Chapter 5) and Elium 591 (Chapter 6).

All three formulas contain methyl methacrylate as the main in-
gredient and only reactive monomer, share the same solid con-
tent and give rise to a material close to poly(methyl methacry-
late) after polymerisation regardless of the initiating system.
They only differ in the formulation of their additive package,
which mostly depends on the desired viscosity (0.1 Pa.s for in-
fusion grades like 191 OSA and 151 OSA versus 0.5 Pa.s for pul-
trusion grades like 591) and reactivity towards temperature (151
OSA has a much shorter pot life than 191 OSA and 591 under
ambient conditions).
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2
State of the art

This chapter presents the general state of the art with respect to Elium
resins, and their use as composite matrices in liquid composite moulding
processes. Each of the following chapters contains a more specific litera-
ture review focusing on different topics of interest.

2.1 A brief history of PMMA

The story of acrylic monomers and polymers started in Central Europe in
1843, when Austrian chemist Josef Redtenbacher first synthesised acrylic
acid from acrolein, a natural compound responsible for the acrid smell of
burnt fat. Methacrylic acid was obtained from acrylic acid a few years
later, and esterified into methyl methacrylate in 1865. Figure 2.1 shows
the chemical formulas of acrolein and its derivatives, which all share an
α,β-unsaturated carbonyl group. In 1873, German chemist Rudolph Fit-
tig conducted the first lab-scale polymerisation of methyl methacrylate,
paving the way for the modern chemistry of acrylic and methacrylic poly-
mers. The industrial production of these compounds only started in the
early 1900s, following the discovery of more efficient synthetic routes for
acrylate and methacrylate monomers by German scientists Otto Röhm and
Walter Bauer. Poly(methyl acrylate) was the first acrylic polymer to be
commercialized in Germany, finding applications in the automotive indus-
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Fig. 2.1 From acrolein to methyl methacrylate.

try for the manufacturing of transparent, flexible and non-yellowing inter-
layers for safety glass. However, Röhm and Bauer understood that acrylic
polymers were unsuitable for structural applications, due to their low glass
transition temperature. Methacrylic polymers, on the other hand, were not
only transparent but also hard and rigid at room temperature (while re-
maining easily machinable), and could be easily shaped at temperatures
close to 100 °C. In 1933, they produced the first poly(methyl methacrylate)
(PMMA) plate, and named this new material “Plexiglas” for its unique
combination of physical properties. A decade later, it was also discovered
that PMMA was along the very few polymers which could be depoly-
merised into monomer with a yield higher than 90 %, through a simple
pyrolysis process [9, 10].

As the world geared up for war, demand for this new material
boomed in the US and Germany as PMMA could be used for manufac-
turing lightweight military aircraft canopies and windows. By the end
of the 1930s, it was already commercialised by several companies and
under several tradenames: Plexiglas (Röhm and Haas), Perspex (ICI)
and Lucite (DuPont). With the decline of PMMA sales at the end of the
war, manufacturers redirected their efforts towards civil applications
such as lighting cases for signs, lamp posts and car headlights. Another
key asset of PMMA, biocompatibility, was also discovered at that time.
During the medical follow-up of injured military pilots, physicians found
intact shivers of PMMA coming from shattered aircraft canopies in the
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eyes of some of their patients. This opened the door to a wide range
of biomedical applications, in particular in the field of dental and bone
prosthetics. In 1936, the company Kulzer patented the first mouldable
cement for dentistry, made from ground PMMA powder mixed with
methyl methacrylate (MMA) monomer. Similar products were used as
bone cement in orthopaedics from 1945, e.g. for cranioplasties [11–13].

PMMA is now a widely-used commodity polymer, whose original ap-
plications in the transportation, construction, lighting and medical sectors
are still relevant today. With the emergence of new information and com-
munication technologies, the use of PMMA was extended to electronics
(screen covers, LEDs, optical fibres) and, very recently, to the manufactur-
ing of protective shields during the Covid-19 pandemic. The global PMMA
market now reaches a few billion dollars each year and keeps expanding
[14, 15].

2.2 Structure-property relationships in PMMA

Figure 2.2 shows how the key physical properties of PMMA mentioned
above are direct consequences of the molecular structure of the polymer.
Each alternating carbon atom in the polymer backbone bears two large
side groups, which results in a high level of steric hindrance and yields the
following properties at the macroscale:

• Transparency to visible light: Steric hindrance, combined with atactic-
ity, completely prevent chain stacking (i.e. crystallisation), which makes
atactic PMMA a 100 % amorphous polymer. Amorphous materials ap-
pear transparent as they cannot diffract nor scatter visible light, con-
trary to crystalline materials which appear opaque. The vast majority
of thermoplastic polymers are semi-crystalline (including atactic ones,
provided the side groups are small like in poly(propylene) or poly(vinyl
chloride)), resulting in various levels of opacity.

• Rigidity at ambient temperature: The side groups mentioned above
act as “chemical anchors”, making it difficult for polymer chains to
slide along each other. More thermal energy is needed to initiate large-
scale motion, resulting in a much higher glass transition temperature
for methacrylic polymers (close to 100 °C) than for acrylic polymers
(< 0 °C), which bears fewer side groups [14].

• “Unzipping” potential: PMMA is among the very few polymers whose
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depolymerisation reaction occurs preferentially via a chain-end scission
mechanism, releasing MMA monomer with a yield up to 98 % [16]. In
this case, steric hindrance (especially due to the methyl group) prevents
hydrogen abstraction (i.e. capture by a radical) from the polymer back-
bone, at the expense of hydrogen atoms present at the chain ends.

Hampered chain

sliding → high Tg

METHYL

SIDE GROUP

Hindered main-chain scission 

→ favored chain-end scission

POLYMER 

BACKBONE

R •

Hindered chain
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METHYL ESTER

SIDE GROUP
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Fig. 2.2 Relationship between the molecular structure of PMMA and its
physical properties at the macroscale.

2.3 The peculiar thermokinetics of MMA polymerisation

The thermokinetics of free-radical MMA polymerisation exhibits a very
peculiar behaviour, which was first observed by Norrish and Brookman
[17] in 1939:

“During the polymerization of methyl methacrylate it was found that after about
10-20 % polymerization there was a rapid increase in the rate of reaction. (...) This
rapid rise in the rate of reaction was correlated with an increase in the temperature
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of the reacting medium when the polymerizing methacrylate becomes a thick jelly
and the heat of reaction cannot be carried away by convection.”

This phenomenon, which is known as the gel effect (or Norrish [18] or
Trommsdorff [19] effect), will be detailed in Chapters 3 and especially 4,
alongside with the general kinetic development of free-radical polymerisa-
tion mechanisms. In short, a brutal drop in the diffusivity of the polymer
radicals leads to an auto-acceleration of the polymerisation reaction, which
manifests itself by a sharp temperature increase in the reaction medium. A
few other vinyl monomers, like styrene, also experience the gel effect dur-
ing polymerisation; however, the phenomenon is much more pronounced
in the case of MMA (see e.g. [20]).

2.4 PMMA in composites: from dentures to wind turbines

The idea of using PMMA as a composite matrix has been around since
the late 1980s, owing to the field of dentistry. Several patients were un-
happy with the way their dental prostheses felt, due to the mismatch in
thermal conductivity between PMMA and actual teeth. In 1989, Sehaj-
pal tried to fill PMMA-based dental prostheses with metallic powders in
order to improve their sensory properties [21]. The mechanical proper-
ties of PMMA prostheses also started to be questioned, especially in terms
of fatigue (chewing) resistance. From the early 2000s, numerous attempts
have been made to compound PMMA/MMA dental cements with mineral
fillers, in particular ceramic particles, chopped fibres of all sorts and even
carbon nanotubes [13, 22]. So far, cements reinforced with silanised glass
fibres seem to demonstrate the best mechanical properties with respect to
dental applications [22, 23].

Applications of PMMA composites could have remained limited to
dentistry if carbon saving and waste management issues had not become
increasingly pressing over the composite industry. Today, most structural
composite parts are still being made from fibre-reinforced thermosetting
polymers such as epoxy resins, which are not (or hardly) recyclable. Spe-
cific recycling routes are being explored for these materials, with variable
technology readiness levels, efficiencies and costs. Most processes focus on
retrieving the reinforcing material (long fibres) at the expense of the matrix
part, which gets degraded by e.g. solvolysis or gaseification. Other pro-
cesses rely on the shredding and full integration of used composites into
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a new material, but involve severe downgrading of the composite proper-
ties. For these reasons, the vast majority of end-of-life thermosetting com-
posite structures still end up in landfill, which is not acceptable anymore
in the current environmental context [24–26].

The wind energy sector is particularly aware of this matter, as ther-
mosetting composites account for more than two thirds of the weight of
wind turbine blades [27]. Figure 2.3 provides a schematic view of a typ-
ical blade structure. Note that glass fibre reinforced composites (GFRPs)
make up most of the outer shell including the blade root, while carbon
fibre reinforced composites (CFRPs) are generally used as internal stiffen-
ers. Blades have a service life ranging from 20 to 25 years [26], result-
ing in around 15,000 turbines worldwide being planned for decommis-
sion by 2024 [24]. As the global demand for renewable energy is soar-
ing, these will be replaced by more powerful turbines, i.e. higher turbines
equipped with longer blades [28]. Indeed, the power generated by a tur-
bine is proportional to air density, area swept during rotation, as well as to
the third power of wind speed. Air density and wind speed being mostly
location-dependent (though a marginal increase in local wind speed can
be achieved by increasing tower height), the preferred way to boost power
generation is to extend the swept area, i.e. the blade length. This is illus-
trated by Figure 2.4, which shows the parallel evolution of offshore wind
turbine rotor dimensions and power generation capacity over the last 30
years.
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hole

aerofoil
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Fig. 2.3 Typical structure of a wind turbine blade. Adapted from [29].
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Given this context, a complete change in paradigm is required to en-
hance the recyclability of future blade structures while maintaining at least
the same level of mechanical performances. Additional efforts must be
made to improve the overall sustainability of these materials by design-
ing low-energy and low-toxicity manufacturing (and recycling) processes,
while increasing repairability to extend service life. One way to achieve
these goals is to transition from thermosetting to thermoplastic polymer
matrices for the fabrication of wind turbine blades. First, this strategy al-
lows recovering both the resin and reinforcing materials through a vari-
ety of recycling routes (see section 2.5.2). It also comes with another, non-
negligible advantage: thermoplastic polymers can be welded together, po-
tentially limiting the need for adhesive or bolted joints and thus resulting
in further weight reduction [30–33].

½
The peculiar case of vitrimers

Vitrimers, which are reversible covalent polymer networks,
have been first synthesised in the 2010s by Ludwik Leibler. This
whole new category of polymers combines the processability
and repairability of thermoplastics with the high performances
of thermosets in terms of chemical resistance and thermome-
chanical properties. However, the development of vitrimer-
based composites is still in its infancy.

Nowadays, around 50 % of polymer composites already consist of
thermoplastic matrices [34]. These are mostly obtained through energy-
intensive melt processing methods, which are not suitable for producing
large parts as they rely on very powerful hydraulic presses [30, 35]. In-
stead, wind turbine blade manufacturing fully relies on liquid-state pro-
cessing methods. While internal stiffeners are generally made by pul-
trusion, the outer shell of the blade (which comprises the aerofoil and
blade root parts) is obtained via liquid composite moulding (LCM) meth-
ods such as vacuum infusion (VI), also known as vacuum-assisted resin
transfer moulding (VARTM). This low-energy and low-cost process, which
involves pulling a liquid resin through a fibrous preform using vacuum
pressure, is the method of choice for manufacturing the outer shell of wind
turbine blades [36].
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Fig. 2.4 Time evolution of offshore wind power generation capacity and
blade rotor dimensions (with Belgian Atomium for scale). Data obtained
from [37–42].

Prior to VI, the preform is enclosed in a tightly-sealed flexible bag and con-
nected to the resin and vacuum lines so as to ensure complete impregna-
tion of the fibre mats during infusion. The resin then undergoes a curing
step, resulting in the final composite part [36]. Note that VI is preferred
over another LCM process known as resin transfer moulding (RTM) for
the preparation of large parts. RTM operates at pressures higher than the
atmospheric pressure, i.e. the resin is pushed instead of pulled into the pre-
form. This requires placing the preform into a closed mould during pro-
cessing, resulting in much higher manufacturing and maintenance costs
compared to VI.

The viscosity of liquid resin formulations used in LCM must lie be-
tween 0.1 and 1 Pa.s [43]. If the resin is too viscous, preform filling is
hampered by excessive flow resistance; in the opposite case, proper fibre
wetting is compromised [44]. LCM processes have long been dedicated
to the processing of thermosetting composites, as various thermosetting
monomers or oligomers have a viscosity close to 0.1 Pa.s allowing infu-
sion followed by in-situ crosslinking within the preform. On the other
hand, the very high viscosity of molten thermoplastics (which typically lies
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in the 500-5,000 Pa.s range [36, 43]) makes them incompatible with LCM
methods in their polymer state. However, some thermoplastic monomers
or oligomers are fluid enough to enable processing by LCM. In this case,
the final composite part is obtained through in-situ polymerisation of the
monomer (or oligomer) instead of crosslinking, see e.g. [36, 44–46].

The idea of processing thermoplastic monomers by LCM dates back
from the early 2000s [30, 45] but has not been implemented yet at the in-
dustrial scale due to a number of technical challenges. Cyclic monomers
or oligomers were considered for their ability to polymerise without any
by-product via an anionic ring-opening mechanism [36, 45, 46], following
the work of Bank [45] on the LCM processing of cyclobutylene terephtalate
oligomers. However, these systems have the major disadvantage of requir-
ing high-temperature processing - between 140 and 250 °C - in order to
reach a low-enough viscosity for infusion [36]. Note that the same applies
to some linear thermoplastic polymer precursors, which were also consid-
ered though they require even higher processing temperatures (see e.g. the
example of Fulcrum, a thermoplastic poly(urethane) precursor from Dow
Chemical whose processing temperature reaches 270 °C [36, 47]). In par-
allel, anionic polymerisation mechanisms are sensitive to the presence of
moisture (among other impurities), requiring the use of drastic processing
conditions in order to avoid deactivation of initiator molecules [30]. Yet,
the pioneering research team of van Rijswijk at TUDelft managed to pro-
duce the very first thermoplastic blade structure through VI and in-situ an-
ionic polymerisation of epsilon-caprolactam into polyamide-6 in the early
2000s [30, 48, 49]. Despite the excellent mechanical properties of the ob-
tained part, the scaling-up of the process was strongly hampered by the
technical limitations mentioned above.

From the early 2010s, the French chemical company Arkema followed
a similar approach as the team of TUDelft, ultimately leading to the devel-
opment of Elium resins. These consist in a range of methyl methacrylate
(MMA)-based monomer formulas, into which a small amount of organic
peroxide initiator is added to trigger polymerisation. Elium formulas are
fluid enough at ambient temperature to allow processing by LCM. After
infusion, they polymerise through a free-radical polymerisation mecha-
nism which is less sensitive to moisture than anionic pathways [44, 46,
50–54]. Among the numerous vinyl monomers able to polymerise via a
free-radical mechanism, methyl methacrylate (MMA) was selected as the
main constituent of Elium for its nearly-unique depolymerisation potential
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(see section 2.2). This is a serious asset when it comes to the recyclability
of PMMA-based composites, as depolymerisation should allow separating
and recovering both high-purity MMA and full-length reinforcements [55,
56]. Moreover, recycled MMA obtained this way is similar to virgin MMA,
meaning that it could – in theory – be polymerised and recycled again an
infinite number of times.

ð
Note that two early attempts at producing long-fibre composites
from reactive MMA-based formulas had already been made be-
fore the creation of Elium in the early 1990s [57] and 2000s [58],
as reported in [36]. These studies relied on pultrusion and man-
ual prepregging processes, respectively, but did not result in any
industrial application to our knowledge.

2.5 Elium composites for wind energy: current state of the art

The first mention of fibre-reinforced Elium composites in the literature
dates back from 2015 [50, 59–62]. Since then, an increasing number of stud-
ies have been published on the topic every year, as described in the exhaus-
tive review by Obande [63]. While most of the published work focused on
the LCM applications of Elium composites, a few studies successfully ex-
plored alternative manufacturing routes such as pultrusion [64] or prepreg
consolidation [65]. Unless specified otherwise, the work cited in this sec-
tion deals with the Elium composites processed by LCM (in particular VI)
with an emphasis on wind turbine blade shell applications.

2.5.1 The Elium polymer
Before using Elium as a composite matrix, the formulation of the liquid
resin had to be adjusted in order to ensure compatibility with LCM pro-
cessing in terms of rheology (before and during polymerisation) and reac-
tivity (i.e. thermokinetic behaviour). The mechanical and thermal proper-
ties of the polymerised resin have only been marginally studied, as most
authors consider Elium to be identical to PMMA after polymerisation.

Formulation of the monomer part and initiating system
Pure MMA has a viscosity close to 0.6 mPa.s at 25 °C [66], i.e. three orders
of magnitude below the lower viscosity limit for allowing processing by
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LCM. Before using Elium as a composite matrix, the formulation of the
monomer part had to be adjusted. The strategy explored by Cousins [44]
consisted in dissolving PMMA chains into MMA, which allowed bene-
fiting from existing data on the rheological behaviour of PMMA/MMA
syrups [67]. Cousins explored the influence of the concentration and
molecular weight of the dissolved PMMA chains on the viscosity of
PMMA/MMA syrups in the absence of polymerisation reaction. Several
of the tested formulas allowed reaching a viscosity close to 0.15 Pa.s at
ambient temperature. However, despite having the same initial viscosity,
the selected formulas exhibited different thermokinetic behaviours during
polymerisation. Beyond validating the use of PMMA chains as a suitable
viscosifying agent for the Elium monomer, the work of Cousins revealed
that these could also be used to change the course of the polymerisation
reaction by, e.g limiting and/or delaying exothermicity [44].

Other minor attempts were made at modifying the formulation of the
Elium monomer, either for improving the processibility of the resin (e.g.
by reducing unwanted MMA evaporation during preparation and han-
dling [51]) or enhancing the thermal, chemical and/or mechanical prop-
erties of the Elium polymer (e.g. by adding exotherm control agents [68],
co-monomers of a different nature [46] or acrylic block co-polymers [69,
70]).

Finally, various peroxide-based initiating systems were considered for
triggering the in-situ polymerisation of MMA. To this end, the influence
of initiator content and processing temperature on, e.g., the polymerisa-
tion rate, exothermicity pattern and polymer chain length distribution was
extensively characterised and/or modelled for several systems [44, 46, 51,
62, 71–73]. Note that beyond relying on common, commercially-available
peroxide initiators, some authors like Zoller [62, 71] studied more com-
plex initiating systems, obtained e.g. by adding dedicated catalysts to the
MMA monomer formula [74]. The purpose of such studies was to offer
a wide range of Elium resins and initiating systems with different levels
of reactivity with respect to temperature, which composite manufacturers
could choose from depending on the desired application. As an example,
Figure 2.5 illustrates how the polymerisation time (at a given temperature,
here 105 °C) can be modified by several orders of magnitude by changing
the chemical nature and amount of peroxide initiator [71].
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Fig. 2.5 Influence of the chemical nature and amount of peroxide initiator
on the polymerisation time of Elium at 105 °C, adapted from Zoller [71].
Both experimental measurements and model predictions are shown.

More importantly, the work of Zoller [62, 71] also helped address an un-
met need from the wind industry (and other industry sectors producing
large composite parts) by providing the first infusion-grade resin able to
polymerise without external heating.

Mechanical and thermal properties of Elium polymers
Whatever the grade of Elium considered for LCM applications, the
monomer part consists of approximately 80 wt% MMA, the remaining 20
wt% being additives - in particular dissolved PMMA chains as mentioned
above. In theory, the material obtained after polymerisation should be
close - if not identical - to PMMA with respect to physical and chemi-
cal properties. Hence, in most cases, the authors working with Elium
composites implicitly or explicitly assume all Elium matrices to behave
like regular PMMA [46, 50, 54], whose mechanical properties are widely
available in the literature. To our knowledge, Pini [70] and Obande [63]
are the only authors who characterised and compared several grades of
Elium in terms of mechanical response. Additional work by Charlier [51]
and Murray [68] focused on a single grade of Elium, evaluating instead the
influence of minor changes in formulation (amount of peroxide initiator
or exotherm control agent, respectively) on the static mechanical response
of the resin. These various studies confirm that the mechanical properties
of infusion-grade Elium resins are not significantly different from one an-
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other nor from PMMA1. Charlier [51] characterised the thermal properties
of Elium via differential scanning calorimetry (DSC) and thermogravi-
metric analysis (TGA). The obtained glass transition and degradation
temperature values were also consistent with those expected for PMMA.
Finally, a dynamic mechanical analysis (DMA) study by Fontanier [46]
showed that the average value of the mass between chain entanglements
in Elium was consistent with values reported in the literature for PMMA.
According to the work presented above, it seems safe to conclude that
Elium resins, once polymerised, can be regarded as regular PMMA.

Note that a few studies compared the mechanical properties of PMMA
to epoxy resins, which are widely used in LCM processes. The term “epoxy
resins" covers a variety of different chemical formulas, resulting in a wide
range of possible (thermo)mechanical properties. Table 2.1 compares the
typical range of mechanical and thermal properties of epoxy resins to those
of PMMA, as given by Ashby [75]. There is an overlap between the range
of elastic properties of epoxy resins and PMMA, meaning that an epoxy
resin may or not outperform PMMA in terms of stiffness and yield strength
depending on the case.

Table 2.1 Typical range of mechanical and thermal properties for epoxy
resins and PMMA, as described by Ashby [75].

Property Epoxy resins PMMA

Young’s modulus E (GPa) 1.5-6 2.5-3.5

Yield strength σ0 (MPa) 40-80 60-100

Fracture toughness KIc (MPa.m0.5) 0.3-0.8 0.8-1.1

Maximum service temp. (°C) ≈ 180 ≈ 100

1apart from the particular case of Elium Impact, which contains acrylic block co-polymers
as a toughening agent (see section 2.5.1), and will not be further considered in this review.
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Tensile tests performed by Charlier [51] and Chilali [76] on Elium versus
DGEBA-based epoxy resin specimens revealed a marginal superiority of
the epoxy system in terms of elastic properties, but this conclusion should
not be generalised for the reason mentioned above and which also applies
- to a lesser extent - to Elium resins. However, due to their thermoplastic
nature, PMMA and Elium always demonstrate slightly higher toughness
values than epoxy resins and other thermosetting polymers [75, 76]. Note
that Kinvi-Dossou [53] performed Charpy impact tests on both Elium and
epoxy polymers, which revealed higher impact performances for Elium
(though impact toughness is not equal to fracture toughness, there is a pos-
itive correlation between these two parameters, see e.g. [77]). Last, Davies
[78] compared the tensile properties of Elium to a commonly-used epoxy
resin after hygrothermal aging. Elium demonstrated better strength reten-
tion than epoxy for the same level of moisture uptake, and fully recovered
its initial properties after complete drying.

Figure 2.6 provides an overview of the current state of the art on un-
reinforced Elium resins, and classifies the contributions mentioned above
by topic.
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2.5.2 Elium composites

Recyclability of Elium composites
As mentioned in sections 2.2 and 2.4, the unique macromolecular structure
of PMMA provides Elium-based composite materials with an extra recy-
cling option - thermal pyrolysis. This method adds up to the two recycling
routes already available for thermoplastic composites: mechanical grind-
ing and solvent dissolution. Starting from an Elium-based wind turbine
blade composite spar cap, Cousins [44, 79] compared the three recycling
methods in terms of energy consumption, economic relevance and ther-
momechanical properties of the recovered materials. Despite having the
highest energy requirements (4-20 MJ per kg of composite material) and
operating costs, dissolution was deemed the most efficient recycling route
in the case of Elium composites thanks to the complete preservation of (1)
polymer properties, including embedded energy and (2) fibre dimensions,
sizing and mechanical properties. Figure 2.7 presents some of the results
obtained by Cousins in this respect.

Fig. 2.7 Recycling glass fibre reinforced Elium composites by dissolution:
(a) principle of the method and nature of recovered materials, and (b) com-
parison of ultimate tensile “mass-normalised force σmax” values for virgin
fibres versus fibres recycled by dissolution. Adapted from Cousins [44].
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Surprisingly, pyrolysis was considered much less relevant from an eco-
nomic point of view, despite requiring a fraction of the energy input of
dissolution processes (1 MJ per kg). The proposed explanation relied on
the downgrading of fibre properties (length, sizing). However, note that
Cousins also considered the polymer matrix to be completely lost in the py-
rolysis process, which does not reflect reality, see section 2.4. Last, grinding
of Elium composites (followed by extrusion or injection-moulding) proved
an interesting compromise by combining the lowest processing cost with
excellent mechanical properties with respect to short fibre Elium compos-
ites made from 100 % virgin materials. Note that a fourth, innovative re-
cycling route was envisioned by Cousins for large parts made of Elium
composites: thermoforming [44]. As a proof-of-concept study, a protoype
skateboard was obtained by flattening a piece of spar cap, made of thick
glass fibre-reinforced Elium composites, sectioning the part parallel to fi-
bre orientation and thermoforming one of the obtained layers into the final
shape.

Fibre-matrix interface and interphase characterisation
The mechanical performances of fibre-reinforced composites at the
macroscale strongly depend on the quality of interfacial bonding, i.e.
on the adhesion between the matrix and individual fibres at the micro-
and nanoscales [80]. The interface properties of a composite part build
up throughout the manufacturing process. In the case of LCM, final
interfacial adhesion results both from a proper wetting of the fibres by
the liquid resin during infusion, and from the physical and/or chemical
interactions occurring between the fibres and matrix during curing or
polymerisation [80]. When a new resin system such as Elium is developed
for LCM applications, selecting commercial fibres having the “right”
surface properties for ensuring compatibility with the resin is thus of
utmost importance. Beguinel [52] characterised the surface energy of var-
ious commercial fibres (carbon and glass), as well as their wettability by
acrylic latexes having a similar composition as Elium. In parallel, Beguinel
[52] and Charlier [51] measured the interfacial shear strength (IFSS) of
different fibre-Elium matrix systems after polymerisation by relying on
the microbond test [81] (which consists in embedding a single fibre in a
droplet of resin and measuring the debonding force after polymerisation).
Both studies identified acrylic-based fibre sizings as particularly suitable
for the manufacturing of Elium composites [51, 52]. This result was
confirmed by Boufaida [50] via macroscale shear testing. Note that the
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values of IFSS reported by Charlier for acrylic-based fibre sizings were
close to 40 MPa, i.e. comparable to the IFSS values of most fibre-reinforced
epoxy composites.

The term “interface” refers to the 2D contact area between the fibre and
matrix materials, which may only be defined in terms of surface properties.
The concept of interphase, on the other hand, defines a 3D transition zone
of finite thickness extending from both sides of the interface, whose mate-
rial properties are distinct from those of the bulk fibre and matrix materials
[82]. Just like interface (surface) properties, interphase (material) proper-
ties have a significant impact on the macroscale mechanical response of the
composite. Many authors have attempted the characterisation of compos-
ite interphases at the micro- or nanoscales, as detailed in the introduction
of Chapter 7. However, no interphase characterisation results are available
for Elium-based systems in the literature apart from a small study by Bo-
ufaida [50]. The latter compared the DMA response of an Elium composite
to that of an unreinforced Elium resin. Using numerical homogeneisation
methods, the author explained the observed differences in storage and loss
modulus between the reinforced and unreinforced resin by the presence
in the composite of a 0.7-µm thick interphase region 50 % stiffer than the
bulk matrix. Boufaida then performed nanoindentation testing in the com-
posite matrix perpendicular to fibre orientation. From the results, he sug-
gested the presence of an irregular 1-µm thick interphase region around
the fibres, characterised again by a higher elastic modulus compared to the
bulk Elium matrix. However, the conclusions from these two experiments
should be considered with caution as (1) the homogeneisation model re-
lied on fitting parameters for improving correlation and (2) the apparent
stiffening of the matrix near the interface measured by nanoindentation
may only result from the proximity of the fibre material, as explained in
Chapter 7.

Mechanical properties of Elium composites
While studies dealing with the mechanical properties of unreinforced
Elium resins are scarce (see section 2.5.1), a large number of studies have
been published on the macroscale mechanical characterisation of glass [44,
50, 53, 54, 61, 76, 83–85], carbon [83, 86–91] and flax [65, 76, 92–94] fibre-
reinforced Elium composites as these are new to the composite industry.
The mechanical properties of Elium composites are often described from a
comparative point of view, using epoxy composites for benchmarking and
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the present section will follow a similar approach. However, differences
in fibre material, fibre volume fraction, fabric architecture, ply stacking
sequence and/or loading conditions often exist between the two resin
systems under comparison in the aforementioned studies. For this reason,
it remains difficult to draw definitive conclusions with respect to the
relative performances of epoxy and Elium composites, as reported by
Obande in a recent review [63]. Still, the following trends seem to emerge:

• Static testing. The longitudinal, transverse and shear properties of fibre-
reinforced Elium composites lie in the same range as their epoxy coun-
terparts, despite a consistent superiority of Elium composites in terms
of strength (from a few % to more than 10 % for longitudinal and trans-
verse testing configurations, depending on authors) [44, 61, 65, 76, 83,
84, 90]. As an example, Figure 2.8 (a) summarises the static test results
obtained by Obande [84] when comparing glass fibre reinforced Elium
versus epoxy composites. Note that Davies [83] also reported a better
retention of flexural and tensile properties for Elium composites after
hydrothermal ageing, especially in terms of strength (e.g. Elium and
epoxy composites respectively experienced a 30 and 60 % drop in flexu-
ral strength upon immersion).

• Damage and fracture behaviour, preferred failure modes. Elium com-
posites exhibit overall higher Mode-I [84, 88] (see Figure 2.8 (a)) and
Mode-II [91] interlaminar toughness values due to their ability to re-
sist crack propagation more efficiently. This is visible both from the
macroscopic load-displacement behaviour during the tests and from mi-
croscale fractography analyses, which reveal clear signs of plastic defor-
mation in the Elium matrix (e.g. crazing or ductile drawing, see Fig-
ure 2.8 (b)) and crack arrest mechanims (e.g. crack deflection) while
epoxy fails in a brittle manner [84, 88, 91]. Flexural test results yield
similar conclusions with respect to the differences in damage behaviour
between both composites before final compressive failure is observed
[84, 90].

• Impact resistance. As briefly mentioned in section 2.5.1, impact test re-
sults should be considered with caution when it comes to comparing
fracture toughness and damage behaviour between two systems. Only
part of the impactor energy is actually used to create fracture surfaces
(absorbed energy), while the rest is dissipated (e.g. through elastic de-
flection) [54, 85, 89]. Overall impact performance in composites is thus
a complex combination of damping and damage resistance properties,
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which not only depends on the nature of the matrix, but also on fibre
material and orientation, ply thickness and impact strain rate [54, 85,
89]. For this reason, there is still a lack of consensus with respect to the
correct way to compare impact performances between Elium and epoxy
composites, see e.g. [53, 63, 85, 87]. We will focus on the conclusions
of Bhudolia, who relied exclusively on energy criteria [87] to decouple
the individual contributions of damping and damage behaviour for each
impact test. Bhudolia’s conclusions are the following: (1) Elium compos-
ites demonstrate strain rate sensitivity unlike epoxy composites, i.e. they
exhibit better impact performance at higher energies (as shown also by
[54]), (2) Elium composites can withstand higher-energy impacts before
final failure with respect to their epoxy counterparts. This results from
a combination of better damping properties [95] and tolerance to ductile
damage for Elium composites, (3) contrary to epoxy composites which
fail in a catastrophic, brittle manner. Note that these three conclusions
could be expected, given the inherent higher toughness of thermoplastic
polymers compared to thermosets, see section 2.5.1.

• Fatigue properties. The fatigue properties of glass fibre-reinforced
Elium and epoxy composites have been compared by Davies [83], as
part of the hygrothermal ageing study mentioned above. Both unaged
specimens experienced similar evolutions of the maximum allowable
fatigue stress up to 105 cycles, under tensile and flexural loading. Upon
immersion in saltwater until complete saturation, Elium composites
systematically presented a lower level of moisture uptake than their
epoxy counterparts (up to 3 times lower at 60 °C) as well as significantly
better retention of their tensile and flexural fatigue properties (e.g.
Elium and epoxy composites respectively experienced a ≈ 27 and ≈ 45
% drop in flexural fatigue strength upon immersion).

Additionally, multiscale mechanical models have been developed by
Boufaida [50] and Kinvi-Dossou [53] for predicting the quasi-static and
fracture behaviour of Elium woven laminates at the macroscale. While
the modelling approaches were different, relying respectively on Fourier
series [96] and classical finite element (FE) algorithms, both studies made
use of homogeneisation methods to obtain the mesoscopic behaviour of
the composite, i.e. the mechanical response of a unidirectional fibre tow,
from the constitutive laws of PMMA and fibre materials.
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(a)

(b)

Fig. 2.8 Obande’s [84] work on the mechanical characterisation of glass
fibre (GF) reinforced Elium and epoxy composites, including (a) compari-
son of static properties and (b) fractography images following Mode-I in-
terlaminar fracture testing.
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The mesoscopic model was then integrated into a macroscopic model con-
sisting of one or several woven plies. Boufaida [50] simulated the in-plane
shear loading of a single ply, confirmed that the predicted areas of stress
concentrations were consistent with experimental failure locations. Kinvi-
Dossou [53] simulated the behaviour of a laminate (with intra- and in-
terlaminar damage criteria) subjected to low-velocity impact testing. The
model gave reasonably accurate predictions of the damage development
patterns, absorbed energy and load values before fracture observed exper-
imentally.

While the macroscale mechanical behaviour of Elium composites
has been extensively characterised and modelled as described above, the
micro- and nanoscale mechanical response of these materials remains
virtually unknown.

Weldability of Elium composites
The outer shell of wind turbine blades is mainly composed of glass
fibre-reinforced composites, as illustrated by Fig. 2.3. The final, hollow
structure is obtained by bonding together two identical composite halves,
which are manufactured separately via infusion. While adhesives have
been used so far to assemble the structure, thermoplastic composite shells
could - in theory - be simply welded together instead. This possibility is
now being explored for Elium-based composites, in particular by Murray
[31] and Bhudolia [32, 33]. Several fusion welding techniques were first
investigated, namely ultrasonic [32, 33], resistance or induction [31]
welding. All composite joints proved superior to classical adhesive joints
in terms of static and fatigue lap-shear strength [31–33], although further
work is needed before a prototype blade can be assembled this way. These
preliminary results are particularly promising as the primary reason for
blade failure is the debonding of adhesive joints [31].

Polymerisation thermokinetics in Elium composites
As mentioned in section 2.3, the polymerisation of MMA is prone to self-
acceleration leading to a sharp temperature rise in the reaction medium.
The thermokinetic behaviour of bulk MMA polymerisation is now well un-
derstood, as a number of modelling studies have been performed in this
regard (see e.g. [62]). Existing models may not, however, apply to MMA
polymerisation within a dense fibrous preform and only one attempt has
been made so far at modelling the in-situ polymerisation of MMA in thick
composite laminates [97]. This matter is crucial for enabling the industrial
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scale-up of the Elium technology as (1) composite manufacturers request
quantitative information with respect to the resin behaviour during pro-
cessing (e.g. open time, optimum processing temperature) and (2) ther-
mal runaway may result in the formation of voids in the composite ma-
trix, if the temperature exceeds the boiling point of the remaining MMA
monomer (e.g. 101 °C at 1 bar).

Manufacturing defects and preform thickness
Composite materials manufactured by LCM may contain various man-
ufacturing defects, in particular voids, whose consequences on the
mechanical properties of the laminates are unpredictable, see Chapter
3. In the case of Elium composites, the main source of void formation
is through monomer boiling during the in-situ polymerisation step as
explained above. This problem has been mentioned in several studies
dedicated to the LCM processing of Elium composites [44, 50, 51, 68, 98],
but never addressed except by Murray [68] via the addition of an exotherm
control agent to the monomer formula. Other physical mechanisms may
trigger cavitation during the manufacturing process, e.g. chemical or
thermal shrinkage (cf. Chapter 5), but those have not been explored either
for Elium composites. Micrographs of Elium composites containing voids
are presented in Figure 2.9. These images were taken by Charlier [51] and
Hemmer [98] for highlighting the presence of intra-tow and/or inter-tow
porosity in Elium composites processed by LCM. Surprisingly, thick (≥ 1
cm) composite panels (which are used for manufacturing wind turbine
blade shells), seem to be especially sensitive to cavitation [68, 98]. Unusual
void patterns have even been observed e.g. by Hemmer [98] across the
thickness of an Elium laminate, see Figure 2.9 (b). Apart from this small
study, the overall influence of preform thickness on the homogeneity of
Elium composite parts (in terms of porosity distribution, physical and
chemical properties) has not been investigated either.
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Fig. 2.9 Void patterns observed in glass fibre reinforced Elium compos-
ites produced by infusion (a) at the ply level [51], and (b) through the thick-
ness of a 25 mm laminate [98]. Red circles and yellow arrows have been
added to Fig. (a) in order to indicate intra- and inter-tow voids, respec-
tively. Note that only inter-tow voids are visible in Fig. (b).
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2.5.3 Conclusions
Similarly to Figure 2.6 dealing with Elium resins, Figure 2.10 provides an
overwiew of the current state of the art on fibre-reinforced Elium compos-
ites. The pending research questions - which are depicted in red in both
figures - stand out clearly; these are listed below as a reminder.

�
Pending questions

• Q1 - What are the mechanism(s) leading to void formation during
the manufacturing of thick Elium composites by vacuum infusion?
At which stage(s) of the process do they take place and what
triggers them?

• Q2 - Does preform thickness have an influence on the homogeneity
of Elium composite parts, during processing and with respect to
their final properties?

• Q3 - What is the thermokinetic behaviour of Elium composites
during in-situ polymerisation within a fibrous preform? Is it any
different from what is already known about the bulk
polymerisation kinetics of Elium?

• Q4 - What is the mechanical response of Elium composites at the
constituent level, i.e. at the micro- and nano-scales, including the
fibre-matrix interphase region?
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3
Top-down preliminary exercise on

thick Elium composites

This chapter is an extended version of the conference paper entitled
Relationship between processing parameters and mechanical properties of thick
glass fibre reinforced thermoplastic methacrylic composites by S. F. Gayot, C.
Bailly, T. Pardoen and P. Gérard, published in 2019 in the Proceedings of
the 7th ECCOMAS Thematic Conference on the Mechanical Response of
Composites, Girona, Spain.

Preamble: This phenomenological study has been conducted at the very
beginning of the PhD as part of a “top-down” approach, which aimed at
better identifying and understanding the key technological challenges met
by Arkema, and at quantifying the impact and amplitude of porosity as
a function of processing conditions. This work has set the basis for more
fundamental developments, which are reported in the next chapters.
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3.1 Introduction

Little is known about the behaviour of thick composite parts, whose main
application is the manufacturing of wind turbine blades via vacuum infu-
sion. This work explores the relationships existing between the processing
conditions, physico-chemical state of the matrix and mechanical proper-
ties of 7-cm-thick glass fibre reinforced Elium composite plates at both the
micro- and macroscopic scales. Differences in the processing temperature
were related to changes in porosity distribution and morphology along the
thickness direction. The influence of voids on the mechanical response of
the laminate was studied, and chemical and micromechanical characteri-
sation of the matrix was performed in order to provide some insights into
the course of the in-situ polymerisation reaction.

3.2 Materials and experimental methods

3.2.1 Materials
Composite preforms were made from quasi-unidirectional non-crimp
glass fabric plies (Chomarat, France) with an areal weight of 1.03 kg.m−2

(85 % warp and 15 % weft). The resin comprised an infusion-grade
monomer formula (Elium 191 OSA of Arkema, France) combined with
a ketone peroxide thermal initiator (Luperox K10 of Arkema, France).
The Elium 191 OSA mixture contains MMA monomer with 20 to 30
wt % acrylic copolymer chains, which serve as a viscosifying agent. The
consumables for bagging and infusion were obtained from Diatex SAS
(France).

3.2.2 Preparation of composite specimens
Composite plates were manufactured via vacuum-assisted infusion using
the setup illustrated in Figure 3.1. Preforms were produced by laying up
90 glass fabric plies onto a heating mould. Two sets of manufacturing con-
ditions, corresponding to plates A and B, were explored. These conditions
differ in heating mould set temperature as detailed in Table 3.1. Each fab-
ric stack was sealed with a vacuum bag and prepared for resin infusion.
A thermocouple was placed on top of the bag (close to location x = w/2,
y = h and z = L/2, see Figure 3.1) and secured with sealant tape. Note that
for plate B only, a second thermocouple was placed between the mould and
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the bottom peel-ply layer (at location x = w/2, y = 0 and z = L/2), and
a coupled temperature and viscosity sensor (Optimold sensors by Synthe-
sites [99]) was also inserted within the preform (at x = w/2, y = h/2 and
z = L/2)), see Figure 3.1.

Fig. 3.1 Experimental setup used for the vacuum infusion of plates A
and B (h = 73 mm, L = 60 cm, W = 40 cm) with associated coordinate
system.

Table 3.1 Additional characteristics of composite plates A and B

Experimental conditions A B

Processing temperature RT
Infusion at RT,

then heating at 50 °C
(0.5 °C/min ramp + 30-min plateau),

Plate dimensions h = 73 mm, L = 60 cm, W = 40 cm

Laminate structure 90 quasi-UD plies, [(0warp/90weft)45]s
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The resin mix was made with three parts initiator per hundred parts
resin, mechanically stirred for 5 min, and then degassed for 1 min at a pres-
sure close to 100 mbar. Infusion tests were conducted in the z-direction
(i.e. parallel to fibre tow orientation), at a pressure close to 100 mbar and
at room temperature (RT). The resin inlet and vacuum line were clamped
shut at the end of the infusion process. Then, for condition B, the infused
preform was heated via the heating mould from RT to a set temperature
equal to 50 °C as described in Table 3.1. The polymerisation of plate A
occurred without any external heating. Upon completion of the polymeri-
sation reaction, each plate was left to cool down to RT and demoulded.
Final fibre volume fractions were close to 0.5.

Plates A and B were machined using a water-cooled disk milling cut-
ter. Two smaller samples of approximate dimensions 150 × 25 × 65 mm3

were first extracted1 and named after their respective plates. These were
downsized into 5 rectangular pieces as depicted in Figure 3.2 (a), and fur-
ther divided into smaller specimens when needed. In particular, 5 layers
were cut out from subparts a, b and c along the y-axis. The corresponding
sectioning diagram and final nomenclature of all specimens are provided
in Figure 3.2 (b).

1with fibre tows oriented perpendicular to plane (yoz) in sample A, and perpendicular to
plane (yox) in B
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Fig. 3.2 (a) First sectioning diagram of composite plate samples, exem-
plified in the case of sample A, and (b) final sectioning diagram applied,
from left to right, to subparts a to d, and associated nomenclature indi-
cating specimen location with respect to the y and z-axes. Note that only
a few specimens were labelled (in red) for the sake of clarity, the logic of
numerotation should be self-obvious from the provided examples.
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3.2.3 Mechanical characterisation

Specimens b11, b21, b31, b41, and b51 were tested by nanoindentation us-
ing an Agilent G200 Nanoindenter, equipped with a Berkovich diamond
tip and a standard XP head. The composite surfaces perpendicular to fibre
tow orientation were roughly polished using resin-bonded diamond discs
with successive grit of 1, 200 and 4, 000, and finished using a polishing cloth
coated with a 0.3-µm alumina suspension. Indents were performed in Con-
tinuous Stiffness Measurement (CSM) mode in the large matrix pockets be-
tween fibre tows. The Oliver and Pharr method [100] was used to calculate
the indentation modulus and hardness values. For each specimen, about
30 indents were performed with a maximum penetration depth of 2, 000
nm. Due to the so-called “indentation size effect”, modulus and hardness
values were observed to fluctuate at penetration depths below 1,000 nm,
before reaching a plateau. Note that the size effect is often observed in
polymeric materials and is thought to have multiple origins (e.g. residual
stresses, plastic strain gradient effects, tip blunting, friction, incorrect as-
sessment of the contact area at small depths, etc. [101]). For this reason,
the nanoindentation measurements obtained at penetration depths below
1,000 nm were discarded from the study.

Fig. 3.3 A speckled composite specimen after installation in the compres-
sion setup.
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Additionally, macroscopic transverse compression tests were carried
out on specimens c11, c21, c31, c41, and c51 along the y-direction. Prior to
mechanical testing, each specimen was polished perpendicular to fibre ori-
entation and imaged by optical microscopy (see section 3.2.6). A black
and white speckle pattern was then applied onto the polished surfaces us-
ing spray paint, in order to enable digital image correlation (DIC) analysis
of the strain fields during compression testing. The speckled specimens
were installed on a Zwick-Roell screw-driven universal testing machine
equipped with a 250 kN loading cell and a compression subpress (WTF-
SP, Wyoming Test Fixtures), as illustrated by Figure 3.3. All compression
tests were performed at RT, with a constant crosshead speed equal to 0.1
mm.min−1. Teflon films were inserted between the specimens and the sub-
press platens to minimise friction, as advised by Morelle [102], see Figure
3.3. Displacements along the y-direction were measured and further cor-
rected with respect to machine compliance. In parallel, photographs of the
speckled surface were taken every 5 seconds during each test to enable DIC
analysis.

3.2.4 Chemical analysis
Specimens a12, a22, a32, a42 and a52 were characterised by size exclusion
chromatography (SEC), in order to assess chain length distribution in
the Elium matrix across the thickness of the plates. SEC analyses were
carried out using a Waters Alliance 2695 device equipped with 2 PLgel
Mixed-B columns (300 × 7.5 mm, 10 µm) and the following detectors: a
Waters 2487 UV-spectrophotometer (set at 254 nm) and a Waters 2414
refractometer. Polystyrene standards with molecular weights ranging
from 580 to 6, 870, 000 g.mol−1 (Easivial PS-H by Agilent) were used
for calibration. Composite specimens were then prepared for analysis
as follows. Each specimen was dissolved in 40 mL spectroscopic grade
tetrahydrofuran (THF, HiPerSolv Chromanorm, BHT-stabilised by VWR)
for 24 hours, at RT and under magnetic stirring. The obtained solution was
diluted 10 times in THF and filtered on a 0.45-µm Teflon membranes. THF
was used as the elution solvent and injected at a flow rate of 1 mL.min−1.
The injection volume for each sample was equal to 100 µL.

The amount of residual methyl methacrylate (MMA) monomer in
composite specimens a11, a21, a31, a41, and a51 was measured by High-
Pressure Liquid Chromatography (HPLC). Measurements were performed
at 40 °C on a Waters Alliance 2695 equipped with a Waters Sunfire C18 col-
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umn (100 × 4.6 mm, 3.5 µm), a pre-column and a Waters 2998 PhotoDiode
Array detector. Calibration standards of MMA (99 % stabilised, by Acros
Organics) were prepared in THF with MMA concentrations ranging from
12.5 to 250 µg.mL−1. Composite specimens were then dissolved in 100
mL THF/methanol 20/80 v/v for 24 hours at RT, under magnetic stirring.
All solutions were filtered on 0.45 µm Teflon membrane. For the HPLC
analysis, the mobile phase consisted of water, acetonitrile and buffer (1 %
v/v phosphoric acid in water) using a gradient programme from 25 to 90
% v/v acetonitrile for 5 min and a constant 10 % v/v of buffer solution.
The flow rate was equal to 1 mL.min−1 while the injection volume was
5 µL. Each MMA solution was analysed twice. Spectroscopic grade THF
(Rotisolv, unstabilised, by Roth), methanol, acetonitrile and phosphoric
acid were used (HiPerSolv Chromanorm by VWR), while ultrapure water
was obtained with a Puranity 15UV device (VWR).

3.2.5 Thermal analysis
The glass transition temperature Tg of the Elium matrix was measured by
Differential Scanning Calorimetry (DSC) in specimens a13, a23, a33, a43 and
a53. A hammer was used to delaminate each composite platelet into 15 to
20-mg flakes, two of which were placed into sealed crucibles. A heating
ramp from 30 to 150 °C was applied, followed by a cooling ramp from
150 to 30 °C. The heating and cooling rates were equal to 10 °C.min−1.
This temperature cycle was performed twice, under a nitrogen flow (50
mL.min−1). Tg values were measured by applying the peak differential
heat flow method during the second heating ramp.

3.2.6 2D and 3D imaging
Porosity patterns in plates A and B were first studied by microscopy. Op-
tical images of specimens c11, c21, c31, c41, and c51 were taken before com-
pression testing (see section 3.2.3) and the void surface fraction was deter-
mined through image processing with the open-source software ImageJ.

Specimens d1 were subjected to X-ray Computed Tomography (XCT)
analysis on a Phoenix Nanotom S XCT system (GE Inspection Technolo-
gies). The specimens were mounted on a holder, with the y-axis aligned
along the rotation axis of the rotation stage. 360◦-tomographic projections
were acquired with a 0.15◦ step, and the X-ray source voltage and current
values were respectively set at 110 kV and 270 µA. The target material con-
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sisted of tungsten-coated synthetic diamond, and 0.2 mm-thick copper and
aluminium filters were installed to harden the beam. Scans were acquired
at different positions along the y-direction, respectively near the bottom,
middle and top parts of the specimens. The isotropic voxel resolution was
equal to 7.5 µm, i.e. smaller than the diameter of the elemental glass fibres
(≈ 15 µm). The exposure time was set to 500 ms and the fast scan mode
was activated, leading to a total scan time of 20 minutes. The Datos|x
software was used for reconstructing the 3D scans and exporting the 2D
cross-sectional images of each specimen, while further image processing
was performed with MATLAB (R2016b) and Avizo (2019.1). More pre-
cisely, a double threshold hysteresis function was first applied with MAT-
LAB to isolate the voids, and 3D renderings of specimen microstructure
and porosity patterns were generated in Avizo.

3.3 Results and discussion

3.3.1 Thermal behaviour of the laminate during in-situ polymerisation
Figure 3.4 shows the temperature profiles recorded during the in-situ poly-
merisation of plates A and B. As mentioned previously, plate A only had
one surface thermocouple, while plate B was equipped with two additional
sensors located underneath the preform (at y = 0) and at mid-thickness (at
y = h/2), see Fig. 3.1. All curves exhibit a sharp temperature peak which is
characteristic of the gel effect occurring during MMA polymerisation, see
Chapter 2. Note that the polymerisation reaction is considered complete
as soon as the maximum temperature has been reached. Comparing the
surface temperature plots of A and B, which are depicted in green in Fig-
ure 3.4, it appears that plate B experienced the gel effect first (at t ≈ 4 h,
versus t ≈ 7 h for plate A). The maximum surface temperature was also
higher for plate B, reaching 115 °C at the peak while that of plate A was
close to 90 °C. The core and mould temperature profiles of plate B, which
are respectively depicted in pink and blue in Figure 3.4, provide insight
into the timeline of events across the thickness of plate B. The sharp tem-
perature rise, which is symptomatic of the gel effect, occurred first near the
mould (at y = 0), then in the middle of the laminate (at y = h/2), and
finally in the top part. Additionally, the three temperature profiles of plate
B have different shapes: they become sharper as y increases. The tempera-
ture values at the maximum are also higher as the sensors are located closer
to the surface of the plate. Recall that the boiling point of MMA is equal
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to 101 °C at atmospheric pressure, cf. section 2.5.2. The pressure within
the vacuum bag is below 1 bar, i.e. the locations at which temperature val-
ues above (or equal to) 101 °C were recorded have definitely experienced
monomer boiling. This is the case for the middle and top parts of plate
B, and probably also for the bottom part (whose maximum temperature is
exactly equal to 101 °C). It is more difficult to draw definitive conclusions
for plate A, whose only sensor was placed outside of the laminate. The
poor thermal conductivity of the bagging material could lead to a slight
underestimation of the surface temperature value with respect to reality.

Fig. 3.4 Temperature profiles recorded in plates A (dashed line) and B
(full lines) during the in-situ polymerisation of Elium, at different locations
along the y-axis. The grey-shaded area corresponds to temperature values
equal to or exceeding the boiling point of MMA at atmospheric pressure,
i.e. 101 °C.
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As plates A and B share the exact same features in terms of preform
properties, resin formulation and processing conditions, except for the
temperature programme applied to the mould (see Table 3.1), it seems
clear that the latter is responsible for the differences in thermal behaviuor
mentioned in the previous paragraph. While A was infused and left to
polymerise at RT, B was also infused at RT but then slowly heated up to
50 °C during polymerisation. It is not surprising that the onset of the gel
effect was observed sooner in B, as heating is known to accelerate most
chemical reactions (their rate constant depends on temperature via the
Arrhenius equation [103]). What we could not predict, however, is the
35-°C difference in peak surface temperature between plates A and B,
which implies that the overall intensity of the gel effect also depends on
the processing temperature. For plate B, the increase in peak sharpness
and maximum temperature value as y increases suggests that the gel effect
also became more and more intense as it occurred closer to the surface -
but this remains to be confirmed.

3.3.2 Characterisation of porosity patterns in the composite
A first assessment of void content along the thickness direction of plates A
and B was made from the optical micrographs of specimens c11, c21, c31, c41,
and c51 (see section 3.2.3), some of which are displayed in Figure 3.5. While
the porosity seems to be close to zero in plate A, plate B displays a gradi-
ent of void size and distribution along the y-axis. More precisely, more
and larger voids are observed as y increases. Through image processing,
the approximate areal fraction of the voids in plate B was estimated to be
around 2.7 % for specimen c11, 5.4 % for c31 and 10.1 % for c51. These values
include both macrovoids (which we define here as voids whose smallest
dimension exceeds 100 µm) and microvoids (i.e. the others), though only
macrovoids are visible in Fig. 3.5 given the limited picture size.

The XCT analysis of A and B confirmed the results obtained by optical
microscopy. As illustrated by Figure 3.6, a gradient of porosity is also ob-
served along the y-axis of plate B, and the calculated void volume fractions
Φ are in the same order of magnitude as the areal fractions obtained from
optical micrographs. Concerning plate A, XCT scans reveal the presence
of a very small (Φ ≈ 0.15 vol %) amount of randomly-distributed poros-
ity. Last, the XCT analysis indicates that the vast majority of the observed
voids are macrovoids in both plates. These are exclusively located in ma-
trix pockets, i.e. in the spaces in between two fibre tows from the same ply
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or in the narrower inter-ply area. In plate B, the longest dimension of the
voids ranges from 500 µm to 3 mm. Their shape changes from discontin-
uous, ellipsoidal cavities to continuous channels running in between fibre
tows as y increases, see Fig. 3.6. This observation leads to the assumption
that 3D porosity (Φ) values are reasonably close to the 2D areal fractions
measured via optical microscopy, especially as porosity increases.
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Fig. 3.5 Optical micrographs of (a) plate A and (b) plate B cross-sectional
specimens extracted at various locations along the y-axis.

y
Bottom                  Middle                     Top

7.704.990.32

Φ
(vol %)

Fig. 3.6 3D volume rendering of void patterns across the thickness of
plate B in (from left to right) the bottom, middle and top third of the lami-
nate, with associated porosity Φ.
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3.3.3 Chain length distribution and residual monomer content in Elium

The molecular weight (MW) distributions of PMMA chains along the y-
axis of plates A and B are displayed in Figure 3.7. Peak heights, which
are related to the amount of matrix in the specimens analysed by SEC,
have been normalised. In both plates, a unimodal distribution of molecular
weights is observed. Number- and weight-average molecular weight val-
ues Mn and Mw range between 1.5-2 and 2-3.5× 105 g.mol−1, respectively,
i.e. more than ten times the critical mass between entanglements of PMMA
(104 g.mol−1). This is enough to reach the expected level of mechanical
properties for the Elium matrix in both plates [104]. The polydispersity
index Ip is close to 4 for all specimens. Note that Ip values significantly
higher than 2 are characteristic of uncontrolled free-radical polymerisation
reactions prone to the gel effect (see e.g. [105]). The values of Mn, Mw

and Ip mentioned above are consistent with previous work on the bulk
free-radical polymerisation of MMA in Elium resins [51].

Fig. 3.7 Molecular weight distributions determined by SEC for plates (a)
A and (b) B at different locations across the thickness direction, alongside
with the calculated values of Mn, Mw and Ip for each specimen.
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However, subtle differences can be observed in Figure 3.7 between the MW
distributions of plates A and B. While MW distributions seem quite homo-
geneous across the thickness of plate A, see Figure 3.7 (a), those of plate B
get narrower and shift towards lower Mw values as y increases, see Figure
3.7 (b). The mean values of Mn and Mw are also significantly lower in B,
compared to A. In his work on Elium resins, Charlier [51] related variations
in gel effect intensity to changes in final MW distributions. He concluded
that (1) a more acute gel effect leads to shorter PMMA chains and (2) heat-
ing the polymerisation medium has an impact on gel effect intensity. These
statements are not only consistent with the SEC results presented above for
plates A and B, but also with the assumptions made from the temperature
profiles in section 3.3.1. These suggested a more intense gel effect in plate
B than in plate A and, in the case of B, an increase in gel effect intensity as
y increases.

Fig. 3.8 Weight percentage of residual MMA in Elium along the y-axis
of plates A (grey) and B (red). Each bar plot is obtained by averaging the
results of two analyses, whose values are displayed via the error bars.
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Figure 3.8 shows the amount of residual MMA found in the Elium ma-
trix along the y-axis of plates A and B. Both parts contain a non-zero pro-
portion of MMA, which is expected for a free-radical polymerisation reac-
tion experiencing the gel effect. The latter is not per se responsible for the in-
complete monomer conversion, but triggers the onset of another diffusion-
controlled regime known as the glass effect: monomer diffusion towards
macroradicals progressively stops before full conversion is reached, see
Chapter 4. The extent of the temperature surge during MMA polymerisa-
tion partially dictates the final monomer content: the higher the peak tem-
perature, the more delayed the glass effect (as high temperatures promote
molecular motion) and thus the lower the amount of residual MMA in the
material. This explains why plate B, which experienced higher tempera-
tures than A during in-situ polymerisation, contains between 3 and 8 times
less residual MMA than plate A depending on the location along the y-
axis. On the other hand, the smaller variations observed within each plate
do not have a straightforward interpretation. While the maximum temper-
ature value does have a significant effect on residual monomer content, it
cannot explain everything, e.g., why more residual monomer is found in
plate B as y increases although the evolution of peak temperature values
along y should yield the opposite trend.

3.3.4 Thermal properties
The glass transition temperature Tg values measured by DSC across the
thickness of plates A and B are presented in Table 3.2. Recall that each com-
posite specimen was crushed into flakes, two of which were subjected to
DSC analysis separately. The corresponding Tg measurements are referred
to as Tg,test1 and Tg,test2 in Table 3.2. The mean values of Tg in plates A and
B are very close, both around 97 °C. The variations in Tg values along the
y-axis of each plate are not considered significant for three reasons. First,
they do not exceed plus or minus 2 °C with respect to the mean Tg value of
the plates. Second, Tg values seem to have a random evolution along the
y-axis (i.e. they do not constantly increase or decrease along y). Finally -
and perhaps more importantly -, the fluctuations observed along y in both
plates are of the same order of magnitude as those observed between tests
1 and 2 for a single specimen, see e.g. the case of a23 in plate A. This lack
of precision in DSC measurements is attributed to the poor thermal con-
tact between DSC crucibles and glass fibre composite flakes, which are not
perfectly flat and have a low thermal conductivity (close to 0.5 W.m−1.K−1
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[75]). The resulting thermal inertia makes it impossible to capture small
changes (less than a few °C) in the glass transition temperature of the anal-
ysed composite specimens, but would still allow highlighting large varia-
tions (e.g. greater than 5 °C). Hence, we can conclude that the differences
in thermal behaviour within and between plates A and B, if they exist, are
small. This is consistent with the fact that all tested specimens contain al-
most fully-polymerised PMMA with high MW values (above 105 g.mol−1).

Table 3.2 Glass transition temperature Tg values measured by DSC along
the y-axis of plates A and B. Tests 1 and 2 correspond to two different sam-
ples from the same specimen (e.g. a13).

PLATE A PLATE B

Tg, test 1 (°C) Tg, test 2 (°C) Tg, test 1 (°C) Tg, test 2 (°C)

a53 97.3 97.4 95.4 96.6

a43 98.0 96.1 98.8 97.6

a33 96.1 98.0 99.8 97.3

a23 97.9 94.5 98.9 96.9

a13 97.6 96.8 98.4 97.4

Mean plate 97.0 97.7

| 53



3 | Top-down preliminary exercise on thick Elium composites

Note that the measured Tg values, which are close to 97 °C, are surpris-
ingly low compared that the expected value for PMMA containing 1-2 wt%
residual MMA. Looking at Figure 3.9, which shows the evolution of the
glass transition temperature of PMMA as a function of residual monomer
content, one could have expected Tg values at least equal to 100 °C for
plates A and B. However, several authors [106, 107] have already reported
a 3-to-5 °C drop in the Tg values of fibre-reinforced composite matrices,
compared to those obtained from bulk polymers. They attributed this ob-
servation to the presence of a sizing at the surface of the fibres, which in the
case of Elium could act as a second plasticiser in addition to residual MMA.
The main components of glass fibre sizings, in particular, are low molec-
ular weight film-forming polymers, which may diffuse into the composite
matrix during liquid moulding processing [108]. These sizings generally
account for 0.5 to 1.5 % of the total weight of glass fibre rovings, which
may not be negligible for composites with high fibre volume fractions like
plates A and B (see section 3.2.2).

0.98

Fig. 3.9 Variation of the glass transition temperature Tg of a
PMMA/MMA mixture as a function of the mass fraction ωp of PMMA,
adapted from Fontanier [46]. The dashed and full black lines respectively
indicate the cristallisation and melting temperatures of MMA.
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3.3.5 Micromechanical response of the composite matrix
The results of nanoindentation testing performed in the Elium matrix
pockets along the thickness of plates A and B are presented in Figure
3.10. The distributions of modulus and hardness values obtained for each
specimen (from approximately 30 indents, see section 3.2.3) are displayed
as box plots. Both plates exhibit overall similar hardness (≈ 300 MPa) and
modulus2 (≈ 5.5 GPa) values, meaning that the mechanical properties of
the composite matrix do not depend much on the processing temperature.
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Fig. 3.10 Elastic modulus and hardness of the Elium matrix measured
by nanoindentation along the y-axis of (a), (c) plate A and (b), (d) plate B,
respectively.)

2Note that the indentation modulus of Elium is higher than the Young’s modulus of Elium
obtained from static testing (≈ 3 GPa [70]). These two parameters are not calculated the same
way, although they are often used interchangeably.
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Looking at the results in more details, slight variations are still notice-
able between A and B, as well as along the y-axis of both plates. First,
plate B exhibits hardness values 10 to 15 % higher than plate A, see Figures
3.10 (c) and (d). Second, the properties of plate A significantly vary across
the thickness, with lower modulus and hardness values obtained in spec-
imens b11 (i.e. close to the mould) and b51 (i.e. close to the vacuum bag),
see Figures 3.10 (a) and (c). These two obervations may be related to the
differences in residual MMA content presented in section 3.3.3. As men-
tioned above, residual MMA acts as a plasticiser for PMMA. Recall that the
overall amount of residual monomer in B is much lower than in A, which
could explain why hardness values are higher in B. The same reasoning ap-
plies to the variations in nanoindentation results along the y-axis of plate
A; more residual MMA was found near the mould (in specimen a11) and
close to the surface (in a51), which also corresponds to the locations where
lower hardness and modulus values were measured.

3.3.6 Influence of porosity on transverse compression response
The results of macroscopic compressive tests are presented in Figure 3.11
as well as Table 3.3. As described in sections 3.3.3 to 3.3.5, the chemical
and physical properties of the Elium matrix are broadly similar in plates A
and B, and relatively homogenous along the y-axis in both cases. Hence,
any difference in the compressive behaviour of the composite specimens
likely results from differences in porosity. The comparison of Figures 3.11
(a) and (b) highlights the detrimental impact of voids on the mechanical re-
sponse of the composite material. Plate A, which is virtually free of voids,
exhibits overall higher Young’s modulus E and first fracture stress σf val-
ues than plate B, which contains a significant proportion of voids. The
calculated values of E and σf are presented in Table 3.3, alongside with the
corresponding void surface fractions estimated from optical micrographs
in section 3.3.2. In plate A, the E and σf values of specimens c11 and c41
are close to 7 GPa and 250 MPa, respectively (c51 exhibits slightly inferior
properties as a result of a sectioning defect: the specimen is not exactly
cubic). On the other hand, the compressive properties of plate B degrade
significantly as the void fraction increases. Note that the E and σf values of
specimen c51, which contains 10 % porosity, are twice lower than those of
plate A specimens. These observations lead to the (unsurprising) conclu-
sion that the higher the porosity in the composite specimens, the stronger
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the drop in their mechanical properties compared to a void-free specimen
- except for the fracture strain ϵf value, which does not seem to be affected
by porosity and ranges between 0.05 and 0.07 in all A and B specimens.

Fig. 3.11 Stress-strain curves obtained from the transverse compression
testing of composite specimens extracted from plates (a) A and (b) B.

Table 3.3 Young’s modulus E, fracture stress σf and void surface fraction
of Elium composite specimens subjected to transverse compression paral-
lel to the y-axis. For specimen c51 of plate A, the values of E and σf are not
considered representative.

Plate Specimen E (GPa) σf (MPa) Void fraction (%)
c11 6.7 286 < 0.1

A c41 6.9 244 < 0.1
( c51 5.6 215 < 0.1 )
c11 6.1 207 2.7

B c31 5.1 162 5.4
c51 3.5 132 10.1
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DIC analysis and mean-field homogenisation (MFH) models were
used to better understand the influence of voids on the respective values of
σf and E for Elium composites subjected to transverse compression. Figure
3.12 shows the vertical strain εy maps obtained from the DIC analysis of
plate B specimens c11, c31 and c51 just before the first failure event was
observed. Strain fields have been superimposed onto the corresponding
optical micrographs for easier interpretation. The latter allow observing
the evolution of void morphology along the y-axis of plate B in more
details compared to Figure 3.6 (b). As porosity increases along the y-axis,
inter-tow macrovoids adapt to the shape of the matrix pockets, which are
elongated in the direction perpendicular to compressive loading. As a
result, macrovoids display sharper, narrower “tips” as y increases. DIC
strain maps reveal that the sharper the void “tips”, the stronger the strain
localisation in the y-direction. This explains why the macroscopic fracture
stress σf of plate B specimens decreases as y increases. Note that a few
examples of sharp versus blunt void tips are depicted with yellow and blue
ellipses in Figure 3.12, also highlighting the resulting difference in terms
of strain concentration.

Two additional observations can be made from the micrographs and
DIC results shown in 3.12. First, in addition to inter-tow macrovoids
(which account for most of the measured porosity in plate B), note that
a few clusters of smaller, intra-tow voids are present. These also induce
significant strain localisation, as depicted by the white arrows in Figure
3.12. Second, the average value of εy calculated from DIC results is close
to 0.02 for all three specimens, which is below the macroscopic value of
fracture strain obtained from stress-strain curves (i.e. around 0.06). This
discrepancy is attributed to the fact that voids, which undergo extensive
deformation during transverse compression, have been excluded from the
DIC analysis. This logically results in a systematic underestimation of the
mean value of εy, with respect to that of the macroscopic failure strain.

The influence of void shape and volume fraction on the Young’s
modulus of Elium composites subjected to transverse compression was
assessed qualitatively via simple mean-field homogenisation (MFH)
models. MFH assumes the existence of relationships between the volume
averages of stress and strain fields in each phase of a two-phase material.
Most MFH models derive from the early work of Eshelby [109], who
determined the stress level inside a single ellipsoidal inclusion embedded
in an infinite solid body.
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Fig. 3.12 Vertical strain εy fields obtained from the DIC analysis of plate
B specimens c11, c31 and c51, from bottom to top. Arrows and ellipses re-
spectively indicate areas of high strain concentration within and between
fibre tows. Yellow and blue ellipses are used to distinguish acute (εy ≥ 0.1)
from more diffuse (0.05 ≤ εy < 0.1) strain localisation phenomena.
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3 | Top-down preliminary exercise on thick Elium composites

In the case of interest, the isolated phase consists of voids, while the sec-
ond phase is the (void-free) Elium composite. Figure 3.14 compares the
evolution of E as a function of porosity Φ (i.e. void volume fraction) mea-
sured experimentally in plates A and B versus predicted by the following
MFH models. Note that we assume Φ values to be equal to the areal void
fractions obtained from optical micrographs in section 3.3.2.

• Voigt model. The Voigt model provides an upper bond [110] for the
evolution of E as a function of Φ by considering a weighted mean of the
two phases’ moduli:

EVoigt = ΦEvoid + (1 − Φ)Ecomp, (3.1)

where Ecomp is the Young’s modulus of a void-free Elium composite un-
der transverse compressive loading. In this work, the value of Ecomp is
assumed to be equal to 6.8 GPa, i.e. the average modulus value mea-
sured in plate A specimens c11 and c41.

• Becker and Hopmann’s model [111]. This approach, which is derived
from the work of Eshelby [109], and Mori and Tanaka [112], is especially
adapted to the case of unidirectional fibre-reinforced composites con-
taining voids. As illustrated by Figure 3.13, the latter are assumed to
have an infinite length parallel to fibre orientation, as well as an elliptic
base characterised by the aspect ratio α. Though the Elium compos-
ites are not perfectly unidirectional, this model (referred to as the B-H
model) should provide a reasonably accurate estimation of the trans-
verse compression modulus E as a function of porosity Φ via the follow-
ing equation (cf. equation (45) in [111]):

EB-H = Ecompα
1 − Φ

α + 2Φ
, (3.2)

where α is the aspect ratio of the voids, as described in Figure 3.13.
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Fig. 3.13 Definition of fibre and void orientation in the work of Becker
and Hopmann [111]. Aspect ratio α is defined as a2/a1. Directions 2 and
1 respectively correspond to the y- and z-axes for plate A and the y- and
x-axes for B, see section 3.2.2.

Fig. 3.14 Evolution of the Young’s modulus E of the Elium composite
in transverse compression with porosity Φ, as measured experimentally
versus as predicted from Voigt (full line) and B-H models (dashed lines) for
several values of void aspect ratio α.

| 61



3 | Top-down preliminary exercise on thick Elium composites

As expected, the measured drop of Young’s modulus with increasing
porosity is largely underestimated by the Voigt model. The phenomenon
is not captured either by a single B-H equation, see Figure 3.14. How-
ever, the modulus value obtained experimentally for plate B specimen c11
(which contains around 3 % voids), seems to be accurately predicted by
the B-H equation corresponding to α = 0.6. The measured modulus values
for specimens c31 and c51, whose void fractions are close to 5 and 10 %, are
best predicted by the B-H equations corresponding to α = 0.4 and α = 0.3,
respectively. From a qualitative point of view, this suggests that the aspect
ratio of the voids decreases as y increases in plate B. This assumption is
consistent with the observation made previously with respect to the void
“tips” becoming sharper as y increases (see Figure 3.12). Hence, the aspect
ratio of these void “tips” seems to have a dramatic impact on the mechan-
ical response of the composite, at least in transverse compression.

3.4 Conclusions

This preliminary phenomenological study aimed at exploring the effect of
external heating on the chemical and mechanical properties of two identi-
cal 7 cm-thick Elium composite plates produced by vacuum infusion and
in-situ polymerisation. While plate A was left to polymerise at room tem-
perature, plate B was subjected to a heating ramp up to 50 °C to shorten
the processing time. The key findings of the study are the following:

• External heating may have a significant impact on the thermokinetic be-
haviour of Elium laminates during in-situ polymerisation, by triggering
an overall more intense gel effect (compared to a similar laminate pro-
cessed at room temperature).

• The resulting exotherm leads to local monomer boiling and subsequent
void formation wherever the maximum temperature reaches or exceeds
101 °C during polymerisation. As observed in plate B, the maximum
temperature value seems to govern the extent of void formation: the
higher it is, the greater the local porosity in the final part. The total
amount of time spent at (or above) 101 °C does not seem to have a first-
order effect on void formation.

• Heating a thick Elium laminate locally (e.g. from the bottom, via a heat-
ing mould) seems to induce a “snowballing” gel effect, starting from the
plies in contact with the heat source and propagating to the other plies
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with increasing intensity. In the case of plate B, higher temperatures
are reached as we move away from the heating mould, i.e. as we get
closer to the surface of the laminate. The observation of a gradient in
void size and volume fraction across the thickness of B is a direct con-
sequence of this phenomenon. The intrinsic physical properties of the
matrix, however, do not seem to be significantly affected by changes in
the processing temperature. They remain relatively homogenous across
the thickness of plate B, and are overall very close to those measured in
plate A. This is not surprising, as some3 physical properties of thermo-
plastic polymers, including the glass transition temperature, yield stress
(which is related to hardness) and elastic modulus [113] are known to
plateau as the molecular weight of the polymer chains keeps increasing
much beyond the critical entanglement molecular weight.

• Heterogenous void patterns across the thickness of Elium composites
can have an unpredictable effect on the mechanical response. In plate B,
void shape and volume fraction both vary significantly along the thick-
ness direction. As voids get larger, they become more and more elon-
gated as their growth is constrained by the shape of inter-tow matrix
pockets. Elongated void “tips” act as pre-cracks by inducing intense
strain localisation in the surrounding material, ultimately leading to the
macroscopic failure of the laminate during loading. Existing MFH mod-
els allow predicting the impact of porosity on the mechanical properties
of fibre-reinforced composite materials, provided the average aspect ra-
tio of the voids remains relatively constant throughout the part - which
is not the case here.

3Other physical properties - in particular mechanical properties - keep increasing as the
molecular weight increases, e.g. the impact strength, fracture toughness and creep resistance
[113].
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�
What is next ?

The questions raised by this preliminary study are consistent
with the identified gaps in the literature and allow refining
the scientific questions outlined previously. In particular, there
seems to be a link between void formation through monomer
boiling (Q1) and the occurrence of thermokinetic coupling ef-
fects during the polymerisation of Elium (Q3) within thick pre-
forms (Q2). More precisely, the existence of non-trivial in-
teractions between heat transport and heat generation mecha-
nisms during the in-situ polymerisation of Elium within thick
laminates was highlighted. At this stage, multi-physics mod-
elling emerged as an essential tool for capturing the peculiar
thermokinetic behaviour of thick Elium composites, and ulti-
mately predicting the impact of processing temperature and
preform thickness on monomer boiling and subsequent void
formation.
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Thermokinetic behaviour of thick

Elium laminates during in-situ
polymerisation

This chapter is based on the published article Processing maps based on poly-
merisation modelling of thick methacrylic laminates, S. F. Gayot, C. Bailly, T.
Pardoen, P. Gérard and F. Van Loock, Materials and Design 196 (2020),
109170 [4].
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4.1 Introduction

The recyclability of lightweight materials with high specific strength and
stiffness is an ongoing challenge in the composite manufacturing industry.
This challenge is driving the transition from thermoset to recyclable
thermoplastic matrices for fibre-reinforced polymer composites [79, 114].
Dedicated thermoplastic resin formulations have been developed to
ensure compatibility with existing liquid composite moulding (LCM)
manufacturing techniques. For instance, a range of methyl methacrylate
(MMA)-based resins has been designed for the production of thermo-
plastic fibre-reinforced polymer composites via resin transfer moulding
or vacuum infusion [44, 115–117]. During composite manufacturing via
LCM, the monomer-based resin is infused through a preform, consist-
ing of layers of glass or carbon fibre mats, before undergoing in-situ
polymerisation.

Composites produced by LCM techniques contain defects such as
micro- and macro-sized voids. Porosity may have a significant and un-
predictable impact on the mechanical behavior [118–122]. Voids nucleate
and grow during the manufacturing process of epoxy-based composites
due to a number of phenomena including incomplete resin degassing,
air entrapment during mould filling, volatilisation of resin components
(or polymerisation by-products) during in-situ curing, and/or matrix
shrinkage upon curing and cooling [123–127]. Several process control
strategies have been developed to reduce void nucleation and growth
during LCM with epoxy resin [44, 124, 128–130].

The main source of cavitation during the manufacturing of MMA-
based composites is through monomer boiling during in-situ polymerisa-
tion [44, 51, 97]. As discussed by Murray et al. [114], a practical challenge
arises when producing thick laminates (in the order of 1 cm and above).
The free-radical polymerisation kinetics of MMA exhibits a gel effect (also
known as Trommsdorff effect [19]): when the degree of monomer conver-
sion exceeds a critical value, the exothermic reaction self-accelerates and
the temperature increases. Voids nucleate and grow within the polymeris-
ing matrix when the boiling temperature of the residual monomer is locally
exceeded [51, 97].

An external heat source is often used to reduce the polymerisation
time [84]. The external heating program can be adapted in order to control
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the maximum temperature within the preform and, therefore, void nucle-
ation due to monomer boiling. The compromise between a short cycle time
and the absence of porosity can be found via a trial-and-error approach,
as is common practice in the industry. Alternatively, a thermochemical
model, informed by in-situ process monitoring data, can guide this pro-
cess design exercise by predicting the (maximum) temperature within the
matrix as a function of processing parameters such as preform thickness
and external heating rate. Such a model needs to account for (1) heat trans-
fer within the moulded preform and to the environment and (2) the release
of heat due to the auto-accelerating exothermic reaction of MMA.

A large number of studies focus on the auto-accelerating nature of the
polymerisation of MMA. Trommsdorff [19] and Norrish and Smith [18]
related the gel effect to a decrease of the coefficient quantifying the rate
of radical termination kt. The decrease of kt occurs at a critical value of
monomer conversion χ at which the diffusivity of the polymer radicals is
significantly reduced. Analytical frameworks have been developed to pre-
dict the dependence of kt upon χ, often based on the concept of free vol-
ume, see, for example, the work of Hamielec [105, 131, 132] and of Achilias
[74, 133, 134]. Empirical models relating the sensitivity of kt to also exist
[62, 135–137].

Many numerical thermochemical models have been developed to pre-
dict the curing temperature and the degree of monomer conversion during
vacuum infusion of fibre-reinforced thermoset composites. Most of these
make use of the approach of Loos and Springer [138] who constructed
an experimentally validated one-dimensional (1D) framework coupling a
heat equation with the curing kinetics of an epoxy matrix. Curing tests
were conducted on relatively thick (up to 1.5 cm) carbon prepreg lay-ups
in an autoclave and good agreement between the predicted and measured
temperature profiles was observed. While many similar one- to three-
dimensional models have been reported for the curing of thermoset com-
posites [139–145], only a limited number of them are adapted to the poly-
merisation of thermoplastic composites [49, 97, 146]. Borzacchiello et al.
[146] and Suzuki et al. [97] have constructed 1D models to study the poly-
merisation of methacrylate-based resins in composites. Borzacchiello et al.
[146] combined the heat equation with a calibrated empirical model for
the polymerisation kinetics, and gave predictions for the temperature pro-
files measured during the polymerisation of a methacrylic dental cement.
Suzuki et al. [97] also solved the heat equation to predict the tempera-
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ture and degree of monomer conversion during the in-situ polymerisation
of an MMA-infused glass fabric preform of thickness ranging from 10 cm
to 50 cm. Suzuki and co-workers considered a preform sandwiched be-
tween two glass plates at constant temperature (≈ 20 °C) and assumed
the preform to be equivalent to a homogeneous slab of variable thickness.
To reduce the computational cost, Suzuki et al. assumed the value of the
termination coefficient kt to be independent of temperature and monomer
conversion. Hence, their model does not account for the gel effect, and the
predicted profiles are of qualitative nature.

The objective of the work is twofold. The first goal is to develop a
thermochemical model for the in-situ polymerisation of MMA in fibre-
reinforced composites, which takes the auto-accelerating polymerisation
kinetics of MMA into account while being computationally efficient. Com-
putationally efficient means that a parametric study can be performed at
a reasonable computational cost (e.g. a few hours on a standard personal
computer). The second goal is to apply the model to predict the temper-
ature and the degree of monomer conversion across the thickness of an
MMA-infused glass fibre layup as a function of key processing variables
such as preform thickness and external heating rate. This allows the con-
struction of processing diagrams based on the maximum temperature at-
tained in the composite, which dictates the occurrence of monomer boiling
(and thermally-induced cavitation).

4.2 Materials and experimental methods

4.2.1 Materials
Composite preforms were made from quasi-unidirectional non-crimp
glass fabric plies (Chomarat, France) with an areal weight of 1.03 kg.m−2

(85 % warp and 15 % weft). The resin comprised an infusion-grade
monomer formula (Elium 191 OSA of Arkema, France) and a ketone
peroxide thermal initiator (Luperox K10 of Arkema, France). The Elium
191 OSA mixture contains MMA monomers with 20 to 30 wt% acrylic
copolymer chains, which serve as a viscosifying agent. The consumables
for bagging and infusion were obtained from Diatex SAS (France). The
temperature within the preforms was measured during the infusion
experiments using J-type thermocouples (TC S.A., France).
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4.2.2 Composite manufacturing
Composite plates were manufactured via vacuum-assisted infusion using
the setup illustrated in Figure 4.1. Preforms were produced by laying up
glass fabric plies onto a heating mould. Three sets of manufacturing condi-
tions, corresponding to plates A, B, and C, were explored. These conditions
differ in preform thickness and heating mould set temperature as detailed
in Table 4.1. The preforms consisted of 90 fabric plies for conditions A and
B, and of 60 plies for condition C. Thermocouples were placed in the mid-
dle of the preform (at x = W/2, z = L/2, see Figure 4.1.) at three locations
along the y-axis, see Table 4.1.

Resin inlet
Vacuum 

Preform

Heating mould

Breather

Vacuum bag

Bleeder

W

c1

L

z

y

x

Sealant

tape

z

y

Fig. 4.1 Experimental setup for the vacuum infusion of laminates of vari-
able thickness c1 (L = 60 cm, W = 40 cm).

Table 4.1 Summary of the processing conditions for tests A, B and C.

Experimental condition A B C

Ambient temperature
during experiment Text

≈ 17 °C ≈ 25 °C ≈ 21 °C

Laminate structure 90 plies
[(0warp/90weft)45]s

60 plies
[(0warp/90weft)30]s

Final part thickness c1 = 73 mm c1 = 49 mm

Location of thermocouples
Bottom: ply 5/90 (y ≈ 0.06c1)
Middle: ply 45/90 (y = 0.50c1)
Top: ply 85/90 (y ≈ 0.94c1)

Bottom: ply 5/60 (y ≈ 0.08c1)
Middle: ply 30/60 (y = 0.50c1)
Top: ply 55/60 (y ≈ 0.92c1)
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Note that an additional test for conditions A and B was conducted.
The measured temperature profiles at the top of the plate during the nom-
inal and repeat tests for conditions A and B were close to identical. Each
fibre stack was sealed with a vacuum bag and prepared for resin infusion.
The resin mix was made with three parts initiator per hundred parts resin,
mechanically stirred for 5 min, and then degassed for 1 min at a pressure
close to 100 mbar. Infusion tests were conducted at a pressure close to 100
mbar at room temperature; the resin flows in the direction of the z-axis (i.e.
aligned with the fibre tows). For all test conditions, the resin front reached
the section instrumented with thermocouples (at z = L/2) when the pro-
cess time t was close to 5 min (where t = 0 corresponds to the start of the
infusion process). The resin inlet and vacuum outlet were clamped shut at
the end of the infusion process. Then, for conditions B and C, the infused
preform was heated via the heating mould from room temperature to a
set temperature Tp equal to 50 °C (with a controlled heating rate close to
0.5 °C.min−1), see Figure 4.2. The mould set temperature was maintained
for 30 min, before the external heating was ceased. The polymerisation
of plate A occurred without any external heating. Upon completion of
the polymerisation reaction, at process time t ≫ t3 (see Figure 4.2), the
plate was left to cool down to room temperature and the composite was
removed from the mould. Final fibre volume fractions were close to 0.5.

Tm (°C)

Text

Tp

0

0

t1 t2

Heating

switched off

t (min)
t3

B and C

A

Fig. 4.2 Heating mould temperature Tm versus process time t for test
conditions A, B and C, where Text denotes the ambient temperature, Tp (=
50 °C) the mould set temperature, t1 (≈ 25 min) the end of the infusion
stage, t2 (≈ 75 min) the end of the heating ramp, and t3 (≈ 105 min) the
end of the temperature plateau at Tm = Tp.
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4.2.3 Composite characterisation

Cuboids of dimensions 10 × 13 × 10 mm3 were machined from compos-
ite plates A and B using a water-cooled disk-milling cutter, according to
the sectioning diagram shown in Figure 4.3. A surface perpendicular to
the fibre tow orientation was polished each side using resin-bonded dia-
mond discs (successive grit of P1200 and P4000) and an alumina suspen-
sion (de-agglomerated 0.05 micron alumina suspension of Allied, USA) for
the finishing step. Micrographs of the polished surfaces were taken with
an optical microscope (AX70 Provis, Olympus, Japan). The porosity Φ of
the samples was measured by analysing micrographs with the ImageJ [147]
software. A computed tomography (CT) machine was used to confirm the
accuracy of these measurements, see section 4.6.3.

W

c1z

y

x

z

y

x

L/2

c1 5

c1

1 cm

1 cm

Fig. 4.3 Sectioning diagram for the characterisation of plates A and B
(L = 60 cm, W = 40 cm, c1 = 73 mm).
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4.3 Thermochemical model

4.3.1 Theory
A one-dimensional thermochemical model is developed to predict the tem-
perature T, the concentration of monomer M and the degree of monomer
conversion χ as a function of time t across the preform thickness. We as-
sume the simulation time and the polymerisation reaction to start when
the resin front is at the simulation section of interest (t = ts). In this work,
predictions will be given at the laminate’s half-length (at z = L/2) where
the thermocouples are placed during the infusion tests. As detailed in sec-
tion 4.2.2, ts = 300 s. The infused composite preform is idealised as a slab
of homogeneous material with a uniform thermal diffusivity. It is recog-
nised that the thermal diffusivity in the composite is of a heterogeneous
nature and that the assumption of a uniform and time-independent value
for the diffusivity, based on a rule of mixture, has a limited range of va-
lidity at the microscale. An extension of the model could include a time-
and space-dependent thermal diffusivity. However, this extension is con-
sidered to lie beyond the scope of the present study.

The values of T, M and χ are assumed to be independent of the trans-
verse x and z coordinates, see Figure 4.1 (i.e. edge effects are neglected
close to the preform surfaces at the planes x = 0, x = W, z = 0, and z = L).
The dependence of T upon position coordinate y and time t is calculated
by solving the following heat equation:

dT
dt

= α1
d2T
dy2 − ∆H

CpM0
w

dM
M0dt

. (4.1)

The heat source term on the right-hand side of Eq. 4.1 accounts for the
exothermic nature of the free-radical bulk polymerisation reaction [49, 97,
138, 146], where Cp is the specific heat capacity of the composite, ∆H
is the enthalpy of polymerisation, M0

w is the molecular weight of MMA,
M0 is the initial molar concentration of MMA in the preform, and dM

dt
is the rate of change of monomer concentration. Both Cp and dM

dt are a
function of y and t as detailed below. The value of Cp is based on the
temperature-dependent specific heat capacity of the MMA monomer Cp,m,
of the poly(methyl methacrylate) (PMMA) polymer Cp,p, and of the fibre
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Cp,f via a rule of mixtures:

Cp = (1 − wf)
(
(1 − χ)Cp,m + χCp,p

)︸ ︷︷ ︸
Cp of resin matrix

+wf Cp,f, (4.2)

where wf is the mass fraction of the glass fibres.

Next, the value of dM
dt is calculated based on five coupled kinetic equa-

tions governing the polymerisation of MMA. These kinetic equations are
summarised in Table 4.2; the dependence of the kinetic constants upon T
and χ is detailed in section 4.6.1. Several assumptions can be made to
reduce the computing time. First, the long-chain hypothesis is invoked:
polymer chains consist of a large number of monomer units (and this is
experimentally validated for our system [1]), therefore the rate of prop-
agation is much higher than the initiation rate ri and the chain transfer
rate rtr,x. Flory’s hypothesis is also used, i.e. the chemical reactivity of
all propagating radicals is assumed to be equal. In addition, we apply
the quasi-steady state approximation (QSSA) for the initiating and prop-
agating radicals [148]. The QSSA is essential to reduce the computational
cost of the model. This assumption is generally accepted to be valid for
a free-radical polymerisation without diffusional limitations [148]. How-
ever, the significant reduction of the termination constant kt at the end of
the polymerisation reaction due to the gel effect may invalidate the use of
the QSSA. This issue is discussed in detail in section 4.6.2. The conclusion
of the analysis is that the QSSA for the MMA material system of interest
remains valid up to a critical value of monomer conversion ranging from
χ = 0.85 to χ = 0.90. Consequently, the effect of the QSSA on the predicted
time-temperature profiles up to, and including, the peak temperature due
to the thermal excursion is considered to be small. Finally, only chain trans-
fer reactions from the propagating radicals to the monomer and initiator
molecules are considered. The rate of change of monomer concentration
dM
dt then reads

dM
dt

= −kpM
√

ri

kt
= −kpM

√
2 f kd I

kt
, (4.3)

where kp, kt and kd are the rate coefficients of the radical propagation,
radical termination and initiator decomposition steps, respectively, I is the
initiator concentration and f is the efficiency factor of the initiator (equal
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to the fraction of initiating radicals that lead to the formation of polymer
chains). In the case of MMA, polymerisation is subject to various diffu-
sional limitations: the values of kt, kp and f decrease with increasing con-
version χ. The associated phenomena are known as the gel effect (as dis-
cussed above), the glass effect, and the cage effect, respectively [148]. The
glass effect is related to a decrease in the mobility of monomer molecules
(hence a decrease in kp) as χ increases. The cage effect is related to a re-
duction of the mobility of newly-formed initiating radicals with increasing
χ.

The free volume-based analytical model of Achilias et al. [74, 134] is
used to calculate the dependence of kp, kt and f upon monomer conversion
χ via the free volume Vf. The free volume of a polymer-solvent system is
idealised as the ratio of the volume which is not occupied by the polymer
chains nor the solvent molecules to the total volume of the polymer-solvent
system [149, 150]. The equations for the dependence of kp, kt and f upon
T and χ are given in section 4.6.1. The modification of Achilias’s theory
[74, 134] is a correction of the macroradicals diffusion constant in the en-
tangled regime in order to account for the effective entanglement density.
The values of the kinetic and physical parameters of the theory above are
summarised in Tables 4.3 and 4.4.
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Table 4.2 Overview of the free-radical polymerisation mechanism (M =
MMA monomer, I = initiator, R•

n = macroradical with n monomer units,
R• = all macroradicals, P = dead polymer, X = transfer agent, i.e. M, P, I
or other molecule, f = initiator efficiency, Cx = transfer constant for chain
transfer to transfer agent X).

Step Equation Kinetic coefficient Reaction rate equation

Initiator decomposition R2 −→2I• kd rd = 2 f kd[I2]

Initiation I• + M −→IM• ki ri = ki[R•][M]

Propagation R•
n + M −→P•

n kp rp = kp[R•][M]

Termination
by recombination
by dismutation

R•
n + R•

m −→Pn+m+2
R•

n + R•
m −→Pn+1 + Pm+1

kt
(accounts for both

mechanisms)

rt = kt[R•]2

(accounts for both
mechanisms)

Chain transfer R•
n + X −→Pn + X• ktr,X rtr,X = CXkp[R•][X]
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4.3.2 Numerical implementation of the model
The thickness of the preform is discretised into Ny intervals δy (= c1/Ny,
see Fig. 4.4). Likewise, the simulation time, which starts when the process
time t is equal to ts, is discretised into Nt time increments δt (= ttot/Nt),
where ttot is the total reaction time. In this study, we take δy = 1 mm,
ttot = 6 × 104 s and δt = 7 s. Note that the selected value for ttot includes
the polymerisation time of the resin and the cooling time of the plate.

Convective boundary conditions are considered at the top surface of
the preform (i.e. at y = c1, see Fig. 4.4):(

dT
dy

)
y=c1

=
h1

λ1

(
Ty=c1 − Text

)
, (4.4)

where h1 is the convective heat transfer coefficient for the preform/air in-
terface, λ1 is the thermal conductivity of the polymer-based vacuum bag
material, and Text is the ambient temperature outside the bag. A more so-
phisticated boundary condition is applied at the bottom and accounts for
the transfer of heat from the preform to the infusion mould via conduc-
tion as follows. The mould consists of a homogeneous plate of thickness
c2 made of glass fibre reinforced polymer with a thermal diffusivity α2,
and covered with a polymeric heating film of thickness close to 0.1 mm.
Therefore, the spatial mesh extends from y = 0 to y = −c2 with nodes
equally spaced by intervals δy, see Fig 4.4. The temperature T on the nodes
of the extended mesh is calculated as a function of time by solving the heat
equation:

dT
dt

= α2
d2T
dy2 . (4.5)

A convective boundary condition is considered at the bottom of the
mould (i.e. at y = −c2):(

dT
dy

)
y=−c2

=
h2

λ2

(
Ty=−c2 − Text

)
, (4.6)

where h2 is the convective heat transfer coefficient for the mould/air inter-
face and λ2 is the thermal conductivity of the mould material. Note that,
for processing conditions B and C, we impose the time-dependent temper-
ature profile presented in Fig. 4.2 at node y = −δy to account for controlled
external heating via the heating film.
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The MATLAB (R2018a) computing environment is used for the imple-
mentation of the 1D thermochemical model detailed in section 4.3. The
set of coupled equations is solved with the semi-implicit Crank-Nicolson
finite difference method. The computing times for all predictions given in
this article do not exceed 60 s on a standard personal computer (equipped
with an Intel®CoreTM i7 − 4600U 2.10 GHz processor and with 16 Gb of
RAM).

Fig. 4.4 Boundary conditions used in the 1D thermochemical model.
Note that c1 refers to preform thickness (c1 = 49 mm for condition C and
c1 = 73 mm for conditions A and B) and c2 is the thickness of the mould
(c2 = 15 mm). The time-dependent temperature profile applied at node
y = −δy for testing conditions B and C is given in Fig. 4.2).

4.4 Results and discussion

4.4.1 Infusion test results
Optical micrographs of samples extracted from plates A and B are shown
in Fig. 4.5. The measured void content is sensitive to the heating program:
the porosity of plate A is close to zero across the entire thickness, while
the measured porosity in plate B increases from the bottom (Φ ≈ 0) to the
top (Φ ≈ 0.1) of the plate. The measured temperature Tt at three locations
along the thickness of plates A, B and C is plotted as a function of process
time t in Fig. 4.6.
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PLATE A
No heating

PLATE B
Heating to 50 °C (see Fig. 2)

Φ (%) Φ (%)

2 < 0.1 1 10

3 < 0.1 3 5.4

5 < 0.1 5 2.7

3mm 3mm
Specimen Specimen

Fig. 4.5 Dependence of the measured porosity Φ upon measurement
height for plates A and B (c1 = 73 mm). Note that measurement height
is defined via the sectioning numbers given in Fig. 4.3.

Fig. 4.6 Measured temperature Tt as a function of process time t at differ-
ent locations across the thickness of (a) plates A and B and (b) plates B and
C. See Table 4.1 for the y-coordinate corresponding to each measurement
location.
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A peak is observed on all time-temperature profiles; this is a signa-
ture of the gel effect. The measured temperature profiles are found to be
sensitive to the measurement location along the y-axis of the preform: the
maximum temperature increases from the bottom to the top of plates A
and B, whereas the width of the peak decreases, see Fig. 4.6a. The peak
temperature Tmax on the measured profile of plate B is almost 20 °C higher
than the peak temperature on the corresponding profile of plate A.

The contrast in void content between plates A and B can be related to
the difference in the time-temperature profiles. The boiling temperature Tb
of the MMA monomer is close to 101 °C at a pressure equal to 1 bar [158].
Note that the pressure inside the vacuum bag rises back to a value close to,
but below, atmospheric pressure upon impregnation of the preform1. The
value of Tb may therefore be lower than 101 °C (e.g. Tb = 94 °C at a pres-
sure equal to 0.8 bar [44]), but in the remainder of this text we will assume
Tb = 101 °C as a first-order approximation. The measured temperature Tt

exceeds Tb at the mid-height and top of plate B, see Fig. 4.6a. This results in
the observed void content in plate B at these locations. In contrast, the mea-
sured value of Tt remains below Tb throughout the infusion test for plate
A, leading to a porosity close to zero across the thickness of the plate. In
passing, we note that voids nucleated due to monomer boiling are unlikely
to move due to buoyancy: the shear viscosity of infusion-grade MMA-
based resins at the onset of the gel effect is close to 10 Pa.s, i.e. 100 times
larger than the shear viscosity at the start of the polymerisation [46, 51].
The presence of the fibre tows is an additional obstacle to any movement
across the thickness of the plate. Therefore, we expect the observed gra-
dient in porosity in plate B to correspond to the observed increase in peak
temperature across the thickness, see Fig. 4.6a. The difference in porosity
between plates A and B demonstrates how external heating during vac-
uum infusion of an MMA-based resin may influence the microstructure of
the polymerised composite part. Heating programs are typically used to
shorten the manufacturing time. This is also illustrated in Fig. 4.6a: the
end of the reaction (when the peak temperature, Tmax, is reached) occurs
three hours earlier in plate B compared to plate A which has an identical

1Grimsley et al. [165] and Moghaddam [166] conducted infusion tests with an epoxy resin
on a glass fibre preform with dimensions similar to plates A, B and C in this study. They
measured the resin pressure inside the bag throughout the curing process and found that the
pressure ranged between 0.7 and 1 bar when the resin inlet and vacuum outlet were clamped
shut after infusion.
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thickness.

We now explore the effect of preform thickness on the measured tem-
perature profile. The measured temperature Tt in plates B (c1 = 73 mm)
and C (c1 = 49 mm) at three locations across the thickness is plotted as a
function of process time t in Fig. 4.6b. Note that both plates are subjected to
the heating program summarised in Fig. 4.2. The peak temperature values
in plate B are close to 10 °C higher than in plate C. This result illustrates
how the peak temperature (and, therefore, the possibility of cavitation due
to monomer boiling) depends upon preform thickness c1.

4.4.2 Model calibration
The calibration parameters of the model presented in section 4.3 have been
identified by using the measured temperature profiles of a single infusion
test (plate B). These fitting parameters are summarised in Table 4.4 and
have been adjusted in order to match the predicted Tt versus t profiles
with the measured ones for the three measurement locations across the
thickness of plate B. Note that a physically acceptable range for each cal-
ibration parameter is defined in Table 4.4 and imposed to the fitted value
of each parameter. The temperature profiles predicted by the calibrated
model are included in Fig. 4.7: good agreement is observed between the
model predictions and the measurements after identification, but this is
not a sufficient validation of the model yet. We note in passing that, with-
out the calibration step, the structural response of the predicted T versus
t response is close to the measured ones. For instance, the model predicts
the typical observed shape of the temperature-time response close to the
peak in temperature. The thermochemical framework also predicts a de-
pendence of peak time tpeak upon preform thickness and a sensitivity of
peak width to the measurement location across the thickness of the pre-
form.
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Fig. 4.7 Model identification by making use of the measured tempera-
ture profiles in plate B: predicted (solid lines) and measured (dashed lines)
temperature Tt as a function of process time t at different locations across
the thickness of the plate. See Table 4.1 for the y-coordinate corresponding
to each measurement location.

The predicted values for the termination rate coefficient kt, the propa-
gation rate coefficient kp and initiator efficiency f are plotted as a function
of monomer conversion χ in Fig. 4.8, for a selected measurement location
across the thickness of plate B. The curves obtained with the calibrated
model are consistent with experimental data found in the literature for the
bulk polymerisation of methacrylic monomers [167, 168]. The moderate
increase of the value of kp from χ = 0 to χ = 0.8 is due to the temperature
increase in the preform. Four successive regimes are identified in Fig. 4.8,
these correspond to the conversion regions defined by Achilias and co-
workers [74, 133, 134]. The first regime corresponds to a free-radical poly-
merisation mechanism in the absence of any diffusional limit. At the onset
of the second regime, the value of kt decreases with increasing χ due to the
gel effect: the macroradicals lose translational mobility. When the reaction
proceeds and χ further increases, the propagation-related radical mobility
starts to dominate and the value of kt plateaus. This plateau corresponds
to regime 3. When χ continues to increase, both radical propagation and
termination rates abruptly decrease, indicating the onset of regime 4. The
initiator efficiency factor f also decreases with increasing monomer con-
version in regime 4 due to the cage effect.
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Fig. 4.8 Predicted values of kp, kt, and f as a function of monomer con-
version χ by the calibrated model during the in-situ polymerisation of the
MMA-based resin at the bottom of plate B (y ≈ 0.06c1). Four conversion
regimes are identified.

4.4.3 Model validation based on temperature profile predictions
The calibrated model is now validated based on the experimental temper-
ature profiles measured for plates A and C. The predicted and measured Tt

versus t response at three locations across the thickness of preforms A and
C is plotted in Figs. 4.9a and 4.9b, respectively. Recall the differences in
processing conditions for plates A, B and C: plate A is polymerised with-
out an external heating program, while plate C is thinner (c1 = 49 mm)
than plate B (c1 = 73 mm), see Table 4.1. There is an excellent agreement
between the predicted and measured temperature profiles for both testing
conditions A and C. The peak temperature, peak time and the shape of the
temperature profiles are accurately captured. In addition, the predicted
sensitivity of the Tt versus t response to the measurement position across
the thickness of the preform is in line with the measurement data.
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Fig. 4.9 Predicted (solid lines) and measured (dashed lines) temperature
Tt as a function of process time t at different locations across the thickness
of (a) plate A and (b) plate C. See Table 4.1 for the y-coordinate correspond-
ing to each measurement location.

4.4.4 Conversion predictions
The predicted degree of monomer conversion χ is plotted as a function of
process time t for tests A, B, and C in Figs. 4.10a, 4.10b and 4.10c, respec-
tively. The shape of the χ versus t curves in Fig. 4.10 is close to identical
for the three test conditions. First, the rate of monomer conversion is slow,
and the slope of the χ versus t curve only moderately increases as the re-
action proceeds. This corresponds to the first conversion regime identi-
fied in Fig. 4.8, during which there is no diffusional constraint on the reac-
tion. Then, at a critical value of χ between 0.2 and 0.4, the reaction auto-
accelerates. The gel effect results in a steep rise of the χ versus t curves,
corresponding to regimes 2 and 3 shown in Fig. 4.8. Finally, a plateau value
of χ close to 0.9 is reached, which marks the end of the reaction. This con-
version plateau is consistent with the final drop in the values of kp, kt, and
f observed in regime 4, see Fig. 4.8. The predicted plateau value of χmax

ranges between 0.9 and 0.95 for the explored range of processing condi-
tions, with a negligible dependence upon measurement location across the
thickness. This value of χmax is slightly lower than the measured values
(between 0.95 and 0.99 [1, 46, 51]) for the resin under consideration when
subjected to similar processing conditions. This small discrepancy can be
attributed to the use of the QSSA (see section 4.6.2), and the assumption
that the initial value of conversion χ is equal to zero. In practice, some
chains are present in the resin before polymerisation. These are added as
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a viscosifying agent but have an influence on the polymerisation kinetics
[44, 62, 97, 169]. One may account for the presence of the PMMA chains
by assuming a non-zero initial value for conversion [97]. However, it is
unlikely that their rheological behavior is identical to that of a ‘pure MMA
system’ at a non-zero conversion value. The treatment of this complex be-
havior is beyond the scope of the present study. We therefore follow Zoller
[62], assume the initial value of χ to be zero, and realise that the predicted
value of χmax may be slightly below the typically measured value for χmax

as a consequence of this assumption.

The predicted conversion profiles shown in Fig. 4.10 demonstrate that
the auto-acceleration of the reaction starts in the lower part of preforms A,
B and C, and the time at which the gel effect takes place increases with in-
creasing height. Recall from Fig. 4.7 (test B) and Fig. 4.9 (tests A and C) that
the predicted and measured Tt versus t response at the top of the plates ex-
hibits a sharper temperature rise and a higher peak temperature compared
to the temperature profile at the bottom of the plate. This is attributed
to the excess heat coming from the lower part of the plate, where the auto-
acceleration of the reaction first takes place. This effect is more pronounced
for the infusion of a thick plate with external heating, as shown in Fig. 4.7
via the temperature profiles for test B.
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Fig. 4.10 Predicted degree of monomer conversion χ as a function of pro-
cess time t for (a) plate A, (b) plate B and (c) plate C. See Table 4.1 for the
y-coordinate corresponding to each measurement location.
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4.4.5 Processing maps
Optimal processing conditions for vacuum infusion with an MMA-based
resin should lead to short polymerisation times and laminates without
thermally-induced voids. We assume that thermally-induced void nucle-
ation (and growth) occurs when Tmax at any location exceeds the boiling
temperature of the monomer (Tb = 101 °C). We make use of the calibrated
thermochemical model to illustrate how preform geometry, external heat-
ing conditions and the ambient temperature govern both Tmax (and, there-
fore, the possibility of monomer boiling) and the (minimum) polymerisa-
tion time. The simulations conducted for the predictions in this section are
based on the values of the material and processing parameters given in
Tables 4.3 and 4.4, unless stated otherwise.

The predicted value for Tmax is plotted in Fig. 4.11a as a function of
mould set temperature Tp, for selected values of preform thickness and for
a heating rate q̇ = 0.5 °C.min−1 (and Text = 25 °C). The value of Tmax

increases with increasing Tp within the range 30 < Tp < 70 °C for the
explored range of preform thicknesses. In contrast, the value of Tmax is al-
most insensitive to Tp for Tp < 30 °C and Tp > 70 °C. The predicted value
of Tmax is plotted in Fig. 4.11b as a function of mould heating rate q̇, for
selected values of preform thickness and for Tp = 50 °C (and Text = 25 °C).
The value of Tmax is sensitive to q̇ within the narrow range 0.12 < q̇ < 0.5
°C.min−1. In addition, the predictions shown in Figs. 4.11a and 4.11b in-
dicate that the processing window requiring Tmax < 101 °C shrinks as the
preform thickness increases. Note that the location for test B in Figs. 4.11a
and 4.11b is included.

We proceed by exploring the sensitivity of the calculated peak tem-
perature Tmax to the ambient temperature Text. Fig. 4.11c shows the vari-
ation of Tmax as a function of Text for three different preform thicknesses
and in the absence of external heating (i.e. q̇ = 0). The value of Tmax

monotonously increases with increasing Text. The location of test A is
included in Fig. 4.11c. The predictions shown in Fig. 4.11c also indicate
that increasing the preform thickness leads to a reduction of the ambient
temperature processing window. The processing conditions selected for
Fig. 4.11c indicate that the boiling of the monomer occurs when Text ex-
ceeds 35 °C for a preform thickness c1 equal to 3 cm, while, for c1 = 7 cm,
monomer boiling already takes place when the infusion is conducted at an
ambient temperature above 22 °C.
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Fig. 4.11 Predicted maximum temperature in the preform during poly-
merisation, Tmax, as a function of (a) mould set temperature Tp for selected
values of preform thickness c1 (q̇ = 0.5 °C.min−1 and Text = 25 °C) (b)
heating rate q̇ for selected values of c1 (Tp = 50 °C, Text = 25 °C) and (c)
ambient temperature Text for selected values of c1 (for q̇ = 0). Manufactur-
ing conditions corresponding to tests A and B are included.
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Structural and other functional requirements often dictate the thick-
ness of the laminate. Wind turbine blades, for instance, comprise compos-
ite parts produced via vacuum infusion of thickness in the range 1 cm to
10 cm [44, 48, 170]. It is therefore convenient to construct a processing map
with axes c1 and Tp, and to plot the predicted boundary at which Tmax is
equal to 101 °C for selected values of heating rate, see Fig. 4.12a. For a
given value of q̇ the Tmax = 101 °C boundary divides the map into two
regimes: a Tmax < 101 °C window where no cavitation due to monomer
boiling is expected, and a Tmax > 101 °C regime where monomer boiling is
expected (this regime corresponds to the grey-shaded area in Fig. 4.12a for
q̇ = 0.2 °C.min−1). The Tmax = 101 °C boundary is close to independent of
the heating rate when the value of q̇ is lower than 0.12 °C.min−1 or exceeds
0.5 °C.min−1. The map shown in Fig. 4.12a is re-drawn in Fig. 4.12b for
q̇ = 1 °C.min−1. In addition, contours of equal values for the time at peak
temperature tpeak for q̇ = 1 °C.min−1 are superimposed on the map. Recall
that we assume the polymerisation reaction ends at t close to tpeak. Three
regimes are identified on the map shown in Fig. 4.12b.

Fig. 4.12 Processing maps for the in-situ polymerisation of an MMA-
infused thick glass fibre preform: (a) mould set temperature Tp as a func-
tion of preform thickness c1 with predicted Tmax = 101 °C boundaries for
selected values of heating rate (Text = 25 °C) and (b) mould set temperature
Tp as a function of c1 with predicted Tmax = 101 °C boundary and contours
of equal values of peak time tpeak for q̇ = 1 °C.min−1 and Text = 25 °C.
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For a small preform thickness (c1 < 2.3 cm), in regime I, the condition
Tmax = 101 °C can only occur when the mould set temperature is close to
101 °C. For an intermediate value of preform thickness (2.3 < c1 < 5.6 cm),
in regime II, the maximum mould set temperature Tp to prevent monomer
boiling is a function of c1. In addition, the optimum (minimum) process
time topt for a thickness value of interest in regime II is obtained by finding
the tpeak contour intersecting the Tmax = 101 °C boundary at the selected
value of preform thickness. For a large value of preform thickness (c1 > 5.6
cm), monomer boiling occurs irrespective of the selected value of q̇ and Tp

and regime III is entered.

The three regimes (I, II and III) are plotted on a final processing map
with axes c1 and topt, see Fig. 4.13. Contours of equal values of the heat-
ing rate q̇ in regimes I and II are included via the following method. The
map shown in Fig. 4.12b is re-constructed for selected heating rates. For
intermediate values of preform thickness (regime II), the value of topt is
obtained as a function of c1 by the intersection loci of the superimposed
tpeak contours and the Tmax = 101 °C boundary as explained above. For
lower values of preform thickness, the slope of the Tmax = 101 °C bound-
ary becomes infinite, corresponding to the onset of regime I. In regime I,
the value of topt corresponds to the peak time for a mould set temperature
equal to 101 °C. The map shown in Fig. 4.13 yields the following useful
insights. The minimum process time is almost independent of preform
thickness in regime I. For low heating rates (i.e. q̇ ≤ 0.1 °C.min−1) regime
I encompasses the entire thickness range for which monomer boiling may
be prevented (i.e. c1 < 5.6 cm). There is a strong dependence of topt upon
the selected value of q̇ in regime I. In contrast, the sensitivity of topt to q̇
is low in regime II. For q̇ exceeding 1 °C.min−1 in regime II, the value of
topt is a linear function of the preform thickness and is insensitive to q̇ (i.e.
increasing q̇ does not result in a shorter process time). In addition, for the
MMA-based resin of interest, the regime II to regime III boundary at c1
close to 5.6 cm is found to be independent of the selected heating condi-
tions.
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Fig. 4.13 Processing map of optimum (minimum) process time topt ver-
sus preform thickness c1 for selected values of heating rate q̇ (Text = 25 °C).
The methods to determine the boundaries between regimes I, II and III are
detailed in the text.

4.5 Concluding remarks

A thermochemical model is developed to predict the temperature field
across the thickness of a composite laminate processed by infusion and
in-situ polymerisation of a methyl methacrylate (MMA)-based resin. The
main challenge is to limit void formation due to local monomer boiling
which is the result of the auto-accelerating, exothermic polymerisation re-
action. The main findings of the present study are the following:

• The quasi-steady state approximation (QSSA) can be used to describe
the self-accelerating polymerisation reaction of MMA in a finite dif-
ference thermochemical model. The QSSA significantly reduces the
computing cost of the model, yet it leads to accurate temperature
and monomer conversion predictions up to a critical monomer con-
version value close to 0.9.

• The occurrence of cavitation due to monomer boiling is highly sen-
sitive to the selected mould heating program and to the thickness of
the preform.

• The computationally efficient thermochemical model enables the
construction of comprehensive processing maps, which can be used

92 |



Supplementary information | 4.6

to reveal optimum mould heating conditions for the fast production
of thick MMA-based preforms of a given thickness range without
thermally-induced voids. There is, however, an upper bound on
the preform thickness above which monomer boiling takes place
irrespective of the selected heating program.

4.6 Supplementary information

4.6.1 Influence of diffusional effects on kinetic coefficients

The free volume-based analytical model of Achilias [74, 134] is used to
calculate the dependence of kp, kt, and f upon monomer conversion χ and
temperature T via the free volume Vf.

Dependence of free volume Vf upon T and χ

Consider two contributions to the value of the free volume fraction Vf: (1)
the free volume related to the monomer Vf,m and (2) the free volume related
to the polymer chain Vf,p. The value of Vf,m is calculated as

Vf,m = Vg,m + βm
(
T − Tg,m

)
, (4.7)

where Tg,m is the glass transition temperature of the monomer, Vg,m is the
free volume of the monomer at T = Tg,m and βm is the thermal expansion
coefficient of the monomer. Likewise, the value of Vf,p is obtained via

Vf,p = Vg,p + βp
(
T − Tg,p

)
, (4.8)

where Tg,p is the glass transition temperature of the PMMA polymer, Vg,p is
the free volume of the polymer at T = Tg,p and βp is the thermal expansion
coefficient of the polymer. Then, the free volume fraction Vf reads

Vf = Vf,m
(
1 − φp

)
+ Vf,p φp, (4.9)

where the volume fraction of entangled polymer φp depends upon the de-
gree of monomer conversion χ via:

φp = χ

(
1 −

υm − υp

υm

)(
1 − χ

υm − υp

υm

)−1
, (4.10)
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where υm and υp are the specific volumes of the monomer and the polymer,
respectively.

Dependence of propagation rate coefficient kp upon χ and T

The value of kp depends upon the diffusion coefficient Dm of the MMA
monomer molecule via

kp
−1 =

(
k0

p

)−1
+
(
4πNARpDm

)−1, (4.11)

where NA is Avogadro’s number, Rp is the radius of interaction for the
propagation reaction and k0

p a temperature-dependent coefficient:

k0
p = Ap exp

(
−

Ep

RT

)
, (4.12)

where Ap is a pre-exponential factor, Ep is the activation energy of prop-
agation, and R is the ideal gas constant. In addition, the value of Dm is
sensitive to the free volume of the polymerising medium Vf via

Dm = D0
m exp

(
−γm

Vf

)
, (4.13)

where D0
m is a pre-exponential factor and γm is an overlap factor, account-

ing for shared free volume between multiple neighbouring molecules [149,
150].

Dependence of termination rate coefficient kt upon χ and T

The value of kt depends upon the diffusion coefficient of the macroradicals
Dp via

kt
−1 =

(
k0

t

)−1
+
(
4πNARtDp

)−1, (4.14)

where Rt is the radius of interaction for the termination reaction; we as-
sume Rt = δ, where δ is the root-mean-square end-to-end distance per
square root of the number of monomer units in the chain [171] and jc is
the entanglement distance for PMMA. In addition, k0

t is a temperature-
dependent coefficient:

k0
t = At exp

(
− Et

RT

)
, (4.15)
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where At is a pre-exponential factor and Et is the activation energy of ter-
mination.

We proceed by modifying the theory of Achilias and co-workers [74,
134] and calculate the value of Dp via

Dp = D
′
p

(
φpMw

Me

)−2

exp
(
−γt

Vf

)
+

2
3

δ2kpM, (4.16)

where D
′
p is a pre-exponential factor, γt is an overlap factor, Me is the

molecular weight between entanglements of PMMA and Mw is the cu-
mulated weight-average molecular weight of the PMMA chains calculated
via the method detailed below. The first term on the right-hand side of
Eq. 4.16 accounts for the free volume corrected radical diffusion due to the
motion of the center of mass of the entangled macroradicals and the second
term accounts for the contribution of chain propagation to radical mobility
[74]. Note that the first term of Eq. 4.16 is a modified version of Eq. (19)
in the work of Achilias [74], where we include φp to calculate the effective
number of entanglements, φpMw(Me)

−1, in accordance with the concept
of effective entanglement density for ideal polymer solutions [172]. Note
that, in the present study, Equation 4.16 is assumed to be valid within the
whole conversion range from χ = 0 to χ = 1, though the onset of entan-
glement occurs around χ = 0.1.

The value of Mw is calculated based on the value of the weight-
average degree of polymerisation DPw and the molecular weight M0

w of
the MMA monomer:

Mw = DPwM0
w, (4.17)

where the value of DPw is calculated via

DPw =

∑
j

(
dM
dt

)
tj

(
2

1−ωj
− 1
)

∑
j

(
dM
dt

)
tj

, (4.18)

where ωj is the probability of propagation of the macroradicals at time
t = tj and we made the following three assumptions: (1) the instanta-
neous molecular weight distribution at t = tj is a Flory distribution, (2) the
radical termination occurs through disproportionation only [148], and (3)
the values of (dM/dt )tj

and ωj remain constant during the time interval
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ranging from tj to tj+1. The value of ωj reads [148]:

ωj =
rp

rp + rt + rtr,M + rtr,I
=

kpM
(kp + ktr,M)M +

√
2 f kdkt I0 + ktr,I I0

, (4.19)

where rp, rt, rtr,M and rtr,I are the reaction rates of propagation, termination,
transfer to monomer and transfer to initiator, respectively, see Table 4.2 of
the manuscript.

Dependence of initiator efficiency f upon χ and T

The concentration of the initiating radicals decreases as the reaction pro-
ceeds due to the depletion of the initiator molecules as they thermally de-
compose. Hence, two different mechanisms contribute to the reduction of
the activity of initiating radicals upon increasing χ. In this study, we as-
sume that the (apparent) efficiency factor f accounts for the contributions
of both the cage effect and the initiator depletion effect. The value of the
initiator concentration I is assumed to remain constant.

The apparent initiator efficiency factor f depends upon the diffusion
coefficient of the initiator radicals Di:

f =
f0

1 + C
Di

, (4.20)

where f0 is the initial efficiency value, C is a fitting parameter, and Di is the
diffusion coefficient of the initiating radical:

Di = D0
i exp

(
−γi

Vf

)
. (4.21)

Here, D0
i is a pre-exponential factor and γi an overlap factor.

Dependence of initiator decomposition rate coefficient kd upon T

The rate coefficient of peroxide decomposition kd is assumed to depend on
temperature only:

kd = k0
d = Ad exp

(
− Ed

RT

)
, (4.22)

where Ad is a pre-exponential factor and Ed is the activation energy of
peroxide decomposition.

96 |



Supplementary information | 4.6

4.6.2 Validity of the quasi-steady state approximation (QSSA) in the pres-
ence of diffusional effects
The quasi-steady state approximation (QSSA) is commonly used to sim-
plify the kinetic treatment of chemical reactions involving highly reactive
intermediate species. The QSSA may be applied to all radical species R•

involved in the free-radical polymerisation mechanism. It states that the
overall rate of change in radical concentration is negligible, as the rate of
radical production is approximately equal to the rate at which they are de-
stroyed:

d [R•]

dt
≈ 0. (4.23)

This is only valid if the characteristic time τ1 required for the production
of radical species is significantly longer than the characteristic time τ2 re-
quired for their consumption [148]. The values of τ1 and τ2 read

τ1 =
1

2 f kd
(4.24)

and
τ2 =

1
kt [R•]

, (4.25)

respectively. During the polymerisation of MMA, the gel effect leads to
an accumulation of radicals in the reaction medium. Hence, the QSSA is
generally considered invalid in this case [148]. However, it is still possible
to use this assumption in the conversion range where τ1 ≫ τ2.

The calculated value of the ratio τ1/τ2 is plotted as a function of MMA
conversion χ for plate B in Fig. 4.14. Consider a conservatively chosen
critical value of τcrit = τ1/τ2 = 100 below which the QSSA ceases to be
valid. The value for τ1/τ2 ratio remains above τcrit in conversion regimes 1
to 3 for the three experimental testing conditions considered in the present
study (predictions for τ1/τ2 for tests A and C are not shown). We therefore
conclude that the QSSA holds in the monomer conversion range from χ =

0 to χ = 0.9. The predicted value of τ1/τ2 is below τcrit in domain 4 at
a degree of monomer conversion above 0.9. In addition, our predictions
show that for any location across the thickness of the preform, the value
of τ1/τ2 is below τcrit after reaching the peak in temperature Tmax, see
Fig. 4.8 of the manuscript.
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Fig. 4.14 Predicted value of τ1/τ2 as a function of monomer conver-
sion χ by the calibrated thermochemical model during the in-situ poly-
merisation in the middle of plate B (y ≈ 0.50c1). Four conversion regimes
are identified, see Fig. 4.8 of the manuscript. The grey area highlights the
monomer conversion range for which τ1/τ2 < τcrit.

Hence, the loss of validity of the QSSA at a conversion degree above 0.9 is
expected to have only a small influence on the predicted values of the peak
time and peak temperature.

4.6.3 Characterisation of plate microstructure by X-ray tomography [1]
Materials and methods
Cuboids of dimensions 10 × 10 × 73 mm3 were machined from compos-
ite plates A and B using a water-cooled disk-milling cutter, according to
the sectioning diagram shown in Fig. 4.15. Micro-Computed Tomography
(µCT) was performed on a Phoenix Nanotom S X-ray computed tomog-
raphy system (GE Inspection Technologies), according to the protocol de-
scribed in the work of Gayot [1]. The composite samples were mounted on
a holder, with y-axis aligned along the rotation axis of the rotation stage,
and were scanned at three positions along the y-direction, respectively near
the bottom, middle and top parts of each plate.
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Fig. 4.15 Sectioning diagram for the characterisation of plates A and B
(L = 60 cm, W = 40 cm, c1 = 73 mm) by µCT.

The isotropic voxel resolution was set to 7.5 µm, i.e. smaller than the diam-
eter of the glass fibres (15 µm). The scans were reconstructed and processed
using the method presented in the work of Gayot [1].

Characterisation of plate microstructure
The 3D volume renderings of the void patterns in plates A and B are pre-
sented in Figs. 4.16 and 4.17, respectively. The results obtained with µCT
are consistent with those obtained from optical microscopy in terms of void
volume fractions Φ, see Fig. 4.5 of the manuscript. In particular, the close-
to-zero porosity in plate A and the presence of a porosity gradient along
the y-axis of plate B are confirmed. For both conditions A and B, µCT also
confirms that the fibrous preform is comparable to a dual-scale porous
medium with millimetre-sized inter-tow channels and micrometre-sized
intra-tow channels. As observed with optical microscopy, cavitation seems
to occur almost exclusively in the inter-tow area, giving rise to millimetre-
sized ‘macropores’. In low-porosity parts like plate A (Φ ≈ 0.1%) or the
bottom third of B (Φ ≈ 0.3%), voids are spheroidal. They form prefer-
entially in the largest resin pockets available, i.e. where several inter-tow
channels are connected along the y-axis, see Figs. 4.16 and 4.17. As the
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value for Φ increases along the thickness of plate B, the shape of the pores
changes from spheroidal to ellipsoidal due to the confining presence of the
inter-tow area, see Fig. 4.17. In the top part of plate B, where Φ is close
to 10%, these ellipsoidal cavities merge into a continuous 3D network run-
ning across the inter-tow channels.

5 mmLocation

along y axis
Φ (%)

Top

third
0.06

Middle

third
0.03

Bottom

third
0.12

Fig. 4.16 3D volume renderings of void patterns obtained from µCT
across the thickness of plate A (c1 = 73 mm).
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Fig. 4.17 3D volume renderings of void patterns obtained from µCT
across the thickness of plate B (c1 = 73 mm).
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5
4D-XCT monitoring of void

formation in thick Elium
composites produced by infusion

This chapter is an extended version of the conference paper entitled
Monitoring void formation during liquid composite moulding by in-situ X-ray
computed tomography by S. F. Gayot, J. Soete, J. Vanhulst, C. Bailly, P. Gérard
and T. Pardoen, published in 2022 in the Proceedings of the 37th American
Society for Composites (ASC) Annual Technical Conference in Tucson, AZ,
USA [5].

J. Soete designed the XCT scanning method, performed and processed the
scans. J. Vanhulst designed, manufactured and installed the miniature in-
fusion setup and mount in the CT scanner (including connections to the
vacuum and heating systems). S. F. Gayot was in charge of the conceptu-
alisation and coordination of the project and took care of the tasks related
to composite processing.
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5.1 Introduction

Fibre-reinforced polymer composites produced by liquid moulding tech-
niques contain voids, which can be detrimental to the mechanical prop-
erties of the structural components. While the formation of porosity can-
not be avoided entirely, mitigation actions can be applied to control the
main sources of void formation. These sources include incomplete resin
degassing and void entrapment during mold filling, volatilisation of resin
components (or polymerisation by-products) and chemical shrinkage dur-
ing in-situ curing, and thermal shrinkage upon cooling [123–127]. This
implies building up a good level of understanding of the mechanisms in-
volved in void formation for a given manufacturing process. Various char-
acterisation methods exist for the post-mortem analysis of porosity in com-
posite materials, e.g. X-ray computed tomography (XCT), microscopy of
polished cross-sections, thermography, or ultrasonic inspection. However,
the identification of the origins/sources of porosity remains elusive. When
several mechanisms are involved in the process of void nucleation, growth
and transport, post-mortem methods are unable to decorrelate them and
reconstruct the timeline of events.

Over the past decade, novel characterisation techniques have been de-
signed for monitoring void formation during composite manufacturing.
Though a few studies mention the use of transparent tooling for the direct
observation of surface porosity [173–175], most of them rely on XCT. This
non-destructive characterisation technique allows 3D imaging of a speci-
men, obtained by reconstructing a series of planar X-ray projections equis-
paced along a 360° sample rotation. XCT can be used to monitor void for-
mation in composite materials either via ‘in-situ’ or ‘ex-situ’ protocols. In
ex-situ methods, composite specimens are produced outside of the scan-
ner. The manufacturing process must be interrupted at a given step in
order to extract the sample and perform subsequent CT characterisation
[176, 177]. Several authors relied on ex-situ methods to study void for-
mation during the out-of-autoclave consolidation of epoxy-based carbon
prepregs [178–180]. Laminates were prepared outside of the scanner, par-
tially cured, cooled down to prevent further resin crosslinking, downsized,
and finally subjected to CT scanning. The disadvantage of an ex-situ ap-
proach is that information can only be obtained for the steps at which the
experiment was interrupted and a CT scan was taken [176, 177]. The tim-
ing and order of the changes that take place in between consecutive steps
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are lost. There is also an uncertainty related to the cooling rate in case the
voiding process is very fast.

On the other hand, dynamic in-situ methods, i.e. an uninterrupted ex-
periment and continuous data acquisition, can lead real-time observation
of void formation in composites directly within the CT scanner [176, 177,
181]. A miniature version of the process must be designed: the setup must
fit and rotate 360° inside the tomograph and should be made of thin, rela-
tively low-atomic-number and low-density materials in order to minimise
unwanted X-ray attenuation during scanning. More importantly, there is
always a trade-off between scan speed and image quality, which makes the
observation of small-scale dynamic phenomena, e.g., void growth, par-
ticularly difficult. Synchrotron X-ray sources may be used to circumvent
this problem, but they are less accessible than lab-based CT scanners. For
these reasons, the first in-situ XCT experiments dedicated to void monitor-
ing during composite manufacturing were developed only very recently.
Apart from Kratz et al. [182], who made use of a lab-based CT scanner,
all other studies relied on synchrotron X-ray facilities [183–189]. Some au-
thors studied the (de)consolidation of semi-finished products, i.e., prepreg
or sheet moulding compounds, under heat and/or pressure [182, 185, 187,
188]. Other researches focused on liquid moulding (LM) techniques [184,
186, 189] but the in-situ analysis only covered the impregnation step and
the setup consisted of a single fibre tow, providing limited insights into the
void formation mechanisms involved in real-scale LM processes.

The objective of this study is twofold. First, a new lab-based XCT
method is developed for the in-situ dynamic monitoring of void forma-
tion during the vacuum infusion and curing of a thick (> 2 cm) glass fibre-
reinforced polymer composite. The principle of the experimental setup
used for in-situ infusion is inspired from the work by Hemmer et al., who
studied the evolution of the fibrous preform microstructure upon infusion
of a non-reactive model fluid [190, 191]. The mechanisms leading to void
formation and transport are then investigated for the particular case of
a 2.3 cm-thick methyl methacrylate (MMA)-based thermoplastic compos-
ite, produced by vacuum infusion of a dedicated monomer-based formula
into a glass fabric layup and polymerisation within the preform. This sys-
tem can be subjected to monomer boiling due to the exothermic and self-
accelerating nature of the polymerisation reaction [4, 44, 51, 192]. It can
also be prone to void formation through common mechanisms including
flow-related void entrapment during the impregnation step.
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5.2 Materials and experimental methods

5.2.1 Materials
Composite preforms were made of quasi-unidirectional HiMax™ XGE190
bi-axial non-crimp glass fabric (Hexcel, CT, USA) with an areal weight
of 3.791 kg.m−2. The thermoplastic resin, which has been formulated
to ensure compatibility with liquid composite moulding technologies,
comprised an infusion-grade monomer formula (Elium® 151 OSA of
Arkema, France) and a ketone peroxide thermal initiator (Butanox® M-50
of Nouryon, Netherlands). The consumables for bagging were obtained
from Diatex SAS (France). The materials used for manufacturing and
operating the setup are detailed in Table 5.1 of the Appendix. Aluminium
was used as the main constituent of the setup for its combination of high
thermal conductivity and relatively low density, compared to other metals.

5.2.2 Miniature infusion setup
The downsized infusion setup was designed based on the work of Hem-
mer et al. [190, 191], who studied the microstructural evolution of a glass
fabric preform upon in-situ infusion with a non-reactive fluid using XCT.
The original setup of Hemmer consisted of a PVC plate pierced with holes
for connecting the resin and vacuum lines, and was used for the infusion
of a 9 mm-thick glass fabric stack. The setup manufactured in this work
is shown in Figure 5.1, alongside with the associated coordinate system.
Note that the following alterations were made with respect to Hemmer’s
setup: (1) addition of a heating system, (2) use of thermally conductive
materials and (3) addition of a dedicated rotating mount shown in Figure
5.1c.

5.2.3 In-situ infusion experiment
Preparation
Composite specimens were manufactured using the miniature infusion
setup illustrated in Figure 5.1. Preforms were produced by laying up 10
glass fabric plies of dimensions L = 9 cm and w = 4 cm onto the heating
plate. The final preform thickness h was close to 2.3 cm. Tow orientation
was aligned along the x-axis (i.e. infusion direction).
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Fig. 5.1 Design of the miniature infusion setup, inspired from [190, 191]:
(a) structure and dimensions in mm, (b) simplified side view of the setup
and preform during XCT scanning and (c) 3D view of the setup installed
in the CT chamber. The red rectangle indicates preform location.
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The layup was wrapped in peel ply in order to prevent any stray glass fil-
aments from compromising the bagging step. As described in Figure 5.1b,
strips of breather and bleeder materials were placed onto and underneath
the preform to improve resin flow and vacuum distribution, respectively.
The vacuum bag was installed onto the edges of the heating plate using
6 mm-wide strips of mastic sealant, and pleated according to standard bag-
ging practices. Tubing for resin inlet and vacuum line was connected to the
back of the setup using pneumatic elbows. The setup was screwed onto a
dedicated rotating mount in the CT chamber, see Figure 5.1c. Connections
to an external vacuum pump and heating controller were achieved via slip
ring connectors (to enable setup rotation during scanning) and vacuum-
tight gate valves. Any loose tube or cable was secured out of the field
of view of the detector using adhesive tape. Photographs of the installed
setup are presented in Figure 5.2. The composite preform was subjected to
200 mbar vacuum conditions and left to degas and stabilise for one hour,
as described by Hemmer [190, 191].
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Fig. 5.2 Front (left picture) and back (right picture) views of the infusion
setup after installation in the CT chamber.
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In-situ infusion experiment
The resin mix was prepared with 1.5 parts initiator per hundred parts
monomer formula, mechanically stirred for 5 min, and then degassed for
1 min at 100 mbar. The time at which the initiator was added is referred
to as t0. Between t0 and t0 + 8 min, the resin container was secured inside
the CT chamber using the dedicated holder shown in Figures 5.1c and 5.2.
Resin infusion was then carried out under 200 mbar vacuum and at room
temperature. Complete filling of the preform was achieved within 2 min-
utes of infusion (i.e. around t0 + 10 min), after which the valves connecting
the setup to the resin inlet and vacuum line were closed. In-situ dynamic
scanning was started around t0 + 12 min, and the temperature controller
was switched on. The infused preform was heated from the initial chamber
temperature (i.e. 30 °C) to 80 °C, with a heating rate close to 7 °C.min−1.
The setup temperature was maintained at 80 °C until a sharp temperature
peak was reached at the surface of the preform, indicating the completion
of polymerisation reaction [1, 4]. The setup was then left to cool down
to room temperature, which had raised to approximately 40 °C inside the
CT chamber due to X-ray irradiation. Dynamic scanning was interrupted,
after which a final static scan of the composite specimen was taken.

5.2.4 XCT scanning parameters
3D imaging of the composite specimens was performed on a 230 kV/300 W
TESCAN Unitom XL computed tomography system, with the setup mount
rotating 360° around the x-axis of the composite sample. A tungsten target
was installed on the reflection source together with a 0.1 mm thick CuZn
filter to harden the X-ray beam. Two different sets of acquisition meth-
ods, referred to as ‘dynamic’ and ‘static’, were applied during the exper-
iment. Both acquisition methods applied a tube voltage of 150 kV and a
tube power of 15 W. The dimensions of the field of view (FOV) were set to
25, 30 and 20 mm in the x, y and z-directions, respectively, meaning that
neither the uppermost glass fabric ply nor the lateral edges of the preform
(along the y-axis) were observed. However, a compromise had to be found
between enlarging the field of view and moving the setup closer to the
source for achieving better spatial resolution.

Dynamic scanning was initiated after infusion and covered the whole
duration of the polymerisation and cooling steps. Static scanning was used
to image the specimen in its final state, i.e., after complete cooling of the
setup. The purpose of the static scan was to obtain the smallest possible
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voxel size with the in-situ setup installed. The associated scan time did
not matter in this case, as no time-dependent phenomena were expected
to occur. A voxel size of 11.25 µm was obtained in static acquisition mode.
2400 radiographic projections were acquired at an exposure time of 275
ms, resulting in a scan time of 23 minutes. On the other hand, in dynamic
acquisition mode, the scan time had to be short enough to capture subtle
changes in void pattern over time. The scan speed was gained by sacri-
ficing image quality through larger rotation steps, and detector binning.
In this specific case, a 2 × 2 binning of the detector was applied (i.e. each
2 × 2 matrix of pixels was combined into one larger pixel). This doubles
the voxel size (i.e. 22.5 µm) compared to the static experiment, but at the
same time provides a better signal to noise ratio and shorter exposure time
(150 ms), which allowed working with a reduced number of radiographic
projections (900). 60 continuous 360° acquisitions at a temporal resolution
of 135 seconds resulted in a duration of 135 minutes for the dynamic ex-
periment.

5.2.5 Processing of XCT results
The software Panthera (V. 1.3b1, TESCAN XRE NV) was used to recon-
struct the XCT scans and export cross-sectional images. The open-source
software ImageJ [147] was used to further analyse some of the 2D cross-
sectional images, while post-processing of the 3D data and was performed
in Avizo 2021.2 (ThermoFisher). Prior to the quantitative analysis, noise
filtering was applied, using a median filter with the neighborhood connec-
tivity set to 26 and 3 iterations. The median filter reduces the photon noise
in the scanned volume. Next, a greyscale thresholding was performed to
segment the images into three phases, i.e., voids, matrix and glass fibre
tows.

5.3 Results and discussion

5.3.1 Cross-sectional images of the composite specimen
2D cross-sectional images were extracted from each of the 60 reconstructed
dynamic scans at a fixed location, i.e. in the (xoz) plane intercepting the
y-axis at y = w/2. The corresponding images are displayed in Figures 5.3
and 5.4. Each phase of the material (i.e. fibres, resin and voids) is char-
acterised by a different shade of grey: glass fibre tows appear light grey,
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while the resin looks darker and the voids are black. The red rectangles in
Figures 5.3 and 5.4 serve as a guide for the eye, by indicating regions where
a significant change in void morphology is observable as compared to the
scan taken immediately before. Note that only one image is presented for
scans 1 and 2 in Figure 5.3, and for scans 8 to 60 in 5.4, as no significant
change in void pattern was observed within these two series of images.

5

1-2 3

4

5 mm

z

x

mould

Fig. 5.3 Reconstructed xz slices obtained from dynamic scans 1 to 5 at
y = w/2. Red boxes indicate areas where void patterns noticeably change
compared to the same area of the previous scan.
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The cross-sectional images presented in Figures 5.3 and 5.4 reveal that
the vast majority of void formation events occurs between scans 2 and 8,
i.e. within the first 30 minutes following peroxide introduction, though a
few randomly distributed voids are already present in scans 1-2.

6 7

8-60

z

x

5 mm

Fig. 5.4 Reconstructed xz slices obtained from dynamic scans 6 to 60 at
y = w/2. Red boxes indicate areas where void patterns noticeably change
compared to the same area of the previous scan.
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Second, voids are exclusively observed in between two subsequent fabric
plies and/or in between fibre tows of the same ply. Their smallest dimen-
sion is on the order of a few hundred microns. Third, void growth events
take place gradually along the z-axis between scans 2 and 8, i.e. voids form
first in the region near the mould (see scans 3 and 4 of Figure 5.3). Once
these have attained their final size, other voids start to grow in the upper
plies (see scans 5 to 8). This continues until the surface of the preform is
reached (scan 8), after which the void pattern does not evolve anymore.

5.3.2 Evolution of porosity
The average volume fraction of voids in the composite specimen, which
will be referred to as the porosity Φ, was estimated for each of the 60 dy-
namic scans as follows. First, the heating plate was cropped out of the FOV
as it would interfere with the determination of the porosity. The cropped
FOV was further divided into 4 identical cuboid sub-volumes perpendicu-
larly to the z- and x-axes, as illustrated by Figure 5.5. The volume fraction
of voids in each cuboid - referred to as φ - was estimated, resulting in a set
of 4 measurements per scan from which the average value Φ was calcu-
lated alongside with the associated standard deviation.

6 mm

x

z

y

1

2

3

4

Fig. 5.5 Sectioning method applied to the FOV for porosity calculation,
exemplified on the 3D rendering of the voids obtained from scan 51. The
four resulting sub-volumes are depicted with different colours for easier
visualisation.
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The evolution of Φ is presented in Figure 5.6 as a function of scan num-
ber and corresponding time of the experiment (whose origin is defined as
t0, i.e. peroxide introduction). The value of Pearson’s standard deviation
associated to each value of Φ is depicted with error bars.

Dynamic scan number

Φ (%)

Experiment time (min)

12 22 32 122 132

Tsurface (°C)

0.5

1

1.5

2

0 5 10 50
0 20

30

40

50

60

70

80

Fig. 5.6 Variation of the average porosity Φ (and corresponding Pear-
son’s standard deviation) over the volume of interest and evolution of the
surface temperature Tsurface as a function of dynamic scan number and
scanning time. 3D volume renderings of the void patterns generated from
dynamic scans 1 (top left) and 8 (top right) are also presented.
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The evolution of the specimen’s surface temperature Tsurface is also in-
cluded, alongside with two examples of 3D void pattern renderings ob-
tained from scans 1 and 8. As no significant evolution in porosity was
observed beyond scan 10, only one Φ value is represented for scans 11 to
60. It was obtained from scan 51, which was acquired after the preform
had cooled down to CT chamber temperature and is thus considered rep-
resentative of the final state of the system.

The information displayed in Figure 5.6 consolidates the assumptions
made from the cross-sectional images. In particular, the value of Φ for scan
1 is not equal to zero but close to 0.2 %, which confirms the presence of
voids in the composite before the start of dynamic scanning. These likely
arise from the infusion step per se, i.e. preform filling. The 3D rendering of
scan 1 reveals a homogenous, random-looking distribution of these voids
throughout the scanned volume, which was also inferred from the 2D im-
ages. Secondly, Figure 5.6 allows verifying that void formation/evolution
events exclusively occurred between dynamic scans 1 and 8, as shown by
the continuous increase of Φ from ≈ 0.2 % at scan 1 up to the maximum
value of ≈ 1.5 % at scan 8. As concerns the slight apparent drop in the
calculated value of Φ between scans 8 (Φ ≈ 1.5 %) and 51 (Φ ≈ 1.3 %), it
is too small to be directly related to an actual change in void pattern, as
detailed in the next section.

The results shown in Figure 5.6 also allow correlating the evolution of
porosity Φ with the timeline of the polymerisation reaction, through the
temperature plot. As mentioned in the introduction, MMA polymerisa-
tion exhibits a characteristic thermokinetic behaviour. In the early stages
of monomer conversion, the temperature of the reaction medium increases
slowly and steadily. Then, self-acceleration occurs: the temperature in-
creases more and more sharply until reaching a peak, which corresponds
to the completion of the reaction. Finally, the polymerisation medium cools
down back to room temperature. Here, the surface temperature of the pre-
form reaches its maximum value (i.e. 60 °C) around 30 min after the per-
oxide introduction, which corresponds to the end of scan 9. Therefore, the
first 9 scans cover the polymerisation step, while the rest of the scans cover
the cooling step. The rates at which Tsurface and Φ values increase during
polymerisation follow a similar evolution, i.e. both parameters increase
faster as time passes by, until the maximum value is reached. This further
highlights the direct link existing between the polymerisation reaction and
void formation/evolution in the composite specimen.
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Note that the standard deviation of Φ also varies over the course of the
experiment, starting from a value below 0.1 % at scan 1 and rising up to 0.3-
0.35 % from scan 5 onwards, see Figure 5.6. This apparent increase in the
dispersion of Φ values arises from the choice of sectioning method applied
to the FOV for studying porosity. Recall from Figure 5.5 that the FOV was
divided into two equal parts along the x-axis and two equal parts along
the z-axis, giving rise to 4 cuboid sub-volumes. As already known from
section 5.3.1, sub-volumes no. 1 and 2 - which comprise the upper plies of
the preform (see Figure 5.5) - experience delayed void growth compared to
the lowermost plies, i.e. to sub-volumes no. 3 and 4. More precisely, sub-
volumes no. 3 and 4 experience void formation events between scans 3
and 6, while sub-volumes 1 and 2 only do so between scans 5 and 8, which
causes the dispersion of Φ values to increase during polymerisation.

5.3.3 Evolution of void size
The size of the voids can be characterised for each of the dynamic scans via
a 3D local thickness (LT) analysis. This operation consists in automatically
fitting spheres inside each void, starting from the largest possible diameter
values. For each scan, a distribution of the cumulated volume of the in-
scribed spheres as a function of their diameter can be plotted, which is one
way of determining void ‘size’. Compared to other procedures aiming at
characterising void shapes and dimensions, e.g. in terms of their Feret di-
ameter, the LT analysis has the advantage of limiting the influence of noise
(which can give rise, e.g. to spurious connectivity between adjacent voids),
on the results.

The results of the LT analysis of the voids captured by scans 1, 5, 9 and
51 are displayed in Figure 5.7. The amplitude of the distributions evolves
in a similar way as the porosity Φ, i.e. it increases between scans 1 and
9 and then slightly decreases between scans 9 to 51. The range of LT val-
ues obtained from the scans remains relatively unchanged, extending from
50 to ≈ 800 µm in all cases. As Φ increases, two distinct populations ap-
pear within the void size distributions, as depicted by the orange and red
boxes in Figure 5.7. The orange and red boxes contain LT values below
and above ≈ 500 µm, respectively. The former can be attributed to inter-
ply voids, while the latter are characteristic of inter-tow voids forming in
the V-shaped space between two adjacent fibre tows belonging to the same
ply. As illustrated by Figure 5.7, these two categories can co-exist within a
single, large void.
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Fig. 5.7 LT analysis of the voids determined from scans 1, 5, 9 and 51.
The orange and red boxes respectively correspond to inter-ply voids and
inter-tow void populations. Examples of these two categories of voids are
shown, using boxes of the same colour, on a 2D xz cross-sectional image.
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The architecture of the fibrous preform constrains the expansion of the
voids in the z-direction, resulting in more and more elongated cavities in
the x and y-directions as Φ increases. As shown by the 3D volume render-
ing of scan 8 in Figure 5.6, this results in a partial or full coalescence of the
voids in planes perpendicular to the z-direction.

Last, comparing the size distributions of the voids captured by scans 9
and 51 reveals a very slight and homogenous decrease in the volume of the
voids, regardless of their size. More precisely, the total volume of the voids
in the region of interest drops by 1.3 % between scans 9 and 51, i.e. during
cooling of the composite preform. This is nowhere near sufficient, how-
ever, to explain the measured drop in Φ values mentioned previously. In-
deed, a 1.3 % decrease in the total volume of the voids should have led to a
negligible drop of around 0.02 % in the calculated value of Φ. The observed
discrepancy between the LT analysis and calculated porosity values can be
easily explained by superimposing xz cross-sectional images of scan 9 and
51 (taken at the y = w/2 location) and projecting the measured standard
deviation in grey level for each pixel via the ‘Z project’ tool of ImageJ. The
standard deviation map is presented in Figure 5.8. The white areas indicate
the locations where significant differences have been detected between the
two images. There is a clear vertical shift (i.e. along the z-axis) between the
two images, which becomes larger as the z coordinate increases.

51

z

x
5 mm

9

Projected

difference map

Fig. 5.8 Projected pixel-by-pixel standard deviation map (right) between
the xz cross-sectional images of scans 9 and 51 (left), obtained via the Z
project tool of ImageJ.
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This vertical contraction of the material results from the thermal shrink-
age experienced by the composite during cooling. We note in passing that
the heterogenous contraction in the z-direction is likely due to the fact that
the surface plies, which are closer to the bag, cool down faster through air
convection than the bottom plies, which are in contact with a thick layer
of metal. Coming back to the matter of interest, thermal shrinkage thus
affects the relative proportions of voids, matrix and fibre tows within the
fixed field of view used for calculating porosity. This explains the discrep-
ancy between the calculated drop in porosity and the expected value of
this drop, as estimated from the LT analysis of the voids.

5.3.4 Assessment of dynamic scan uncertainty
The static scan and one of the last dynamic scans, i.e. scan 51, were com-
pared to verify the representativeness of the dynamic scanning method in
terms of void size. As mentioned previously, the two datasets were both
acquired once the system had completely cooled down and was no longer
expected to evolve. The distributions of LT values obtained via both scan-
ning methods are presented in Figure 5.9.

Fig. 5.9 LT analysis of the voids after cooling, determined from dynamic
scanning (scan 51) versus static scanning.
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The plots have overall similar shapes, which confirms the ability of
the dynamic scanning method to capture voids with reasonable accuracy.
However, the LT values of the voids captured by the dynamic scan are sys-
tematically higher than those obtained from the static scan in the 150-400
µm range, while the opposite trend is observed in the 400-550 µm range.
This results in a significantly higher Φ value for the static scan (≈ 1.9 %)
compared to the dynamic scan (≈ 1.3 %). In this case, the mismatch is
probably due to a more precise detection of the edges of the voids via
higher-resolution static scanning. However, both porosity values remain
in the same order of magnitude, which is deemed sufficient with respect to
the purpose of the study (i.e. identifying void formation mechanisms).

5.3.5 Identification of void formation mechanisms
In light of the results presented in Figures 5.3 to 5.7 and the main sources of
porosity identified from the literature, the following timeline and explana-
tions are proposed with respect to the void formation events occurring in
the Elium composite specimen. First, a small amount (≈ 15 %) of the final
volume of the voids arises from the infusion step, during which voids may
form through the degassing of the resin and/or through the flow-related
entrapment of voids during preform filling. In this work, the resin was
degassed prior to infusion at a pressure lower than the infusion pressure.
Therefore, it is assumed that the few voids observed within the preform
after infusion result from flow-induced entrapment upon preform filling.

The majority of void growth events in the Elium composite are clearly
attributed to the in-situ polymerisation step, during which they occurred
gradually along the thickness direction of the preform. The two possi-
ble causes for cavitation during polymerisation are through the boiling of
one or several resin component(s) (or by-product(s)) and/or the chemical
shrinkage of the resin. The boiling of the Elium monomer MMA within
thick composite parts produced by vacuum infusion has been thoroughly
studied in references [1, 4]. Assuming the pressure inside the bag raises
back to around 1 atm after infusion (which should be the case after clos-
ing the resin inlet and vacuum lines [165, 166]), the boiling temperature of
MMA should be close to 101 °C within the bag. The Elium composite spec-
imen reached a maximum surface temperature of 60 °C during polymeri-
sation (as recorded by the thermocouple), and a maximum mould temper-
ature of 80 °C (as measured by the PID heating system). Therefore, it seems
unlikely that MMA could boil within the preform. Besides, the homoge-
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nous void pattern observed along the z-axis after polymerisation does not
resemble the characteristic gradient pattern resulting from monomer boil-
ing issues [1, 4, 98]. By elimination, chemical shrinkage appears as the
most probable source of void formation in the Elium composite of interest.
This hypothesis is supported by the fact that poly(methyl methacrylate)
(PMMA), which is the main constituent of Elium after polymerisation, is
known to be around 20 % denser than the MMA monomer [14].

Finally, there is a very slight reduction in void size upon cooling of the
composite specimen as a consequence of thermal shrinkage. However, the
resulting change in the overall void pattern of the composite material can
be considered negligible.

5.4 Conclusions and perspectives

This study provides a proof of concept for a novel 4D-XCT lab-based
experiment aimed at monitoring the processing of composites by vacuum
infusion and in-situ polymerisation. The key focus was placed on void
formation. The main outcomes of the study are the following: (1) the
design, manufacturing and successful testing of a miniature heating
infusion setup, (2) the characterisation of void formation and growth
events in a composite preform during matrix polymerisation and (3) a
semi-quantitative assessment of the nucleation, growth and coalescence
process in terms of shape, size, and location of the voids.

Obviously, laboratory-based X-ray scanners are subjected to technical
limitations which make it difficult to perform dynamic experiments with
both a high spatial resolution and a high scanning rate. In this work, the
best possible trade-off we could find led to a scan time of 2 min 15 and a
voxel size of 22 µm. The scan time is too long for fully capturing void nu-
cleation and growth events in a viscous liquid [193], while the voxel size is
too large for distinguishing individual fibres within the tows and detecting
voids smaller than 50-60 µm. Using a synchrotron X-ray light source would
certainly help to overcome these limitations, as described in Annex 2 (see
section 9.2). However, this would bring in turn a number of new challenges
[194]. First, the field of view would be drastically reduced, decreasing the
probability of capturing several void formation events. Second, the high
luminosity of synchrotron sources would certainly cause self-heating of
the setup, which - in the case of Elium - could cause monomer boiling and
subsequent void formation. Finally, the enormous amount of data gener-
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ated by synchrotron XCT scanning would make it impossible to monitor
the entire polymerisation of Elium in a continuous manner.
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5.6 Appendix

Table 5.1 Material used for assembling and operating the infusion setup.

Description of the part Reference or
characteristics

Manufacturer

Polished aluminium plate 160 × 50 × 1 mm3 -

Heat transfer layer MHP-2550A100A AMEC Thermasol

Ceramic cartridge heaters 12V 40W, ∅ 6 × 20 mm3 Reprap

Temperature sensors LM35CAH Texas Instruments

Wire connectors Micro Mate-N-Lock TE Connectivity

Thermally conductive glue TC-2810 3M

Elbow pneumatic
connectors

3199 04 19, 4 mm Legris

Heating controller Love 32B-22-LV Dwyer Controls

Power supply 24V/5A -

Slip ring SRH 1254 Gileon

Vacuum pump XL 20 PIAB

Resin/vacuum PUER tubing 1025U04R08, 4mm Legris

Manual pneumatic valve 7910 04 00 Legris

Remote pneumatic valve VX220AGA SMC

Vacuum gauge GZ46-K-02 SMC
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6
Nanoscale digital image

correlation at elementary
fibre/matrix level in

polymer–based composites

This chapter is based on the published article Nanoscale digital image corre-
lation at elementary fibre/matrix level in polymer–based composites, N. Klavzer
and S. F. Gayot, M. Coulombier, B. Nysten, T. Pardoen, Composites Part A:
Applied Science and Manufacturing 168 (2023), 107455 [7].

N. Klavzer and S. F. Gayot designed and performed the in-situ compres-
sion experiments and DIC analyses. M. Coulombier took care of PVD-
related tasks. N. Klavzer was in charge of distortion correction aspects and
S. F. Gayot performed the particle size and strain deviation analyses.

| 125



6 | Nanoscale digital image correlation at fibre/matrix level

6.1 Introduction

Quantitative submicron scale experimental data about the deforma-
tion and failure of fibre-reinforced polymer composites (FRP) at the
matrix/interface/fibre level is currently missing, preventing a full un-
derstanding of the local mechanics and impeding the development of
enriched micromechanical models. Bottom-up multiscale mechanics
approaches are indeed at the core of the advanced design strategy of fail-
safe composite structures [195]. Available finite element (FE) numerical
frameworks rely on experimental results for modelling the behaviour of
FRPs at the micro- (ply level), meso- (laminate level) and macro- (part
level) scales [196]. While macro- and mesoscale properties are relatively
straightforward to extract using classical mechanical tests, the response at
the microscale has yet to be fully explored especially in terms of quantita-
tive mechanical behaviour data. Evidence shows that neglecting the local
fibre/matrix behaviour, such as possible size effects, the presence of an
interphase of different nature, local variations in polymer structure and/or
constraint effects on local shear banding, significantly limits the accuracy
of numerical predictions, particularly in loading conditions where the
matrix is the main carrier of deformation (i.e. transverse compression or
shear) [197]. In other words, one cannot ‘simply’ rely on the bulk polymer
mechanical response and known fibre behaviour to model the microlevel.

A number of experimental approaches are available to address the
local matrix, fibre-matrix interface and interphase characterisation, see
recent review [198]. Nanoindentation has been widely used to characterise
both bulk polymer glasses and ‘confined’ matrices within FRPs [199–205].
Although the interpretation of experimental load-penetration curves in
small matrix pockets remains controversial, the properties determined by
nanoindentation very often differ from those extracted from macroscale
tests. The local strength in FRPs tends to be 15-20 % higher compared
to bulk samples, while stiffness is also often found to be larger within
inter-fibre matrix regions. Nanoindentation data have been used to
either determine the underlying deformation mechanisms or to feed FE
models [206]. Atomic force microscopy (AFM) has been applied to FRPs
to determine local heterogeneities and to map the size of the interphase
region around the fibres. The local property landscape in polymer glasses
is systematically heterogeneous and the size of the interphase is found to
be ranging from a few tens of nanometres up to a few microns [207–210].
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However, nanoindentation and AFM do not provide information on the
stress and strain fields during loading.

Recently, micro digital image correlation (DIC) has been adapted to
the study of FRPs, aiming at characterising the local deformation processes
[211, 212]. DIC is a non-contact method, which tracks the relative displace-
ment of material points between two images. The strain field is then ex-
tracted from the displacement field [213, 214]. DIC can, in theory, be ap-
plied at any scale as long as a suitable speckle pattern (i.e. used for the
tracking) can be created or by using inherent material surface features. Al-
though macro DIC is widely used by the composite community [215–217],
the use of micro DIC remains scarce and nano DIC has, to the authors’
knowledge, not been applied to FRPs yet.

Micro DIC on FRPs was first introduced by Canal et al. [211]. In-situ
transverse compression tests were performed within a scanning electron
microscope (SEM) on unidirectional (UD) composite samples to favour
matrix plasticity. A fine alumina dispersion was used to track displace-
ments. The potential of micro DIC was demonstrated by qualitatively
mapping the strain fields over the region of interest (ROI), in accordance
with FEA predictions. Inter-fibre strain localisation was also detected,
however the overall strain measurements for each phase were inaccurate
due to averaging by the correlation algorithm linked to speckle coarseness.
Subsequent studies by Mehdikhani et al. [212, 218] showed that micro
DIC is also capable of clearly identifying regions of strain concentration or
even the presence of carbon nanotube clusters. Yet, the authors pointed
out the importance of evaluating the error resulting from the speckle
pattern quality, DIC analysis parameters and SEM-related effects (e.g.
charging, spatial and drift distortion, etc.). Hence, the speckle pattern
quality is the primary factor limiting the quantitative use of micro DIC at
the fibre/matrix level. More recently, Chevalier et al. [197] performed an
extensive experimental and numerical study on the transverse compres-
sion of UD specimens. The DIC maps did not match the FE predictions
obtained with a classical continuum model in confined regions between
fibres, where the FEA largely overestimates the strain amplitude. The key
conclusions from these studies are, on the one hand, that the accuracy
of micro DIC is mainly limited by the speckle pattern quality and SEM
artefacts and, on the other hand, that macroscale continuum models are
unable to quantitatively capture microscale deformation behaviours in
confined volumes.
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In order to extract quantitative information from micro DIC, issues
related to the speckle pattern and SEM have to be addressed. Improv-
ing the speckle pattern quality has been a point of interest for many ma-
terial systems [214, 219, 220]. The goal is to obtain a high contrast and
dense speckle pattern with a submicron speckle size, which significantly
increases the spatial resolution of the DIC analysis. Hoefnagels et al. [221]
recently proposed a novel approach allowing for a resolution of a few
tens of nanometres, hence justifying the use of the ‘nano DIC’ terminol-
ogy. The method relies on the ability of some metals to create thin films
from the nucleation, growth and coalescence of nanometric clusters or ‘is-
lands’ (Volmer-Weber growth mode). This particular growth mode is ob-
served when adatoms have a high diffusion length on the substrate sur-
face, which may be achieved by depositing a metal (or alloy) with a low
melting temperature, while providing high kinetic energy to the deposited
atoms via low-pressure deposition methods, e.g. physical vapour deposi-
tion (PVD) [221, 222]. Hoefnagels et al. showed that the physical vapour
deposition of certain indium-based solder alloys by magnetron sputtering
yields the formation of speckle patterns with controlled morphologies (i.e.
particle shape, size, and density) on metallic substrates, without requiring
substrate heating. This method was used successfully to quantify strain
localisation – and thus predict failure location - in polycrystalline iron foils
[221].

Nevertheless, a high-resolution speckle is not sufficient to guarantee
the overall spatial resolution of DIC measurements, which also depends
on the accuracy of the imaging technique. In the case of in-situ mechan-
ical tests performed in a SEM chamber, so-called image distortions – i.e.
deviations with respect to the ‘ideal’ image positions [223] - can occur and
eventually give rise to spurious displacements and thus invalid strains ex-
traction. SEM-related distortions may be separated into space- and time-
dependent effects, as proposed by Sutton et al. [223, 224] and other subse-
quent studies [225–227]. Spatial distortions (e.g. due to lens aberrations)
do not evolve over time, unlike temporal or ‘drift’ distortions. The latter
may arise from the components making up the SEM or even charging of
the imaged material. Positioning errors of the electron beam during scan-
ning, referred to as ‘scan line shifts’ [214, 223, 225], may also fall under this
category, but the impact on DIC measurements has not been extensively
studied in the literature – probably because they give rise to highly recog-
nisable line patterns on DIC strain maps.
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Spatial distortions have been shown to remain relatively constant
throughout a given experiment and to be more prevalent at low mag-
nifications, meaning that the effect on micro or nano DIC should be
limited [228]. Drift distortions, however, are more significant at high
magnifications, and can induce large overestimations in the measured
displacements. Several methods have been proposed to correct for drift
distortions, but the simplest approach consists in taking pairs of images at
each step during in-situ testing and evaluating the relative shift between
them [228]. When the material presents strong stress relaxation, as in
polymer glasses, accounting for the effect of stress relaxation on the
drift is key and can lead to degraded DIC measurements if not properly
dealt with [228]. An alternative approach is to improve the correlation
algorithm to take into account such artefacts, as done in [226, 227].

In this study, we combine the latest advances in patterning techniques
for micro and nano DIC with in-situ transverse compressions on UD FRPs
in order to reveal, for the first time, fine details of the local deformation
and failure of the constituents at the fibre/matrix level. This application of
nano DIC on FRPs has been made possible by adapting the speckle deposi-
tion technique developed by Hoefnagels et al. [221]. Here, we simplify the
approach by using electron beam (e-beam) evaporation of pure indium,
where only the deposition time (and hence the particle size) can be con-
trolled. The resulting dense and homogeneous nanoscale pattern exhibits
particle sizes ranging from 10 nm to a few hundred nm. This pattern is
applied to two types of FRPs: a glass fibre-reinforced thermoplastic and
a carbon fibre-reinforced thermoset. It allows overcoming the main chal-
lenge of low-scale DIC on FRPs, which is the accurate separation of the dis-
placements and strains in each of the constituents. In particular, the size of
the matrix-modified interphase region around the fibres can be measured,
which was impossible so far due to the averaging within the DIC algorithm
linked to an insufficiently fine speckle pattern. The methodology adopted
to minimise the impact of SEM-related distortions is also presented in this
paper. The results are compared first to AFM data and then to FE predic-
tions made using a continuum model with pre-identified parameters for
the matrix.
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6.2 Materials and experimental methods

6.2.1 Manufacturing of composite specimens

Glass fibre-reinforced thermoplastic composites
UD glass fibre-reinforced thermoplastic (TP) composite samples were
provided by Arkema (France). The thermoplastic matrix comprised a
pultrusion-grade methyl methacrylate-based monomer formula, Elium®
591 (Arkema), and 1 part per hundred ratio of the following peroxide
thermal initiators: Perkadox® 16 (Nouryon, the Netherlands), Trigonox®
141 (Nouryon) and Luperox® DEC (Arkema). 2400-tex SE 4740 glass rov-
ings (3B-The Fiberglass Company, Belgium) were used as reinforcement.
Continuous unidirectional composite profiles with a final thickness equal
to 2 mm and fibre volume fraction (Vf) close to 65 % were produced by
pultrusion. Parallelepipedic specimens of dimensions 4 × 2 × 3 mm3 were
machined using a water-cooled disc milling cutter, as shown in Figure
6.1a.
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Fig. 6.1 Unidirectional composite specimens for in-situ transverse com-
pression testing: (a) glass fibre-reinforced TP and (b) carbon fibre-
reinforced TS. Fibre orientation is parallel to the z-axis and compression
is performed in the x-direction. All dimensions are in mm.
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The choice of specimen geometry and dimensions was driven by two fac-
tors: (1) the limitation associated to the 2 mm-thick UD composite samples
manufactured industrially by Arkema and (2) the features of the compres-
sion stage and SEM chamber used for in-situ testing, see section 6.2.3. More
precisely, the z-dimension was matched with the groove depth of compres-
sion jaws (i.e. 3 mm) to optimize electric contact with the metal and min-
imise working distance during SEM imaging. Additionally, the strength of
the specimen had to remain below the load limit of the compression stage,
i.e. 2 kN.

Carbon fibre-reinforced thermoset composites
A UD carbon fibre-reinforced thermoset (TS) composite plate was pro-
duced by resin transfer moulding according to the procedure described in
[197], using the monocomponent HexFlow RTM6 resin from Hexcel (CT,
USA) and HTS 12k carbon fibres (Saertex Gmbh, Germany). The final Vf
value was close to 40 %. Parallelepipeds of dimensions 5 × 5 × 3 mm3

were machined using a water-cooled disc milling cutter, and two notches
were drilled parallel to fibre orientation as shown in Figure 6.1b. In this
case, specimen geometry and dimensions had already been determined by
Chevalier et al. [197] so as to remain within the limits of the compression
stage load cell (see section 6.2.3) and induce stress concentration during
testing.

Note that different geometries and fibre volume fractions were used
for the carbon fibre-reinforced TS and the glass fibre-reinforced TP trans-
verse compression specimens, for the practical reasons mentioned above.
However, this should not compromise the comparability of DIC measure-
ments between the two systems, as the nature of nanoscale plastic defor-
mation and failure phenomena occurring between fibres in a given system
depends mostly on the local fibre arrangement within the ROI (i.e. inter-
fibre distance, fibre diameter and orientation of the inter-fibre matrix strip
with respect to the unidirectionally-applied load).

Polishing of composite surfaces
Both types of composite specimens were polished perpendicular to fibre
orientation (i.e. z-axis) on a semi-automatic MultiPrep Precision Polish-
ing System (Allied High Tech Products, Inc., CA, USA). Resin-bonded dia-
mond discs with successive grit of 1200 and 4000 (MD-Piano from Struers
Inc., OH, USA) were used for grinding, while finishing was performed
with a 0.3-µm alumina suspension (AP-D Suspension 0.3 µm, Struers Inc.).
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6.2.2 Speckle pattern deposition
The protocol developed by Hoefnagels et al. [221] for depositing nano-
metric DIC speckles onto metallic specimens by PVD was simplified and
applied to polymer composite substrates as follows. Indium deposition
was performed by e-beam evaporation, using indium pellets with a pu-
rity of 99.99 %. The deposition rate was kept equal to 1 Å.s−1 and the
operating pressure never exceeded 4× 10−7 mbar. The influence of the de-
position time on speckle pattern morphology was assessed using silicon
wafers as the substrate material. More precisely, several deposition times
were tested, in order to produce the following target coating thicknesses: 2
nm, 5 nm, 10 nm, 20 nm and 50 nm. The results of this preliminary study
are presented in section 6.3.1. Note that indium was selected among the
list of commonly evaporated materials for several reasons. First, pure in-
dium has a low melting point under standard temperature and pressure
conditions (around 157 °C [229]), which should favour the formation of
metal ‘islands’ on the substrate material instead of a continuous film dur-
ing PVD, as mentioned previously [221]. It is also chemically inert to air
and water under ambient conditions, which guarantees the stability of the
coating between the deposition and imaging steps. Metallic indium is eas-
ily available and relatively inexpensive compared to other metals used for
e-beam evaporation [230]. Last, human toxicity of metallic indium is low
under occupational conditions [231].

6.2.3 SEM imaging and in-situ compression testing
Imaging of indium-coated Si wafers
An Ultra 55 Field-Emission SEM (Zeiss, Germany) was used for imaging
the indium speckle patterns deposited onto Si wafers, see section 6.3.1.
The acquisition parameters were similar to those applied during the in-
situ compression testing of composite specimens, see below.

Preparation of composite specimens for SEM imaging and compression
Unwanted charging effects arise when poor electric conductors, like poly-
mer composites, are imaged by SEM. As detailed in section 6.2.4, charging
may be detrimental to image quality (especially at high magnifications)
and can ultimately lead to surface degradation, impacting in turn the ac-
curacy of DIC measurements. Following indium deposition, polished com-
posite surfaces were therefore subjected to carbon sputtering, and all other
free surfaces were coated with a thin layer of silver lacquer. Composite
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specimens were mounted on a microtest compression stage equipped with
a 2 kN load cell (Deben UK Ltd., UK) and further placed inside the cham-
ber of an Ultra 55 Field-Emission SEM (Zeiss, Germany). Figure 6.2 shows
the experimental setup ready for insertion in the SEM.

composite specimen

compression jaws

x

z

Fig. 6.2 Thermoplastic composite specimen mounted on microtest com-
pression stage.

Compression testing and acquisition of DIC data
For each specimen, one or two zones of interest were selected for DIC mea-
surements and imaged with both a 5.7 × 4.3 µm2 and 11.4 × 8.6 µm2 field
of view (i.e. at a magnification of 20,000 and 10,000 in our case), and a
pixel size close to 6 and 12 nm, respectively. Acceleration voltage was kept
in the 2-4 keV range to limit charging effects. When needed, contrast and
brightness values were adapted during the test in order to counter the pro-
gressive darkening of SEM images induced by remaining charging effects.
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Each region of interest (ROI) was imaged before and during uniaxial
compression along the x-axis. Loading was performed using 50 to 100 N
increments, in between which the stage motor was stopped. SEM images
were taken at each load increment after the specimen was left to relax until
the load drop over a two-minute period (i.e. average time to take two suc-
cessive SEM images) was less than 1 N (see section 6.2.4 for further details).
Compression was continued until macroscopic fracture of the specimen.

6.2.4 DIC data processing
Image analysis
The size distribution of indium particles deposited on silicon wafers and
composite specimens was assessed using the open-source software ImageJ.
SEM images were subjected to binary thresholding, and a watershed seg-
mentation algorithm was applied to separate any spuriously connected
particles. The built-in particle analysis tool of ImageJ was run, and the
resulting data were processed with MATLAB (R2021b). A sample size of
at least 1,000 particles was used for each case.

DIC measurements
The DIC analyses were carried out using the open-source software Ncorr
[232], which relies on three input parameters: the subset size, step size and
strain radius value. The ‘subset’ refers to a group of pixels in which strains
are assumed to be homogeneous, while the ‘step’ denotes the spatial shift
between two adjacent subsets. The value of the strain radius indicates the
size of the smoothing filter applied when converting displacement fields
into strain fields. Note that the choices of subset and step size condition the
spatial resolution of calculated displacements, while that of strain radius
impacts the level of numerical noise in the final strain maps. The system-
atic approach of Mehdikhani et al. [212] was followed in order to find a
suitable combination of input parameters with respect to (1) the morphol-
ogy of the speckle pattern and (2) the quality of the SEM images obtained
in this work. More precisely, a well-speckled zone of an undeformed TP
composite specimen was imaged by SEM at the magnification levels of in-
terest for DIC, i.e. 10,000 and 20,000. The images, of respective dimensions
991 × 673 px2 and 828 × 612 px2, were then numerically stretched by 10
px in the x-direction using the lanczos3 tool of Matlab (R2021b). The ex-
tracted uniaxial strains ϵxx were close to the expected values of 0.0101 and
0.0121, respectively. For both levels of magnification, DIC measurements
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were performed between the original and stretched SEM images, with dif-
ferent sets of subset size, step size and strain radius values. The values
obtained by DIC for the mean strain (and corresponding standard devia-
tion) were compared to the theoretical values of ϵxx mentioned above. The
results of the strain deviation analysis are presented in section 6.3.1.

As mentioned in the introduction, SEM imaging induces spatial and
drift (i.e. temporal) distortions. Kammers et al. [228] proposed a straight-
forward method for addressing both types of artefacts without modifying
the DIC algorithm. First, to correct spatial distortions, a series of four over-
lapping images in the horizontal (u) and four images in the vertical (v)
directions are taken over a defined distance. In addition, at each displace-
ment increment, a pair of images is taken to correct for drift distortions
(see below). The total applied displacement increment should be selected
so that the total displacement in each direction does not exceed ¼ of the
field of view of the DIC analyses. However, the smallest possible transla-
tion within this study was limited to 1 µm due to the SEM stage accuracy
limitations. Since the imposed displacement is known (from the rigid body
motion principle), it can be subtracted from the calculated displacement
fields, resulting in so-called ‘spatial distortion maps’. A linear relationship
relating the amplitude of the distortion in the u and v directions and the im-
posed translation is extracted from the results. This function may be used
as a correction tool for spatial distortions, which takes, as input, the u and v
displacements at each point of the DIC fields. Second, drift distortions can
be measured by taking two consecutive images at each load increment. For
each pair of SEM scans, the calculated DIC maps are subtracted from one
another. The resulting difference in displacement amplitude over the ROI
determines the error related to drift distortions. The horizontal and vertical
displacement drift maps are then subtracted from the actual DIC displace-
ment maps to get drift-free maps. Finally, the impact of stress relaxation
was determined on the two consecutive images used for drift correction.
The evolution of the load as a function of time was monitored during im-
age acquisition. Hence, each pixel may be related to its acquisition time
and the corresponding load value, resulting in so-called ‘load maps’. In
this study, the composite specimens were systematically left to relax in be-
tween load increments, so that the load drop never exceeded 1 N during
the acquisition of two consecutive images. The corresponding error on DIC
strain measurements was found to be negligible, as shown in Figure 6.20
in the Appendix.
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6.2.5 Atomic force microscopy
Micromechanical analysis of the Elium and RTM6 composite systems by
AFM was performed on Dimension Icon and MultiMode 8 systems (both
from Bruker Corp., USA), using PeakForce Tapping®-QNM mode and a
factory-calibrated RTESPA-300-30 probe (Bruker) (see chapter 7). The can-
tilever spring constant and nominal tip radius values were respectively
close to 50 N.m−1 and 30 nm. AFM scans of dimensions 6 × 6 µm2 were
acquired with a resolution close to 47 nm.px−1. The PeakForce frequency
and amplitude parameters were respectively set to 0.5 kHz and 30 nm for
Elium, and 1 kHz and 25 nm for RTM6. In both composite systems, the
PeakForce setpoint was selected in order to achieve a 2 to 3 nm indentation
depth in the resin. In these conditions, the contact radius remained smaller
than 10 nm. The selected PeakForce setpoint values were equal to 150 nN
for Elium and 100 nN for RTM6. Modulus images were obtained from
the built-in Derjaguin-Muller-Toporov (DMT) modulus calculation tool of
NanoScope 9.4 (Bruker). More information on the acquisition method is
presented in chapter 7 for the Elium composite system.

6.2.6 Finite element modelling
Finite element analyses were carried out using the commercial software
Abaqus (Dassault Systèmes Simulia Corp.). The models were created using
the exact same geometries as the experimental ROIs. The applied bound-
ary conditions were determined from the displacement profiles measured
by DIC on the edges of the respective ROIs. 2D plane stress elements
(CPS3) were used for the meshing of the fibres and the matrix. Table
6.1 presents the material properties used for the mechanical modelling of
both composite systems. The carbon or glass fibres were considered as lin-
ear elastic. The thermoset matrix was modelled as rate-dependent elasto-
plastic using the constitutive continuum model identified and validated
by Morelle for RTM6 [233]. In brief, the pressure-dependent yield criterion
for the matrix, used to account for the dependence of the polymer to the
hydrostatic stress, was defined by a linear Ducker-Prager model, which
writes as

F = t + ptan(β)− d = 0, (6.1)

where t is the yield stress, p = σkk/3 the pressure (with σkk the trace of
the Cauchy stress tensor), β the friction angle and d the cohesion term. β
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defines the slope of the yield surface in the p − t plane while t is expressed
as

t =
σeq

2

[
1 +

1
K
−
(

1 − 1
K

)(
I3

σeq

)3
]

, (6.2)

where σeq is the von Mises equivalent stress, K the stress ratio between the
yield stress under triaxial tension and triaxial compression and I3 the third
invariant of the deviatoric stress tensor. The associated flow rule writes as
G = σeq + σkk /3 tan(ϕ), with G the flow potential and φ the dilation angle.
The isotropic hardening law was defined as the sum of three contributions:
a pre-peak yield non-linearity, a softening term and a re-hardening capac-
ity (the full description can be found in [233]). The strain rate dependence
is considered via the coefficients of the hardening law. Following identifi-
cation over six decades of strain rate, K = 1 and thus t = σeq, β = 7.86 and
φ = 0 (assuming plastic incompressibility). A similar model, calibrated for
Elium by Maes [234] on four decades of strain rate, was used for the ther-
moplastic matrix (see Annex 1 in section 9.1). In that case, K = 1 and thus
t = σeq, β = 26 and φ = 0. Simulations were performed using Abaqus
explicit to overcome convergence issues related to the softening of the ma-
trix, which are difficult to solve with Abaqus Standard (implicit). Perfect
interfaces were considered between the fibre and matrix materials, i.e. no
damage mechanisms were considered.

E11
(GPa)

E22
(GPa)

E33
(GPa)

ν12 ν23 ν31 Density
(g.cm-3)

Carbon fibres 238 28 28 0.28 0.33 0.02 1.8

Glass fibres 80 - - 0.22 2.54

RTM6 resin 3 - - 0.34 - - 1.14

Elium resin 2.8 - - 0.35 - - 1.17

Table 6.1 Elastic properties of the fibre and matrix materials used for the
FE modelling of the TP and TS composite systems.
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6.3 Results and discussion

6.3.1 Optimisation and validation of the DIC method
Optimisation of speckle pattern
In addition to providing excellent contrast during imaging, the ideal
speckle pattern for a given DIC experiment should meet a number of
requirements. The particles should be small with respect to the length
scale of the mechanical phenomena of interest, while remaining larger
than the image pixel size. Additionally, the distribution of particle sizes
should be narrow and speckle density should be high, in order to avoid
the presence of ‘featureless’ subsets in DIC. SEM micrographs of the
speckle patterns obtained by e-beam evaporation of indium onto Si wafers
for different target coating thicknesses (2, 5, 10, 20 and 50 nm, see section
6.2.2) are presented in Figure 6.3, while the associated distributions of
particle radii R are displayed as boxplots in Figure 6.4.

(b)(a) (c)

(d) (e)

200 nm 200 nm 200 nm

200 nm200 nm

Fig. 6.3 Optimisation of the speckle pattern for DIC measurements: SEM
images of a (a) 2 nm, (b) 5 nm, (c) 10 nm, (d) 20 nm and (e) 50 nm-thick
indium speckle deposited by e-beam evaporation onto Si wafers.
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(b)(a)

Fig. 6.4 Particle size distribution of indium speckle patterns with target
thicknesses of (a) 2 to 50 nm and (b) 2 and 5 nm.

Si CFRP

Fig. 6.5 Comparison of particle size distributions obtained for a 5 nm-
thick indium speckle pattern deposited onto two different substrates: Si
wafer vs. carbon fibre-reinforced TS composite.
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Figure 6.3 shows the increase of the average particle size as more metal gets
deposited, though the film remains discontinuous. Moreover, for coating
thicknesses larger than or equal to 10 nm, the particles segregate into two
distinct populations: the ‘large ones’ (for which R ≈ 100 nm), and the
‘small ones’ (for which R ≈ 10 nm). Note that the average radius of the
larger particles increases from ≈ 50 to ≈ 100 and finally ≈ 300 nm as target
coating thickness is raised from 10 to 20 nm and then 50 nm, respectively.
Figure 6.4 confirms these trends, while providing quantitative information
on the evolution of the statistical distribution of particle radii as coating
thickness increases. The plots corresponding to the 2 and 5 nm-thick coat-
ings are short and symmetric (see Figure 6.4b). This indicates a narrow
normal distribution for R values in both cases, making both coatings po-
tentially eligible for DIC measurements.

In this work, only the 5 nm-thick coating was used as a DIC speckle
pattern. The 2 nm-thick coating was excluded from the study as the mean
particle radius (close to 5 nm) was too close to the smallest pixel size used
for SEM imaging (6 nm.px−1, see section 6.2.4). From coating thicknesses
of 10 nm onwards, the boxplots get longer and more skewed towards the
high R values. As described previously, this indicates the emergence of a
second, more scattered population of ‘large particles’ arising from the co-
alescence of smaller ones. Note that the lower half of the plots (i.e. lower
whisker, first quartile and median R values) only evolves marginally with
coating thickness. This suggests that the size distribution of the ‘small
particles’ remains relatively unchanged. Finally, the selected deposition
method developed on Si wafers was applied to a TS composite sample
(CFRP) to assess the reproducibility of the speckle pattern on the substrate
of interest. Figure 6.5 shows the corresponding particle size distributions
obtained on both materials. The difference in particle size between both
substrates remains within the margins of error, consolidating the use of
this method on polymer composite specimens.
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Choice of DIC input parameters
Table 6.2 shows the results of the strain deviation analysis described in
section 6.2.4. In all cases, the mean strain value obtained by DIC matches
that of the numerically applied strain, with a standard deviation value at
least one order of magnitude smaller. Note that this result also confirms
the quality of the speckle pattern after optimisation (see section 6.2.3). The
optimum parameters selected for the DIC calculations at both magnifica-
tion levels were the following: a 10-px subset size (smallest possible size in
Ncorr), a 2-px step size and a 5-px strain radius. This combination offers
the highest possible spatial resolution for the strain maps, while limiting
the amount of noise.

Table 6.2 Strain deviation analysis [212] results obtained for various sets
of DIC parameters.

Magnif.
level

Subset
size (px)

Step
size (px)

Strain
radius (px)

Mean
strain (-)

Standard
dev. (-)

10,000 30 2 5 0.0101 5.07E-05

10,000 20 2 5 0.0101 8.33E-05

10,000 10 2 5 0.0101 2.10E-04

10,000 10 2 3 0.0101 3.59E-04

10,000 10 2 1 0.0101 7.99E-04

10,000 10 1 5 0.0101 3.20E-04

10,000 20 1 5 0.0101 1.09E-04

10,000 10 1 3 0.0101 4.90E-04

10,000 10 1 1 0.0101 1.10E-03

20,000 30 2 5 0.0121 4.65E-05

20,000 20 2 5 0.0121 7.47E-05

20,000 10 2 5 0.0121 1.50E-04

20,000 10 2 3 0.0121 2.37E-04

20,000 10 2 1 0.0121 5.40E-04

20,000 10 1 5 0.0121 2.32E-04

20,000 20 1 5 0.0121 9.45E-05

20,000 10 1 3 0.0121 3.38E-04

20,000 10 1 1 0.0121 7.79E-04
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Impact of SEM distortions
As mentioned in the introduction, drift and spatial distortions can cause
significant errors in the calculated displacements determined by DIC. Fig-
ure 6.6 is a SEM micrograph showing a ROI that was subjected to a rigid
body motion of -4 µm in the x-direction in order to quantify the ampli-
tude of the distortions described in section 6.2.4. The results of the DIC
measurements and corrections are shown in Figure 6.7. The initial DIC
measurements shown in Figure 6.7a delivered a displacement of around
-3.5 µm over the whole ROI. This represents a -0.5 µm discrepancy with
respect to the imposed rigid body motion. First, spatial distortions coming
from the SEM stage movements were corrected. The corrected displace-
ment field shown in Figure 6.7b presents an average displacement over the
ROI of -3.863 µm. The amplitude of spatial distortions is therefore close to
-0.3 µm. Next, the drift distortion field between the initial and displaced
states was determined and subtracted from the corrected field of Figure
6.7b. The resulting distortion-free displacement field is shown in Figure
6.7c. The average displacement over the ROI is now -3.9 µm. Comparing
Figures 6.7b and c allows quantifying the amplitude of the drift distortion,
which is around 0.04 µm. Typically, drift distortions are dominant at high
magnification DIC applications, which Kammers defines as cases where
the spatial resolution of the micrographs is finer than ≈ 500 nm/px [228].
Yet, in the present case, drift distortions are relatively low.

1 µm

ROI

x

y

Fig. 6.6 ROI for the quantification of the spatial and drift distortion am-
plitudes.
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This can be related to an excellent grounding of the composite samples via
the combination of the conductive carbon coating, evacuating the surface
charges, and the silver paste covering the edges of the sample to guide
the charges away via the test machine. Thus, proper sample preparation
allows overcoming one of the key challenges of nano DIC linked to the
excessive amount of drift.

Ultimately, neglecting corrections on DIC measurements for both spa-
tial and drift distortions can induce, at most, an error of around 0.5 µm in
the present study. In what follows, the presented DIC maps are systemati-
cally corrected for both spatial and drift distortions.

Drift distortion 

correction

(a)

(b)

(c)

-3.54

-3.57

u (µm)

-3.862

-3.864

u (µm)

-3.898

-3.908

u (µm)

Applied displacement: - 4 µm

Spatial distortion 

correction

x

y

x

y

x

y

Fig. 6.7 Horizontal displacement field measured by DIC: (a) without any
correction, (b) after spatial correction and (c) after spatial and drift correc-
tions.
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6.3.2 DIC results
Validation of nano DIC
In order to validate the proposed nano DIC approach, in-situ tests
were carried out on the RTM6 and Elium fibre-reinforced systems at a
magnification of 20,000. Figures 6.8a and c present the macroscopic load-
displacement curves obtained during compression of an RTM6/carbon
fibre and an Elium/glass fibre specimen, respectively.

(c)

ROI

x

y

2 µm

(a) (b)

ROI

1 µmx

y

(d)

Fig. 6.8 Macroscopic load-displacement curves obtained from the in-situ
compression testing and SEM micrographs of the corresponding ROIs used
for DIC analysis of: (a) and (b) an RTM6/carbon fibre specimen and (c) and
(d) an Elium/glass fibre specimen. Coloured arrows indicate the location
of failure events observed within or close to the ROIs during testing, and
the same colour code is used to show force-displacement values at these
moments.
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In both cases, the alternance of peaks and drops results from specimen
relaxation following each load increment (see section 6.2.4), while the non-
linear behaviour at very low displacements is caused by the compression
of the soft layer of silver lacquer present on the lateral and lower surfaces
of the specimens, i.e. the surfaces in contact with the compression jaws (see
section 6.2.3). Figures 6.8b and d provide a zoomed-out view of the ROIs
selected for DIC analysis in both systems. Note that the ROIs are shown
after failure, whose loci are indicated with coloured arrows. The force value
corresponding to each failure event is shown in Figures 6.8a and c. For the
RTM6 specimen, failure occurs within the ROI via interface debonding, see
Figure 6.8b. For the Elium/glass fibre specimen, however, two subsequent
failure events are reported. First, a crack opens in the matrix outside the
ROI but close to its boundaries (green arrow), and interface debonding
then occurs within the ROI (red arrow), see Figure 6.8d. In this section,
only the displacement and strain fields recorded just before each failure
event are presented. The corresponding DIC strain maps are presented in
Figures 6.9 and 6.10, respectively.

Figures 6.9a and b show the ϵxx and ϵxy strain fields for the RTM6
system. Nano DIC clearly distinguishes the fibre and matrix response. In-
deed, being much stiffer than the matrix, the average amplitudes of ϵxx
and ϵxy are close to zero in the fibres. The fibre/matrix interface can also
easily be distinguished, which suggests that the resolution of nano DIC is
sufficient to avoid smoothing of the fibre and matrix strains. The ϵxx and
ϵxy strain fields displayed in Figures 6.10a, c and b, d, respectively, show
the analogous results for the Elium system. Hence, the combination of a
high-quality nanoscale speckle pattern and careful specimen preparation
(i.e. grounding, etc.) allows overcoming the main restriction related to the
use of micro DIC on FRPs in the literature.

The proper phase separation in the DIC results opens the door to in-
vestigate the interphase behaviour of FRPs. To illustrate this, Figures 6.9c
and d, as well as Figures 6.10e and f show the strain distribution along dif-
ferent paths (depicted as white dashed lines) for both systems. A transition
zone between the fibre and the matrix is systematically present. Within this
region, a smooth transition from the quasi-zero strain level of the fibres to
the matrix strains is observed. This transition zone spreads over 200 nm
to 500 nm (assuming a peak-to-peak width). The literature reports that
an interphase layer exists in FRPs that can spread from a few hundreds of
nanometres to a few microns depending on the fibre sizing and curing con-
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ditions [208, 210, 235]. Hence, the observed transition zone can be related
to the interphase of each system.
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Fig. 6.9 Strain maps and evolution of strain profiles across the carbon
fibre-RTM6 matrix interface (white dashed line) obtained by DIC: (a),(c)
along the x direction and (b),(d) along the xy direction.
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Fig. 6.10 Strain maps obtained by DIC in the Elium/glass fibre specimen
along the x direction, (a) before 1st failure event and (c) before 2nd failure
event, and along the xy directions (b) before 1st failure event and (d) before
2nd failure event, alongside with corresponding strain profiles across the
fibre-matrix interface (white dashed line) in the (e) x and (f) xy directions.
The terms ‘1st and 2nd cracks’ refer to the failure events identified in Figure
6.8.
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Localised areas of large strain amplitudes in between fibres are cap-
tured by DIC, as observed in Figures 6.9 and 6.10 for the RTM6 and Elium
systems, respectively. Note that high strain amplitudes are systematically
found around fibres, highlighting the importance of getting accurate DIC
measurements in both fibre and matrix zones. In particular, shear strain
localisation is visible at the bottom right of Figure 6.9b for RTM6 and near
the right fibre-matrix interface in Figure 6.10d for Elium. Comparing these
two regions with the loci of interface debonding depicted in Figures 6.8b
and d for RTM6 and Elium, respectively, large shear strains accumulate
exactly where failure ensues. In the case of Elium, DIC also captures the
redistribution of strains following a matrix cracking event starting outside
the ROI, indicated in Figures 6.8c and d by the green arrows. This is es-
pecially clear when comparing Figures 6.10a and c, which show the ϵxx
strain fields before and after the event. One can notice the homogenisation
of the matrix strain field in Figure 6.10c, with respect to Figure 6.10a. The
same trend is also observed, to a lesser extent, when comparing Figures
6.10b and d in terms of the shear strains ϵxy. Figure 6.21 in the annex dis-
plays the maximum shear strain maps for RTM6 and Elium, which clearly
indicate that the maxima of shear coincide with the loci of failure in both
systems.

Surprisingly, shear bands propagating between two fibres are not ob-
served in any of the two systems, contrary to what is expected in FRPs
subjected to transverse compression [197]. Still, in Figure 6.9b, strain con-
centrations can be found not only near the bottom of the right-hand fibre
(i.e. in the region where a crack follows), but also near the top of the left-
hand fibre. This could suggest that a shear band started to develop in the
RTM6 ROI, but could not propagate as the induced localisation led the fi-
bre/matrix interface failure first. Hence, the lack of significant shear band-
ing measured by DIC may simply be related to an unfortunate choice of
region of interest for a given test. Or, as the observed ROIs are quite small
in both systems, it is also possible that large-scale shear band formation
events are missed. Therefore, further investigation will require a screening
of more regions of interest per specimen during each compression test, in
order to identify and quantify the presence and amplitudes of micro shear
bands.

In addition to the DIC measurements presented above, post-mortem
SEM observations were carried out outside the ROIs to analyse the failure
behaviour of both systems. The fracture surfaces are presented in Figure
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6.11 for RTM6 and 6.12 for Elium, for different length scales. The micro-
graphs in Figures 6.11a and b suggest that failure initiates suddenly in
the RTM6 composite. The crack path follows the fibre/matrix interface,
though no sign of progressive damage from interface decohesion or matrix
cracking was observed, as demonstrated in Figures 6.11c and d. Still, Fig-
ure 6.11c shows that the conductive coating displays a significant amount
of micro cracks, confirming that the RTM6 matrix below undergoes strong
local plastic deformation via the creation of nano or micro shear bands.
These observations are in line with the results of Chevalier et al. [197].
Lastly, a close-up of the fibre/matrix interface in Figure 6.11d shows the
absence of crazes, which reinforces the idea of the absence of damage at
the interfaces.
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Fig. 6.11 RTM6 – Post-mortem observations of the failed material sur-
face: (a) general overview, (b) main crack, (c) fibre/matrix level interface
failure, (d) zoom of the interface failure in (c).
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The case of the Elium system in Figures 6.12a and b is different, show-
ing clear signs of damage accumulation all over the matrix. Note that this
difference in behaviour between the two composite systems can also be in-
ferred from the load-displacement curves presented in Figures 6.8a and c,
which respectively suggest that the RTM6 macroscopically fails in a brittle
manner, whereas the Elium system only fails after entering global plas-
ticity. However, these differences as well as those observed on the post-
mortem SEM micrographs may partially be explained by the difference in
specimen geometry, which leads to different levels of stress triaxiality as-
sociated to the barrelling effect.
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Fig. 6.12 Elium – Post-mortem observations of the failed material sur-
face: (a) general overview, (b) main cracks, (c) fibre/matrix level diffuse
cracks and shear bands, (d) zoom of the cracks in (c).
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Still, Figure 6.12c clearly indicates strong plastic deformation in the Elium
matrix via micro shear bands developing in between fibres. Finally, in Fig-
ure 6.12d crazes of around 20 nm in thickness can be observed, confirming
that progressive damage accumulates within the Elium matrix during de-
formation. Ultimately, the DIC analysis is thus able to identify the regions
of stress concentration near the fibre/matrix interface that lead to failure
for systems that involve progressive damage, such as the Elium/glass fibre
composite, and for those that do not, like the RTM6/carbon fibre compos-
ite.

Although the above analysis demonstrates the potential of the nano
DIC approach, DIC artefacts are still detected in Figures 6.9 and 6.10. The
potential sources for these artefacts are presented in Figure 13, using SEM
micrographs of both ROIs before and after failure.
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Fig. 6.13 Comparison between initial and final (post-failure) images for
two ROIs: RTM6 system (a) in initial state versus (b) after failure, and
Elium system (c) in initial state versus (d) after failure. Note that the failure
regions are highlighted by white ellipses, while the white arrows represent
source of imperfection for the DIC analysis.
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In particular, a clustering of indium particles indicated by arrow 1 in Figure
6.13a results in an unclear separation between the fibre and matrix strains
in RTM6, see Figures 6.9a and b. This particle clustering is most likely due
to differential erosion between the fibre and the matrix that was created
during the polishing phase. The presence of shallow leftover polishing
scratches on the matrix is made more visible by the indium deposition, as
shown by arrow 2. This leads to spurious strain fluctuations in the DIC
maps of RTM6, which are most visible in Figure 6.9a. Finally, the combi-
nation of deformation around the fibres and repeated observation can lead
to some charging of the interfaces, as shown by arrows 3 and 4 where the
fibre/matrix interface is whitened. The charging effect decreases the con-
trast within these whitened zones, potentially leading to a loss of correla-
tion in some cases. Hence, although the novel nano DIC approach allows
reaching high resolution and achieving proper DIC characterisation of het-
erogeneous material systems such as FRPs, careful specimen preparation
is crucial to avoid any artefacts.

Investigating the interphase behaviour
The previous section showed that a transition region of a few hundreds of
nanometres exists in the strain fields between the fibres and the matrix. It
presumably corresponds to the fibre/matrix interphase. To confirm that
nano DIC is a viable and relatively direct alternative to measure the in-
terphase size of FRPs, DIC was performed on successive images during a
single test. At each load, the current image was compared to the reference
image, to avoid propagation of artefacts. The aim was to study whether
the transition zone size changes during the test, which would indicate that
it does not correspond to the interphase. Figure 6.14 shows the ϵxx field at
different moments during the test for RTM6. Figure 6.15 presents the same
for Elium. For each system, the strains were evaluated along paths cross-
ing at least two fibre/matrix interfaces. The results are given in Figure 6.16.
In both systems, for all three paths, the amplitude of the maximum strain
attained in the transition zone increases during the test. The thickness of
the zones grows marginally up until the last load before failure.

For RTM6, path 1 crosses through very thin matrix regions in between
fibres whereas path 2 traverses a single large matrix pocket. Yet, the tran-
sition zone thickness in paths 1 and 2 is around 300-400 nm. This is in
line with the aforementioned results of Figure 6.9. Considering the thin
matrix ligaments in path 1, it is questionable whether defining a distinct
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interphase is meaningful as the ligament size is roughly 300 nm as well. If
the matrix is capable of developing an interphase in such a confined space,
then it would imply that in such regions, the mechanical response is en-
tirely dictated by the interphase layer properties (which differ from the
bulk matrix). As failure systematically occurs by sudden debonding of the
fibre/matrix interface, these findings highlight the importance of studying
the interphase surrounding the fibres. For Elium, the transition zone along
path 3 is about 400 nm as well. Again, this result correlates well with the
results of Figure 6.10.
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Fig. 6.14 RTM6 - Horizontal ϵxx strain map at four different stages dur-
ing the in-situ compression test until the last moment before failure: (a) at
600 N, (b) at 850 N, (c) at 1000 N and (d) at 1150 N.
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Fig. 6.15 Elium - Horizontal ϵxx strain map at four different stages dur-
ing the in-situ compression test until the last moment before failure: (a) at
500 N, (b) at 700 N, (c) at 1000 N and (d) at 1300 N.

To confirm the DIC results, AFM measurements were performed on
both composite systems. The AFM modulus map of Figure 6.17a shows
two profiles along a path from the carbon fibre to the RTM6 matrix. The
evolution of the modulus along these profiles is given in Figure 6.17b. An
interphase layer of around 150 nm can be identified for this system. Simi-
larly for Elium, the profiles shown in Figures 6.17c and d indicate the pres-
ence of a 200-nm interphase region between the glass fibre and the Elium
matrix. For both systems, the interphase thickness measured by AFM is on
the same order of magnitude as the width of the transition zone captured
by DIC, i.e. a few hundreds of nanometres. This reinforces the idea that
nano DIC is capable of capturing interphases in FRPs relatively well.

Ultimately, nano DIC appears as a promising tool to detect the inter-
phase of FRPs. As this technique is simpler to set up than AFM (less te-
dious sample preparation), it offers a convenient alternative. Furthermore,
it provides quantitative data about the deformability while AFM remains
semi-quantitative regarding the magnitude of the local stiffness (see Chap-
ter 7). Now, extracting material properties from DIC requires inverse iden-
tification through modelling.
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Fig. 6.16 Evolution of the horizontal ϵxx strain along the three numbered
profiles shown in Figures 6.14 and 6.15 at different stages during the in-
situ compression test: (a) and (b) profiles 1 and 2 on RTM6, respectively;
(c) profile 3 on Elium. An interphase of around 400 nm marked by the
shaded area is visible for both systems.
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Fig. 6.17 Atomic force microscopy measurements obtained by PeakForce
Tapping® on (a), (b) the RTM6/carbon fibre composite, and (c), (d) the
Elium/glass fibre composite. DMT modulus maps are presented on Fig-
ures (a) and (c), while (b) and (d) show the evolution of the DMT modulus
along two profiles extracted from each map.
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6.4 Comparison to FE simulations

In an attempt to evaluate the validity of using calibrated continuum mod-
els for micro-mechanical analyses, FE simulations were carried out on the
ROIs presented in Figures 6.14 and 6.10 for the RTM6 and Elium FRPs, re-
spectively. The ϵxx and ϵxy fields measured by DIC and predicted by FEA
are compared in Figures 6.18 (RTM6) and 6.19 (Elium).
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Fig. 6.18 RTM6 – Horizontal ϵxx strain field (a) measured by DIC ver-
sus (b) predicted by FEA using a continuum model, and (c) comparison of
strain evolution along the white dashed profile for both DIC and FEA. (d),
(e) and (f) show the equivalent in terms of shear strains ϵxy.
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For RTM6, the predicted strain distribution and amplitude within the large
matrix pocket fit well with the DIC measurements, in particular for ϵxx,
see Figures 6.18a and b. However, in the thin matrix bands at the top, the
model drastically overestimates the strains compared to DIC. Within the
ϵxy map, the opposing diagonal shear pattern around the fibres is also cap-
tured by FEA, as shown in Figures 6.18d and e. Yet, the strain amplitude of
the shear accumulation around the fibres is, again, largely overestimated.
This is further illustrated in Figures 6.18c and f along a path. Furthermore,
no transition zone at the interface is predicted by the model. The compar-
ison between FE and DIC analyses for Elium before the 2nd failure event,
which is displayed in Figure 6.19, yields the same conclusions. In Figures
6.19b and e, the average ϵxx and ϵxy strain distributions within the matrix
fit well with the DIC results in Figures 6.19a and d, yet some discrepan-
cies remain as, for example, the presence of a positive shear strain around
the left-hand fibre in Figure 6.19e compared to Figure 6.10d. Figures 6.19c
and f show the strain variations along a path for both DIC and FEA. At the
interfaces, a sharp transition with higher strain amplitudes is once more
seen. Furthermore, in Figure 6.19e, the size of the positive strain band in
the bottom right extends further, leading to an inversion to positive rather
than negative strains along the path.

The validity of the use of the continuum model of Morelle et al. [233]
was already questioned by Chevalier et al [197]. The latter demonstrated
that the model overestimates the strain amplitudes in matrix pockets,
while the overall strain distribution remains close to DIC measurements.
The present FE results are therefore not surprising. However, the com-
parison between FEA and DIC clearly shows that the interphase region
around the fibres is crucial. As the presence of the interphase can be
confidently confirmed by DIC, assuming a homogeneous matrix within
the FE framework limits its ability to accurately model the load transfer at
the interfaces. In addition, neglecting the presence of progressive damage
is a reasonable assumption for RTM6 (and may be debated for Elium).
This suggests that micro-mechanical modelling strategies should consider
the presence of an interphase with intrinsic stiffness and hardness larger
than the bulk matrix, as indicated by the AFM maps for the Young’s
modulus. Chevalier et al. pointed out two possibilities to overcome the
discrepancy between the DIC and FEA. The first is related to intrinsically
different local properties in the matrix, which may arise from difference
in curing conditions due to the presence of near fibres. The present
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study indeed suggests local variations in the properties of the matrix due
the presence of an interphase around the fibres. The second possibility
assumes true size-dependent plasticity [236–239]. This last aspect requires
further investigations to determine if this second effect plays an important
role, in addition to the interphase effect.
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Fig. 6.19 Elium, before 2nd failure event – Horizontal ϵxx strain field (a)
measured by DIC versus (b) predicted by FEA using a continuum model,
and (c) comparison of strain evolution along the white dashed profile for
both DIC and FEA. (d), (e) and (f) show the equivalent in terms of shear
strains ϵxy.
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6.5 Conclusion

The development of predictive micromechanics-based multiscale models
requires accurate data about the local fibre/matrix level deformation and
failure, as well as a deep understanding of the mechanisms themselves in
order to select the right ingredients in the constitutive model. In this study,
the use of DIC on FRPs was extended to the nanoscale to determine the
deformation behaviour of the matrix in the vicinity of fibres. To this end, a
novel nanoscale speckle pattern deposition technique was simplified and
used on UD fibre-reinforced thermoplastic and thermoset polymers. In or-
der to assess the robustness of the experimental approach, the quality of the
speckle pattern was carefully checked and SEM-induced distortions were
quantified. The main challenges associated to the use of nanoscale DIC on
FRPs are linked to charging effects in the SEM and related drift distortions.
This assessment ensures that the proposed DIC analysis is quantitative. A
comparison with FE predictions was performed to determine the differ-
ences with DIC. The main findings of this study are the following:

• Careful specimen preparation of FRPs allows minimising spatial and
drift distortion-related errors.

• The nano DIC approach accurately determines displacement and strain
fields at the local fibre/matrix scale, despite the significant contrast in
mechanical properties between the constituents. Hence, the main issue
reported in the literature of submicron-level DIC was overcome.

• The local micro shear band formation and interface failure are well cap-
tured in the DIC maps within highly confined material regions, even
though the strain gradients are very steep.

• DIC data reveal the systematic presence of an interphase around the fi-
bres for both material systems. The measured interphase width perfectly
relates to the AFM measurements made on the same material systems.

• The average strain amplitude predicted by FEA in large matrix pockets
agrees with DIC. However, the strain distribution and localisation differ,
especially in the near fibre region. In particular, the FEA largely over-
estimates the strain concentration within confined regions and/or at the
fibre/matrix interface.

In the end, this study provides a robust method to acquire data about
the mechanics of FRPs at submicron levels. The interphase of FRPs can

160 |



Acknowledgements | 6.7

be easily and reliably measured in comparison to other techniques. The
importance of characterising the matrix at this scale is highlighted by the
inability of FEA using continuum models to reproduce the experimental
results in conditions where the matrix is the main carrier of the deforma-
tion. As failure occurs at the fibre/matrix interface, it may be necessary to
include an interphase region around the fibres and maybe strain gradient
plasticity effects to accurately model the load transfer occurring between
the matrix and fibres. Still, this means that quantitative data in the inter-
phase region need to be gathered. The physical reason behind the differ-
ence in response of the interphase remains unknown. It may be due to
different local curing conditions and strain gradient effects.
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6.7 Appendix

The distortion correction analysis presented in section 6.2.4 stated that the
impact of the displacement distortion correction on the strain fields was
negligible. Figure 6.20 presents the strain maps obtained after each correc-
tion. The strain variations are one order of magnitude below the measured
strain amplitudes in the main DIC analysis. Figure 6.21 presents the maxi-
mum shear strain maps discussed briefly in section 6.3.2. The maps clearly
show that failure coincides with the areas of strain concentration.
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Fig. 6.20 Horizontal ϵxx strain field measured by DIC: (a) without any
correction, (b) after spatial correction and (c) after spatial and drift correc-
tion.
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Fig. 6.21 Maximum shear γmax strain fields obtained by DIC (a) in the
RTM6/carbon fibre system and (b), (c) in the Elium/glass fibre system be-
fore 1st failure event and before 2nd failure event, respectively
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7
Influence of physical ageing and

fibre proximity on the local
mechanical response of Elium

This chapter is being prepared for publication under the following title:
Influence of physical ageing and fibre proximity on the local mechanical response
of a methacrylic composite matrix, S. F. Gayot, N. Klavzer, A. Guillet, C. Bailly,
P. Gérard, T. Pardoen and B. Nysten (2023) [8].

S. F. Gayot was in charge of the conceptualisation/planning, experimental
tasks and most FE modelling aspects. N. Klavzer wrote base Python codes
for the modelling and output processing of the nanoindentation experi-
ment, and provided guidance for their modification. A. Guillet performed
the statistical analysis (model selection and inference analyses).
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7.1 Introduction

Multiscale mechanical modelling aims at predicting the failure of macro-
scopic parts from the deformation and failure mechanisms occurring in the
material at smaller length scales. This bottom-up approach simplifies and
makes more robust the structural integrity assessment of parts by drasti-
cally reducing the need for mechanical testing [195, 240]. This is especially
relevant for materials with high production costs, e.g. fibre-reinforced
polymer composites. In this case, modelling starts at the micrometre scale
and focuses on the behaviour of a single (or a few) elemental fibril(s) em-
bedded in a polymer matrix. The matrix part is assumed to have the same
constitutive properties as the bulk, unreinforced polymer, which may not
be realistic for two reasons. First, an interphase region has been identified
experimentally for a variety of composite systems. Most of these studies
relied on various mechanical modes of atomic force microscopy (AFM) [80,
210, 235, 241–252], though a few authors relied on other techniques such as
nanoscratch [253, 254], transmission electron microscopy [255, 256], nano
dynamic mechanical analysis [257] and more recently nano digital image
correlation [7]. The fibre-matrix interphase can be defined as a transition
zone which behaves differently from both the polymer and fibre materials,
and can extend up to a few micrometres from the fibre surface. Interphase
formation results from the chemical reaction and/or interdiffusion phe-
nomena occurring between the fibre sizing and the matrix material dur-
ing curing. Secondly, beyond this interphase region, the polymer matrix
per se may also differ from the unreinforced polymer in terms of thermal
history, molecular structure (e.g. crosslink density, transcristallinity, chain
length. . . ), residual stress distribution [198, 258–260] and ageing behaviour
[261].

To settle the question, the local mechanical properties of the composite
matrix must be assessed in-situ and compared to those of the same unre-
inforced polymer (also referred to as “bulk” or “neat” polymer), which is
technically challenging. Indentation techniques may be used, provided the
mechanical response of matrix pockets can be decoupled from that of the
surrounding fibres. As the polymer matrix is indented, the plastic zone un-
der the tip extends and may interact with the stiffer fibre material: a “con-
straining effect” arises, leading to an overestimation of the elastic proper-
ties of the matrix [210, 235, 243, 252, 253, 258–260, 262–264]. A few authors
have attempted to compare the mechanical response of a polymer compos-
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ite matrix to those of the unreinforced polymer using instrumented inden-
tation experiments and finite element (FE) simulations [250, 252, 259, 263,
265–268]. The pioneering study by Gregory and Spearing [258] focused
on an epoxy resin and the corresponding carbon fibre prepreg laminate.
Nanoindentation was used in continuous stiffness measurement (CSM)
mode to measure the elastic modulus and hardness of resin pockets in the
composite, as a function of penetration depth h. A 2D-axisymmetric FE
model of the experiment was designed as follows. A rigid conical punch
was pushed into a matrix pocket of radius x, approximated by a cylinder,
and whose external surface was subjected to rigid (“encastre”) boundary
conditions to simulate the fibre constraining effect. Modulus (and hard-
ness) values obtained from nanoindentation simulations were found to be
unconstrained in the cases where x/h > 25. By applying this simple ge-
ometric criterion to experimental nanoindentation data, the properties of
the unconstrained epoxy resin (modulus and hardness) were found to be
up to 30 % greater in the composite. However, the minimum indentation
depth in this work was equal to 500 nm, meaning that matrix pockets with
a radius x < 12.5 µm could not be characterised. A decade later, Hardi-
man et al. [263] performed a similar study on another epoxy/carbon fibre
prepreg system. Lower indentation depths (down to 100 nm) could be
achieved, which allowed characterising smaller resin pockets. The modu-
lus and hardness values of the unconstrained composite matrix were found
to be up to 20 % higher than in the bulk resin for x < 15 µm. No significant
difference was observed between the two systems for x > 15 µm. Another
study focusing on the mechanical properties of a composite polymer ma-
trix versus the unreinforced polymer was recently presented by Pecora et
al. [260] following a slightly different approach. A 3D-architectured carbon
fibre/epoxy composite system was produced by liquid moulding instead
of prepreg consolidation, leading to the presence of inter-tow matrix pock-
ets with an average radius of hundreds of micrometres. The elastic and
time-dependent mechanical properties of the bulk resin were compared to
those of the inter-tow composite resin pockets via cyclic nanoindentation
testing. An additional distinction was made between resin pockets located
at the surface of the composite specimen versus those found in the “core”
of the sample. Results showed a small (in the order of a few %) but sig-
nificant difference in elastic and viscoelastic properties between the three
conditions (composite surface, composite core and unreinforced polymer).
The properties of the composite core matrix were closer to those of the un-
reinforced polymer than to those of the surface composite matrix, which
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was attributed to differences in thermal history across the thickness of the
composite plate during processing.

Yet, none of the three aforementioned studies considered the addi-
tional impact of physical ageing on the mechanical response of both the
fibre-reinforced and unreinforced polymer specimens. Amorphous solids,
including glassy polymers, are not thermodynamically stable: when
cooled down from the liquid (or rubbery) state to a temperature T1 below
the glass transition temperature Tg and maintained at this temperature for
a period of time ∆t, they undergo structural changes marked by a decrease
in the mobility of the macromolecular chains as they enter a configuration
with lower excess energy (decreased free volume). This phenomenon is
referred to as physical ageing, whose rate increases as ageing temperature
T1 increases closer to Tg [269]. Physical ageing may, among others, impact
the mechanical properties of glassy polymers (in particular the quasi-static
properties, fracture toughness and viscoelastic/viscoplastic behaviour),
which may be detrimental to their long-term performances [269, 270].
Contrary to other ageing phenomena, in particular chemical ageing,
physical ageing is completely reversible upon heating the material above
Tg. The consequences of physical ageing on the mechanical properties of
glassy polymers and their composites have been extensively studied [261,
271–276]. To our knowledge, however, the influence of fibre proximity
on the rate and extent of physical ageing experienced by glassy polymers
has not been explored yet. Acknowledging and accounting for this phe-
nomenon is crucial for interpreting any observed difference in properties
between a polymer composite matrix and the equivalent unreinforced
polymer.

In this work, the local mechanical response of a thermoplastic
methacrylic composite matrix is compared to that of the same, unre-
inforced polymer. The objective is to assess the dual influence of fibre
proximity and physical ageing on the polymer properties. To achieve this
goal, micro- and nanomechanical analyses of a methacrylic thermoplastic
resin are performed via nanoindentation and AFM. In particular, the
properties of the unreinforced resin are compared to those of the inter-
and intra-tow matrix pockets of a glass fibre-reinforced composite made
of the same resin. The unreinforced resin and composite specimens are
subjected to a thermal rejuvenation treatment above Tg, in order to reset
the reference t0 of the ageing time. A first set of nanoindentation measure-
ments is acquired at t = t0, and the experiment is repeated at t3, t5 and t17,

168 |



Theoretical background | 7.2

i.e. after 3, 5 and 17 months of “natural” physical ageing (i.e. ageing under
ambient conditions), respectively. A second thermal rejuvenation treat-
ment is applied to the polymer and composite specimens after 18 months,
resetting again the ageing time to 0. The final set of nanoindentation
measurements is obtained at that moment, which is referred to as t′0. The
validity of the x/h > 25 criterion, established by Gregory and Spearing
for obtaining unconstrained nanoindentation measurements in a carbon
fibre-reinforced epoxy composite system, is verified in the case of interest
using FE simulation of the nanoindentation experiment. A comprehensive
statistical comparison of the nanoindentation results is performed to
explore the mixed influence of (1) fibre proximity and (2) level of physical
ageing on the resin’s modulus and hardness values. Additional AFM
analyses are carried out in intra- and inter-tow composite matrix pockets
at t0 and t5, and the measured modulus values are confronted to the
corresponding nanoindentation results. In parallel, AFM is also used
for measuring the thickness and modulus of the fibre-matrix interphase
region of the composite material.

7.2 Theoretical background

This section presents a reminder on the main theoretical concepts relevant
to the present study.

7.2.1 Instrumented indentation techniques [101]
Indentation testing consists in pushing a rigid punch of known geome-
try into a flat material surface to determine its mechanical properties. The
measurement of the contact area between the indenter and the material
during the test enables the extraction of, e.g., the indentation modulus and
hardness of the tested material using contact mechanics models. In par-
ticular, instrumented indentation techniques (IITs) rely on the indirect es-
timation of the contact area from force-displacement curves recording the
load P applied to the indenter as a function of the penetration depth h of
the indenter. Several versions of IITs exist, depending on the order of mag-
nitude of the tip apex radius R, the applied load P or the penetration depth
h involved. In this work, both nanoindentation (R ≈ 100 nm, Pmax ≈ 10
mN, h ≈ 1 µm) and nanomechanical AFM (R ≈ 10 nm, Pmax ≈ 0.1 mN,
h ≈ 1 to 10 nm) measurements were performed, resulting in probed vol-
umes in the µm3 and nm3 ranges, respectively.
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Nanoindentation
Nanoindentation has been extensively used since the 2000s to determine
the indentation hardness H and elastic modulus E of materials, which are
given by

H =
P
Ac

, (7.1)

E∗ =

√
π

2
S√
Ac

, (7.2)

where Ac is the projected contact area between the tip and the sample, and
S = dP/dH is the unloading contact stiffness. E∗ is the reduced indentation
modulus related to the elastic moduli Em and Ep and Poisson ratios νm and
νp of the tested material and the punch material, respectively:

1
E∗ =

1 − ν2
m

Em
+

1 − ν2
p

Ep
. (7.3)

In the case of measurements on polymer materials, the punch can be con-
sidered as infinitely rigid and the reduced elastic modulus only depends
on the polymer modulus and Poisson’s ratio. The polynomial function re-
lating Ac to the contact depth hc can be obtained through calibration. The
common theoretical approach to extract E and H from load-displacement
curves relies on the Oliver and Pharr model [100], which assumes sink-in
of the indented material under the tip. The contact depth hc depends on
the penetration depth h via:

hc = h − ε
P
S

, (7.4)

where ε is a constant describing the indenter geometry. Today, most
nanoindentation tests rely on the continuous stiffness measurement (CSM)
mode, which enables the continuous monitoring of contact stiffness as a
function of indentation depth h by superposing a small amplitude cyclic
displacement to the “static” displacement [100].

Semi-quantitative modulus mapping with AFM
The PeakForce Tapping® mode with quantitative nanomechanical map-
ping (PFT-QNM) of AFM [277] allows semi-quantitative mechanical map-
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ping of a surface at the micro- and nano-scales, while also providing topo-
logical data. In this mode, the probe is imposed an off-resonance vertical
cyclic displacement of a few tens of nanometres at a frequency typically in
the kHz range, leading the probe tip to indent the specimen surface peri-
odically. A load (P) versus penetration depth (h) curve is acquired during
each “approach-indentation-retraction” cycle, from which various param-
eters/properties can be extracted such as the maximum indentation depth,
the tip-surface adhesion force, the elastic modulus and the energy dissipa-
tion. The Derjaguin, Muller and Toporov (DMT) model [278] is often used
for modulus calculation, assuming the AFM tip as an infinitely rigid punch
with a spherical apex of radius R. In this case, the relationships between
the load applied by the probe, P, the radius of the contact area, a, and the
tip penetration depth, h, are the following:

a3 =
3
4

R
E∗ (P + Fadh), (7.5)

h =
a2

R
, (7.6)

P =
4
3

E∗√Rh3/2 − Fadh, (7.7)

where Fadh is the adhesion force due to Van der Waals tip-surface interac-
tions.

In AFM-based nanomechanical techniques, the tip penetration depth,
h, is indirectly obtained as the difference between the vertical displacement
z imposed to the probe (or the sample), and the cantilever vertical deflec-
tion d:

h = z − d. (7.8)

This imposes to carefully select the AFM probe as a function of the me-
chanical properties of the analysed material. In particular, the cantilever
stiffness, kc, should be of the same order of magnitude as the contact stiff-
ness kN [279], which is be expressed as

kN =
dP
dh

= 2aE∗ = 2E∗√Rh. (7.9)
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If kN ≫ kc, i.e. if the cantilever is too compliant with respect to the con-
tact stiffness, the probe hardly indents the surface. In this case, the can-
tilever deflection, d, is almost equal to the vertical displacement, z, and the
penetration depth, h, is computed as the difference of two large numbers
resulting in a small value with a large uncertainty. If kN ≪ kc, the can-
tilever deflection values are small with respect to the photodetector limit
of detection, leading to low signal-to-noise ratio.

The absolute values of the modulus obtained in PFT-QNM imaging
should be considered with caution for several reasons, see e.g. [280–283].
First, errors in the characterisation of tip radius and cantilever stiffness
values (during PFT-QNM calibration or at the manufacturer’s) may im-
pact the accuracy of modulus calculations by up to 5 and 10-20 %, respec-
tively [279, 282, 284]. Probe wear, during calibration itself and/or during
specimen imaging is also commonly observed [279, 280], adding up to the
imprecision on tip radius value. Additionally, surface roughness may in-
terfere with the definition of the contact point and contact radius in two
cases: (1) if the root-mean-square (RMS) roughness value is close to that
of indentation depth [280] and/or (2) if abrupt slope changes occur [210,
249, 285]. Phenomena related to the viscoelastic and viscoplastic nature of
polymeric materials like Elium (i.e. creep, dependency to loading rate) are
another well-known source of error [280, 284, 286, 287]. Misestimation of
the specimen’s Poisson ratio prior to the AFM experiment may also inter-
fere with modulus calculation, as shown by eq. 7.2 [284]. Consequently,
modulus values obtained by PFT-QNM in this work are considered to be
relative values, i.e. they are only comparable with data obtained in the
same experimental conditions (same probe, same calibration and operat-
ing parameters).

7.2.2 Linear mixed models [288] and confidence intervals in statistics
Materials scientists often rely on statistical modelling to assess the influ-
ence of one (or several) parameter(s), known as “fixed effects”, on a re-
sponse variable of interest. Common statistical tests such as correlation
tests, t-tests or ANOVA derive from linear regression models, whose appli-
cations are restricted to the analysis of fully independent datasets. But one
individual may provide multiple observations and/or several individuals
can be somehow related (e.g. from the same family), which may introduce
bias into the data. One way to artificially restore independence is through
the averaging of related data points, which results in a significant loss of in-
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formation. The preferred solution is to rely on linear mixed models instead
of linear models. Linear mixed models can account for non-independent
data via “random effects”, i.e. grouping variables which are known to in-
fluence the response alongside the fixed effects. In other words, there are as
many fitted models as there are groups of interdependent data. Random-
intercept mixed models assume the influence of the fixed effect(s) on the
response variable to be the same for each group of data, but allows differ-
ences in baseline values between groups. Consequently, all fitted models
share the same slope, while intercept values can change. Such models are
expressed as:

Response variable ∼ Fixed effect + (1 |Random effect ) (7.10)

in the case of one fixed effect and one random effect.

7.3 Materials and methods

7.3.1 Materials
The liquid resin used for producing the bulk and fibre-reinforced polymer
specimens comprised a methyl methacrylate-based (MMA) monomer
formula, Elium® 191 OSA (Arkema, France) with a peroxide thermal
initiator (Luperox® K10, Arkema, France). The composite preform was
made from quasi-unidirectional (UD) non-crimp glass fabric plies from
Chomarat (France) with an areal weight of 1.03 kg.m−2 (85 % warp and 15
% weft). Consumables for composite bagging and vacuum infusion were
obtained from Diatex SAS (France).

7.3.2 Preparation of polymer and composite specimens
Manufacturing of composite specimens
A composite plate was manufactured by vacuum infusion of a 90-ply
pseudo-UD glass fabric layup. The resin mix was prepared by combining
three parts initiator for a hundred parts monomer formula under mechan-
ical stirring. The mixture was degassed for 1 min at 50 mbar and infused
at a pressure close to 60 mbar, parallel to the fibre tow orientation. The
resin was left to polymerise within the preform after clamping shut the
resin inlet and vacuum line. No external heating was applied during the
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process. The final part had a total thickness of 73 mm and a fibre volume
fraction close to 0.5. Cubic specimens of dimensions 10 × 10 × 10 mm3

were extracted from the core of the plate, according to the sectioning
diagram presented in the Supplementary Information.

Manufacturing of resin specimens
A degassed resin mix was prepared as described previously, casted into a
∅ 14 mm borosilicate glass test tube coated with release agent Chemlease
41-90 (Chem-Trend GmbH, Germany), and left to polymerise at room tem-
perature. After cooling, the resin sample was removed from the mould.
The first few centimetres below the resin/air interface were cut off and dis-
carded, as peroxide initiators are sensitive to air inhibition. Cylinders with
height and diameter both equal to 12 mm were lathed from the remainder
of the resin sample.

Thermal rejuvenation
Prior to mechanical testing, the bulk polymer and composite specimens
were subjected to thermal rejuvenation through heating at a temperature
T0 slightly above their glass transition temperature Tg until thermody-
namic equilibrium is achieved, and then quenching down to a tempera-
ture T1 below Tg as described by Struik [269]. The purpose of a thermal
rejuvenation treatment is twofold: (1) relaxing any internal stresses and
preferential chain orientations induced by processing and (2) “resetting”
the amount of free volume. In practice, the specimens were placed in a
laboratory furnace preheated at 100 °C (i.e. 3 degrees above the Tg value
of Elium 191 OSA as measured by [1]), held at this temperature for 10 min,
then taken out and left to cool down to room temperature, i.e. close to
20 °C. Note that the duration of the heating step (i.e. 10 min) was selected
to ensure homogenous heating of the specimens up to 100 °C (as verified
by solving the heat equation). The time of the quench, referred to as t0, was
considered as the origin of the ageing time [269, 270] for the measurements
performed at t3, t5 and t17. Note that a second, similar thermal rejuve-
nation treatment was applied to the specimens at t′0 ≈ t0 + 18 months,
resetting again the origin of the ageing time to zero.

Polishing of composite and bulk specimens
Immediately after each rejuvenation treatment (i.e. around t0 and t′0), all
specimens were polished on a semi-automatic MultiPrep Precision Polish-
ing System from Allied High Tech Products, Inc., CA, USA. First, polymer
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cylinders were polished using resin-bonded diamond discs with succes-
sive grit of 1200 and 4000 (MD-Piano from Struers Inc., OH, USA), and
finished using a polishing cloth coated with a 0.3-µm alumina suspen-
sion (AP-D Suspension 0.3 µm, also from Struers Inc.). Composite spec-
imens were polished perpendicular to fibre tow orientation. The accuracy
of indentation-based mechanical measurements being sensitive to surface
roughness [198, 210, 249, 285, 289, 290]1, special care was taken to min-
imise the differential erosion of polymer and fibre materials during polish-
ing. Diamond lapping films coated with fixed particles of decreasing sizes
from 30 down to 0.1 µm (Allied High Tech Products, Inc., CA, USA) were
used instead of polishing pastes, and small contact loads were applied to
the composite specimens in order to avoid compressing the film material.
These precautions were applied to minimise the “nesting” of polishing par-
ticles into the softer matrix pockets, leading to the preferential removal of
the polymer material. A full description of the composite polishing proto-
col used in this work is presented in the Supplementary Information.

7.3.3 Micromechanical characterisation by nanoindentation and AFM
Definition of measurement conditions
Figure 7.1 shows a micrograph of the polished surface of a glass fibre-
reinforced Elium composite specimen. As mentioned in the introduction,
the quasi-UD architecture of the reinforcing fabric gives rise to two cate-
gories of matrix pockets in the composite material: (1) intra-tow pockets,
whose smallest dimension does not exceed a few tenths of microns, and
(2) inter-tow pockets, which are more than ten times larger as illustrated
by Figure 7.1. The unreinforced resin is referred to as condition (3), so
that the measurement conditions are numbered in the order of the aver-
age distance to the closest fibre (unreinforced resin can be considered as an
infinitely large matrix pocket).

1Modulus calculations rely on the estimation of tip-surface contact area, meaning that ar-
tifacts may arise from “abrupt” slope changes (with an angle greater than the opening angle
of the probe [285]) and/or from imaging “too small” features, whose size is comparable to tip
radius or smaller.
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Fig. 7.1 Scanning electron micrograph of the polished surface of a fibre-
reinforced Elium composite specimen after polishing, showing (1) intra-
tow and (2) inter-tow matrix pocket morphology.

Nanoindentation
Nanoindentation measurements were performed with an Agilent G200 de-
vice equipped with a Berkovich diamond tip and a Dynamic Contact Mod-
ule (DCM II) head. The CSM mode was used at a frequency of 75 Hz and
with an harmonic displacement value of 1 nm. The maximum penetra-
tion depth hmax was set to 500 nm, while the strain rate target was equal
to 0.05 s−1. Indentation modulus E and hardness H values were directly
calculated from raw data by the KLA NanoSuite software (version 6.54.0)
via the Oliver and Pharr method [100]. E and H datasets were acquired for
conditions (1), (2) and (3) at each of the following ageing times: t0, t3, t5, t17
and t′0. For each indent performed in condition (1), the distance x between
the centre of the residual imprint and the nearest glass fibre was measured
from optical micrographs via the open-source software ImageJ [147].

AFM
AFM indentation experiments were carried out on a Dimension Icon and
a MultiMode 8 systems (both from Bruker Corp., USA), using the Peak
Force Tapping® mode with quantitative nanomechanical mapping (PFT-
QNM) mode [277]. The built-in tool of the Nanoscope operating soft-
ware was used for extracting modulus values from the raw AFM data, via
the DMT model [278] described previously. RTESPA-300 and TESPA-300-
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30 probes (Bruker) were selected as their nominal cantilever spring con-
stant kc is around 50 N/m, i.e. close to the contact stiffness kN of the tip-
Elium resin interaction. Indeed, assuming that (1) E and ν are respectively
around 3 GPa and 0.35 for Elium resins, (2) R is usually in the 10-30 nm
range for PFT-QNM probes and (3) the maximum value of h must not ex-
ceed a few nanometres to ensure the validity of the DMT model (typically
hmax ≈ 3 nm), the value of kN can be estimated around 40 to 60 N/m from
eq. 7.9. Calibration of cantilever properties, photodetector sensitivity and
PFT-QNM parameters was performed prior to analysis as per the manu-
facturer’s instructions. DMT modulus images of the resin in conditions
(1) and (2) (i.e. in the two categories of composite matrix pockets) were
acquired at t0 and t5 as detailed in Table 7.1. Note that the fibre-matrix
interphase region was also imaged at t0. In all cases, scan parameters were
carefully chosen to ensure that pixel size (i.e. distance between two in-
dented locations) remained larger than contact radius a, so that the probe
response was not influenced by adjacent measurement points [291].

The profile extraction tool of the open-source software Gwyddion 2.60
[292] was used to measure interphase thickness in the composite mate-
rial. Line profiles were manually drawn in several locations across the
fibre-matrix interface using 2D property maps obtained in intra-tow ar-
eas (condition (1)). Each profile was obtained by averaging the data of 10
neighbouring pixel strips perpendicular to the profile direction in order to
reduce noise. Cross-correlation of DMT modulus and PeakForce error data
was performed for each profile, and profiles displaying absolute PF error
values exceeding 10 % of the applied load were discarded from the study.
This kind of artefact indeed suggests a temporary loss of contact between
the tip and the surface [285], due to differential erosion of the fibre and
matrix materials during polishing. The thickness of the interphase was
measured on the remaining profiles using DMT modulus data. More pre-
cisely, the width of the transition zone between the modulus value of the
fibre and that of the matrix was assessed graphically as follows. Tangents
to each of the three modulus domains (i.e. fibre, interphase, matrix) were
drawn on all DMT modulus profiles, resulting in two interception points.
Interphase thickness was defined as the difference between the coordinates
of the two intercepts.

| 177



7 | Local indentation response of Elium

A
ge

in
g

ti
m

e
of

sp
ec

im
en

s
t 0

t 5
A

FM
sy

st
em

D
im

en
si

on
Ic

on
M

ul
ti

M
od

e
8

Pr
ob

e
ty

pe
R

TE
SP

A
-3

00
-3

0
R

TE
SP

A
-3

00

C
al

ib
ra

te
d

va
lu

e
of

k N
49

.2
80

N
.m

−
1

(f
ac

to
ry

ca
lib

ra
ti

on
)

≈
50

N
.m

−
1

(S
äd

er
m

et
ho

d)

C
al

ib
ra

te
d

va
lu

e
of

R
32

nm
(f

ac
to

ry
ca

lib
ra

ti
on

)
≈

10
nm

(i
nd

ir
ec

tc
al

ib
ra

ti
on

us
in

g
re

f.
sa

m
pl

e,
se

e
[2

91
])

Pr
ob

e
vi

br
at

io
n

fr
eq

ue
nc

y
0.

5
kH

z
2

kH
z

PF
am

pl
it

ud
e

30
nm

20
nm

A
pp

li
ed

PF
se

tp
oi

nt
P m

ax
15

0
nN

30
0

nN

C
or

re
sp

on
di

ng
h m

ax
2-

3
nm

Fi
tb

ou
nd

ar
ie

s
(f

or
un

lo
ad

in
g

fo
rc

e
cu

rv
e)

M
in

im
um

fo
rc

e:
5

%
P m

ax
M

ax
im

um
fo

rc
e:

95
%

P m
ax

Sc
an

pa
ra

m
et

er
s

-S
ca

n
si

ze
-P

ix
el

si
ze

-S
ca

n
ra

te
-C

on
ta

ct
ra

di
us

a

6
×

6
µm

2
(1

28
×

12
8

px
2 )

≈
47

nm
.p

x−
1

≈
1

µm
.s
−

1

≈
10

nm

3
×

3
µm

2
(2

56
×

25
6

px
2 )

≈
11

nm
.p

x−
1

≈
2

µm
.s
−

1

≈
9

nm

Ta
bl

e
7.

1
PF

T-
Q

N
M

A
FM

ac
qu

is
it

io
n

pa
ra

m
et

er
s

us
ed

at
t 0

an
d

t 5
.

178 |



Materials and methods | 7.3

Intra-tow modulus values beyond the interphase region were then
compared to inter-tow (condition (2)) modulus values with Igor Pro 8
(WaveMetrics, Inc., USA), via in-house developed routines. Count his-
tograms were generated from all DMT modulus images with a bin width
equal to 50 MPa, excluding outliers (which were defined as modulus
values below 1 GPa and above 10 GPa). Results were then accumulated
into a single frequency histogram for each measurement condition (i.e.
(1) or (2)) and ageing time (i.e. at t0 or t5), and fitted with a skew normal
probability density function for determining the average modulus and
standard deviation values.

7.3.4 Statistical analysis of nanoindentation results
Nanoindentation datasets were subjected to multiple comparison tests
via repeated resampling using R [293], in order to evaluate the influence
of ageing time and distance to nearest fibre on the indentation modulus
and hardness of the resin as follows. Let us consider the example of
two nanoindentation datasets A and B, consisting of modulus values
measured in condition (1) at different ageing times, respectively t0 and t3.
Each dataset was first resampled down to 60 measurements, which were
randomly selected from 8 indents. Resampled datasets A’ and B’ were
then compared using a random-intercept linear mixed model expressed as

E ∼ Ageing time︸ ︷︷ ︸
FIXED EFFECT

+ (1 |Indent number) + (1 |Indent batch number)︸ ︷︷ ︸
RANDOM EFFECTS

,

(7.11)

where “Ageing time” is the fixed effect, while “Indent number” and “In-
dent batch number” are random effects. “Indent number’ accounts for
the fact that each indent yields several modulus measurements in CSM
mode. “Indent batch number” is used to illustrate a particulate feature of
the nanoindenter operating software, which imposes to perform indents
by batches (of about ten indents). Both effects have been found to induce
significant variability in the measurements, which is why they have been
added to the model as random effects. Possible heteroscedasticity in the
compared datasets was also accounted for in the model structure. An es-
timated difference between datasets A’ and B’ was obtained from running
the model. The resampling/mixed model comparison step was repeated
500 times. The median of the 500 estimated difference values was calcu-
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lated as well as the 2.5th and 97.5th percentiles, providing a 95 % confidence
interval (CI) for the comparison of datasets A and B. In this example, “Age-
ing time” was the fixed effect while E (indentation modulus of the resin)
was the response variable. Depending on the datasets being compared,
indentation hardness H can be the variable response instead of E and/or
“Fibre proximity” (i.e. condition (1), (2) or (3)) can be the fixed effect in-
stead of “Ageing time”.

7.4 Results and discussion

7.4.1 Thickness and mechanical properties of the interphase region
A typical 2D modulus image obtained in an intra-tow matrix pocket of the
Elium composite is presented in Figure 7.2 alongside with the evolution of
topography, DMT modulus and PF error values along two 1 µm-long 1D
profiles drawn across the fibre-matrix interface. The modulus profiles in
Figure 7.2c exhibit an upper plateau at around 30 GPa and a lower plateau
close to 5.5 GPa, which are attributed to the fibre and matrix materials,
respectively. Modulus measurements appear more scattered in the glass
fibre than in the polymer, and also have significantly lower values than
the macroscopic modulus of glass (≈ 70 GPa). As explained previously,
the cantilever stiffness of the AFM probe was selected to be close to the
contact stiffness between the tip and the polymer. Hence, the probe is too
compliant to properly indent the fibre surface, which results in unrealistic
modulus measurements in this material and low signal-to-noise ratio as the
lower the indentation depth, the larger the impact of surface roughness on
modulus measurements [243, 252]. A 150-nm transition zone in which the
DMT modulus linearly decreases from 30 to 5.5 GPa is observed between
the fibre and matrix phases, as depicted by the yellow area in Figure 7.2c.

180 |



Results and discussion | 7.4

Fig. 7.2 (a) 2D DMT modulus image obtained by AFM in the intra-tow
matrix pocket of the Elium composite with location of 1D profiles A and B,
and evolution of (b) topography, (c) DMT modulus and (d) PF error values
along profiles A and B.
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The AFM indentation of the Elium polymer close to a fibre was also
modelled via FE simulation, in order to decouple the influence of fibre
constraint from that of an actual change in polymer properties close to
the fibre-matrix interface. The results of these simulations, which are pre-
sented in the Supplementary Information, confirm that this behaviour does
not result from a constraining effect from the fibre material. This “third
phase”, which appears stiffer than the composite matrix and exhibits a
property gradient across the thickness is thus likely to be the interphase
region. Note that the drop in DMT modulus observed along the interphase
corresponds to a drop in topography as a consequence of differential ero-
sion of the fibre and matrix materials during polishing, see Figure 7.2b.
This should not impact the accuracy of the modulus measurements pro-
vided the probe tip remains in contact with the surface at all times, which
is confirmed by the low PF error values displayed in Figure 7.2d. These do
not exceed 6 % of the applied load in the interphase region, which would
approximately translate into a 6 % error in the calculated DMT modulus
value, see eq. 7.9.

The distribution of interphase thickness values measured by PFT-
QNM AFM is shown in Figure 7.3. The box plot is symmetric, which
suggests a normal distribution of interphase thickness values (provided
the data is unimodal, which is the case here). The median and mean
values are both approximately equal to 120 nm, while the calculated
standard deviation is around 30 nm. The maximum measured thickness
value, including outliers, does not exceed 200 nm. The radius of the glass
filaments used as reinforcement in the composite material is approxi-
mately 7.5 µm, and the smallest possible matrix pocket could be defined
as the closed space between 3 mutually tangent fibres. The cross-sectional
area of this “smallest pocket” can be estimated through simple geometric
calculations; it is around 9 µm2. Considering the extreme case of a 200-nm
interphase region extending from the surfaces of the three tangent fibres,
less than half of the total area of the “smallest pocket” would be occupied
by the interphase. This ratio decreases to around 1/4 if we assume an
interphase thickness value of 120 nm. This confirms that even the smallest
intra-tow matrix pockets are mostly composed of Elium polymer, not of a
continuous interphase region.
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Fig. 7.3 Box plot distribution of interphase thickness values measured by
PFT-QNM AFM in the intra-tow matrix pockets of the Elium composite.
Whiskers indicate the minimum and maximum values of the distribution,
excluding outliers which are depicted by circles. The box extends between
the 25th and 75th percentiles, while the central horizontal line indicates the
median value.

7.4.2 Influence of fibre proximity and physical ageing on nanoindentation
properties
Selection of nanoindentation data for statistical analysis
Indents performed in CSM mode yield one data point for each 1 nm vari-
ation of the penetration depth h. This results in a considerable amount of
data, which are not all relevant with respect to the present study. In par-
ticular, the CSM nanoindentation curves systematically exhibit important
fluctuations at low penetration depths for a variety of reasons (see e.g. [259,
294–297]). In the case of interest, the measured values of E and H decrease
as h decreases towards 0. The typical evolution of E and H as a function
of h is shown in Figure 7.4 for three random indents performed in the bulk
Elium specimen. The E and H plots are divided into three domains with
respect to the penetration depth h, see Figures 7.4a and b, respectively. In
Domain I, i.e. for 0 < h ≲ 50 nm, E and H values exhibit very sharp fluctu-
ations. Slighter variations are observed in domain II, which extends from
h ≈ 50 to ≈ 250 nm. In domain III, i.e. for h > 250 nm, all E and H curves
reach a plateau, meaning that the measurements are no longer dependent
on the penetration depth.
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Fig. 7.4 Typical evolution of (a) E and (b) H values measured by nanoin-
dentation in Elium as a function of the penetration depth h. Each colour
represents one indent performed in the bulk polymer (i.e. condition(3)) at
t5.

Note that the behaviour illustrated by Figure 7.4 was observed regardless
of fibre proximity (i.e. condition (1), (2) or (3)) and ageing time, in both E
and H data. A similar evolution for h < 100 nm has already been observed
when indenting poly(methyl methacrylate) [297], which is the main con-
stituent of Elium after polymerisation. The phenomenon was attributed
to uncertainties in the measured displacements as well as in the contact
definition due to tip blunting [297].

In light of these observations, only E and H measurements acquired
in the range 400 < h < 450 nm (i.e. in domain III) were included in
the statistical analysis for conditions (2) and (3). For condition (1), how-
ever, narrowing down the datasets obtained from each indent was not as
straightforward. As mentioned in the introduction, the indentation re-
sponse of composite matrix pockets may be affected by the proximity of
the stiffer reinforcing material. FE models of nanoindentation experiments
[258, 259, 263, 268] are classically used to quantify this ‘constraining ef-
fect’ as a function of the x/h ratio, where x is the distance between the
indenter tip and the closest fibre-matrix interface and h is the penetration
depth. The simulation results allow identifying a critical x/h value above
which the indentation measurements should no longer be impacted by the
fibre response. A similar FE study was performed for the Elium compos-
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ite, as described in the Supplementary Information. The simulation results
showed that E and H measurements could be considered unconstrained
for x/h > 30. However, as x/h increases above this critical value, the
measurements may become affected instead by the variability observed
previously at low indentation depths - whatever its origin may be [258,
259]. Finding the “sweet spot”, i.e. a range of x/h values enabling to avoid
both the constraining effect and the low-depth experimental variability, is
challenging – if not impossible. As FE simulations like those performed in
this work do not capture the variability at low depths, an upper bound for
the x/h ratio can only be estimated from the experimental results. In this
work, the maximum acceptable value of x/h was set to 40 for the follow-
ing reason. From image analysis, the minimum radius x of the analysed
intra-tow matrix pockets is known to be around 2 µm. The variability at
low depths is most significant in domain I, i.e. for h values below 50 nm,
according to the previous paragraph. Hence, any data point meeting the
condition 30 < x/h < 40(= 2, 000/50) should not be affected by fibre
constraint nor be too impacted by the variability at low depth. In practice,
nearly all data points obtained for condition (1) belong to domain II. This
is due to the fact that x < 10 µm for 95 % of the analysed matrix pockets,
resulting in unconstrained penetration depths below 300 nm.

Descriptive and inference statistical analysis of nanoindentation results
The distributions of E and H values obtained by nanoindentation in con-
ditions (1), (2) and (3) at different ageing times are presented in Figure 7.5.
All box plots appear relatively symmetric, suggesting that each dataset fol-
lows a close-to-normal distribution (again, provided the data is unimodal,
which has been verified in all cases). In each plot, box height represents the
interquartile range, which allows estimating the variability of a dataset.
Box height is, on average, twice larger for E and H datasets obtained in
condition (1) compared to conditions (2) and (3), indicating a wider dis-
persion of nanoindentation measurements performed in intra-tow matrix
pockets. This results from the fact that most unconstrained data points
obtained for condition (1) are slightly impacted by the variability at low
depths, as mentioned in the previous section.
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Fig. 7.5 Box plot distributions of (a) E and (b) H values measured by
nanoindentation in conditions (1), (2) and (3), for several values of the age-
ing time. Whiskers indicate the minimum and maximum values of each
distribution, excluding outliers which are depicted by circles. Boxes ex-
tend between the 25th and 75th percentiles, while the central horizontal
line indicates the median value.
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Despite this difference in variability, the data shown in Figure 7.5 pro-
vide insight into the influence of fibre proximity and physical ageing on
the nanoindentation response of the resin. The majority of E and H values
in Figures 7.5a and 7.5b lie within the 5.3 GPa ±10 % and 280 MPa ±10 %
ranges, respectively. Regardless of fibre proximity, a clear trend emerges
with respect to the effect of the ageing time on the mechanical properties
of the resin. More precisely, E and H values increase as the “physical age”
of the resin increases, and drop following the second thermal rejuvena-
tion treatment (which corresponds to t′0). The largest increase in E and H
values occurs during the first 3 months following the initial rejuvenation
treatment, i.e. between t0 and t3. There seems to be, however, an influence
of fibre proximity on the extent of the observed variations. The largest ap-
parent increase in properties with physical age is respectively observed in
condition (1), then (2) and eventually (3). In particular, the median value
of H increases by ≈ 20 % between t0 and t17 for condition (1), by ≈ 10
% for condition (2) and by less than 5 % for condition (3), see Figure 7.5b.
A similar tendency is observed for E values shown in Figure 7.5a, though
to a lesser extent. This indicates a higher “physical ageing potential” for
the resin located in the close vicinity of fibres. Surprisingly, however, the
second rejuvenation treatment induces the same 3 % drop in the median
value of E and H between t17 and t′0 for all conditions, except in one case
(the decrease in the median H value for condition (1) seems more subtle -
likely between 0 and 1 %). As a consequence, condition (3) is the only one
exhibiting the same nanoindentation response at t0 and t′0, i.e. after the
first and second rejuvenation treatments. The resin properties in condition
(2) and especially (1) remain larger at t′0 than at t0.

The results presented in Figure 7.5 yield interesting but mostly qual-
itative conclusions, which can be further analysed via inference statistics.
Figures 7.6 and 7.7 presents the 95 % CIs obtained from multiple pairwise
comparisons performed between nanoindentation datasets for assessing
the respective influence of fibre proximity (i.e. condition (1), (2) or (3))
and ageing time on the mechanical properties of the resin. CIs should be
interpreted as follows: if the interval contains 0, the corresponding differ-
ence is deemed non-significant from a statistical point of view. If a CI does
not contain 0, there is a 95 % probability that the two datasets being com-
pared are different: the result is statistically significant. Yet, a statically-
significant difference is not always considered “important”, depending on
the overall purpose of the study. Here, grey dotted lines in Figures 7.6
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and 7.7 indicate a ±5 % or ±10 % difference with respect to the aforemen-
tioned baseline values of 5.3 GPa for E and 280 MPa for H. In this work,
any statistically-significant difference whose CI lies completely outside the
±5 % range is considered important from a mechanical viewpoint.

The variations in the modulus and hardness of the resin in conditions
(1), (2) and (3) as ageing time increases are respectively depicted in the top
and bottom parts of Figure 7.6. Inter-tow matrix pockets (condition (2))
do not experience important variations in modulus values due to physical
ageing, while hardness values increase by more than 5 % between t0 and
t3, nearly exceeding the 10 % difference threshold by t17. The comparisons
made on pure resin (condition (3)), on the other hand, suggest no impor-
tant changes in neither the modulus nor hardness values with increasing
ageing time. The greater dispersion of measurements previously observed
in intra-tow matrix pockets translates into larger confidence intervals for
condition (1). While this impacts the statistical significance of most of the
corresponding CIs, the comparison of nanoindentation datasets obtained
at t0 and t17 still clearly shows an increase in hardness values of at least 10
% in intra-tow matrix pockets.

Fig. 7.6 Median differences (circles) and 95 % CIs (error bars) in (a) E and
(b) H values, obtained from the pairwise comparison of nanoindentation
datasets acquired at different aging times for the same measurement con-
dition (i.e. (1), (2) or (3)). The grey dotted lines indicate variations of ±5 or
10 % with respect to the average values of E, i.e. 5.3 GPa and H, i.e. 280
MPa.
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We note in passing that the hardness comparisons performed between t0
and t′0 for the three conditions confirm the observations made from Figure
7.5, i.e. intra- and inter-tow matrix pockets do not recover their “initial”
(t0) properties after the second thermal rejuvenation treatment. The pos-
sible explanations for this are the following. First, despite the precautions
taken to ensure a complete relaxation of the polymer, the second treatment
may not have been carried out at a sufficiently high temperature and/or
for long enough to completely reverse the effects of physical ageing in the
composite matrix. Otherwise, part of the increase in hardness values over
time may result from another chemical or physical phenomenon which has
not been yet identified.

The effect of fibre proximity on the nanoindentation response of the
resin is shown in Figure 7.7, for several levels of physical ageing. There is
no important effect of fibre proximity on the resin modulus, whatever the
ageing time considered.

Fig. 7.7 Median differences (circles) and 95 % CIs (error bars) in (a) E and
(b) H values, obtained from the pairwise comparison of nanoindentation
datasets acquired in conditions (1), (2) and (3) at the same ageing time.
The grey dotted lines indicate variations of ±5 or 10 % with respect to the
average values of E, i.e. 5.3 GPa and H, i.e. 280 MPa.
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Differences in resin hardness, which are depicted in the bottom part of
Figure 7.7, yield mostly the same conclusions. Still, at t0, the pure resin
(condition (3)) exhibits more than 5 % higher hardness values than the
inter-tow composite matrix pockets (condition (2)), and probably also than
the intra-tow matrix pockets (condition (1)) although the CI slightly inter-
cepts the +5 % line. This initial mismatch could result from small differ-
ences in residual monomer content between the composite and bulk resin
specimens and/or from the additional presence of the glass fibre sizing in
the case of the composite - both residual methyl methacrylate and glass fi-
bre sizing components having a strong plasticising effect on PMMA-based
Elium resins, even at very low concentrations [1]. More interesting is the
fact that the difference in hardness between the pure resin and the compos-
ite matrix is no longer observed as ageing time increases. We know from
Figure 7.6 that the composite matrix (i.e. conditions (1) and (2)) is more
affected by physical ageing than pure resin (condition (3)). As physical
ageing manifests itself by an increase in hardness and modulus values, the
difference in hardness between the bulk resin and the composite matrix at
t0 is thus “smoothed out” as the ageing time increases.

7.4.3 Comparison with PFT-QNM AFM measurements
Histograms showing the distributions of DMT modulus values obtained
by AFM in intra-tow (condition (1)) versus inter-tow (condition (2)) ma-
trix pockets at t0 and t5 are presented in Figure 7.8 alongside with their
fitted skew-normal probability density functions. As explained in section
7.2.1, the modulus values obtained by AFM in this work are considered
relative, i.e. only comparable with data obtained in the same experimen-
tal conditions (same probe, same calibration and operating parameters).
Consequently, the data obtained at t0 (see Figure 7.8a) and t5 (see Figure
7.8b) cannot be compared in a quantitative manner, as they correspond
to two different sets of experimental conditions (in terms of AFM device,
probe type and calibration parameters, see section 7.3.3). From the equa-
tions of the fitted probability density functions shown in Figure 7.8a, the
mean value and standard deviation of the DMT modulus distributions at
t0 can be estimated. These are respectively equal to 5036 ± 660 MPa for
condition (1) and 5164 ± 550 MPa for condition (2). Following the same
approach for Figure 7.8b, the calculated values of the mean modulus and
standard deviation at t5 are equal to 3930 ± 600 MPa for condition (1) and
to 3950 ± 720 MPa for condition (2).
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Fig. 7.8 Histogram distribution and skew gaussian fit of DMT modu-
lus values measured by AFM in intra-tow (condition (1)) versus inter-tow
(condition (2)) composite matrix pockets at (a) t0 and (b) t5.

These results reinforce one of the conclusions drawn from nanoindenta-
tion measurements with respect to the absence of significant differences
in modulus values between conditions (1) and (2) at t0 and t5. We note
in passing that the dispersion of AFM measurements is in the same order
of magnitude for both conditions: AFM is especially designed for provid-
ing accurate measurements at very low (or even zero) indentation depths,
contrary to nanoindentation measurements whose accuracy at penetration
depths below 100 nm is limited, as mentioned above.

7.5 Conclusion

The effects of physical ageing and fibre proximity on the local mechani-
cal response of a methacrylic resin were assessed by CSM nanoindentation
and PFT-QNM AFM indentation. The main findings of the present study
are the following. First, the modulus and hardness of the resin do not differ
significantly as a function of fibre proximity, provided all tested specimens
have been subjected to the same level of physical ageing. There seems to
be a slight influence of fibre proximity on the rate and extent of physical
ageing experienced by the resin, i.e. intra-tow matrix pockets show ear-
lier and stronger signs of ageing (in particular via an increase in hardness)
than inter-tow matrix pockets and unreinforced resin, respectively. In the
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longer run, this could lead the composite matrix properties to diverge sig-
nificantly from those of the bulk polymer, as observed by several authors
in the case of epoxy resin systems. Further work could therefore focus on
the following questions:

• What is the effect of longer periods of natural ageing time (> 18
months) on the mechanical response of unreinforced and reinforced
Elium resins? Do their properties stop evolving after a certain
amount of time? If they do, this could help determine the best timing
for performing the mechanical characterisation of a composite part
after it has been manufactured.

• Can the results of accelerated ageing studies (performed at tempera-
tures higher than room temperature) be reliably extrapolated to pre-
dict the long-term behaviour of polymers and polymer composites
exposed to natural ageing conditions? This matter is still debated in
the literature, see e.g. [298].
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7.7 Supplementary information

7.7.1 Sectioning diagram of composite plate
The composite plate was machined using a water-cooled disc milling cutter
following the sectioning diagram shown in Figure 7.9.
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Fig. 7.9 Sectioning diagram for the micromechanical characterisation of
the composite plate (L = 60 cm, W = 40 cm, c = 73 mm); the first cuboid
was extracted close to z = L/2 and x = W/2. Note that infusion direction
and fibre tow orientation were parallel to the z axis, see [4].

A cuboid of dimensions 10 × 13 × 10 mm3 was extracted from the mid-
dle of the plate (close to z = L/2 and x = W/2) and further divided
into 5 equal parts along the y axis in order to obtain specimens C1 to C5.
The homogeneity of plate properties in terms of molecular weight, resid-
ual monomer content, micromechanical and thermal properties along the
y axis was verified, as reported in [1]. Therefore, specimens C1 to C5 are
considered identical in the present study. Nanoindentation and AFM tests
were respectively performed on specimens C2 and C4.

7.7.2 Polishing protocol for composite specimens
Polishing composite surfaces is challenging due to the heterogenous prop-
erties of the fibre and matrix materials. The following protocol has been
especially developed to minimise differential erosion and allow character-
ising the intra-tow matrix pockets and interphase region of the composite
by AFM. Table 7.2 details the parameters applied to the MultiPrep machine
during the various steps of the process. The sample load values indicated
in the table range from 0 to 5, referring to the own scale of the MultiPrep
machine. These values actually correspond to loads of 0 to 500 g, respec-
tively, excluding the masses of the specimen holder (≈ 300 g in our case)
and specimen itself (< 2 g).
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Table 7.2 Polishing procedure applied to composite specimens for min-
imising differential erosion. Each line corresponds to one step of the pro-
tocol.

Step
no.

Particle
size (µm)

Sample
load

Platen rotation
speed (rpm)

Platen rotation
direction

1 30 2 100

Both, alternatively
(e.g. change every

few min)

2 15 2 100

3 9 2 100

4 6 1 50

5 3 1 50

6 1 0 50
Counterclockwise

(opposite to
spindle rotation)

7 0.5 0 10

8 0.25 0 10

9 0.1 0 10

In addition to platen rotation, the spindle holding the specimen was sys-
tematically imposed a clockwise rotation on its own axis (“full rotation”
mode ON) and subjected to a sweeping motion (“oscillation” mode ON).

7.7.3 FE simulations of AFM and nanoindentation experiments near the
fibre-matrix interface
Nanoindentation and AFM indentation experiments were modelled with
the finite element software Abaqus 2021 (Dassault Systèmes, France), in
order to determine the minimum x/h value leading to unconstrained mea-
surements of the mechanical properties of Elium in the vicinity of glass
fibres. A 2D axisymmetric geometry was used for both the AFM indenta-
tion and nanoindentation experiments, as illustrated by Figure 7.10. The
assumption of axisymmetry may not be realistic with respect to the actual
morphology of intra-tow matrix pockets, but it offers a number of advan-
tages. In particular, axisymmetric indentation models have a much lower
computational cost than more realistic 3D models, are much easier to im-
plement, and – more importantly - can only overestimate the effect of fibre
constraint on the elastic properties of the polymer [252, 263].
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Fig. 7.10 2D axisymmetric FE models of AFM indentation with a spheri-
cal tip (left) and nanoindentation with a Berkovich tip (right) with bound-
ary conditions. In this example, the contour plots show the Von Mises
stress value at the end of loading.

For all simulations, a 1,000 mass scaling factor was applied to reduce com-
putation times and the Nlgeom algorithm was used to account for large
deformations.

The AFM and nanoindenter tips were modelled as rigid analytical
surfaces, while the indented specimen consisted of CAX4 quadrilateral
elements. An elasto-viscoplastic behaviour was assigned to the Elium
polymer via a Drucker-Prager hardening law, calibrated from macroscopic
compression and tensile tests performed on pure Elium polymer by Maes
[234], see Annex 1 in section 9.1. No damage criterion was included in the
FE simulations. A friction coefficient of 0.2 was selected for the contact
between the polymer and the tip in order to avoid excessive element
distortion under the tip (without influencing the overall mechanical
response of the indented material) [266, 268]. The bottom of the model was
subjected to a roller boundary condition (BC) (i.e. vertical displacements
were blocked), while the outer edge of the model was assigned a rigid
(“encastre”) BC to simulate the constraining effect of a fibre as suggested
by [258, 263]. A fine, uniform mesh was applied in the contact area and
made gradually coarser further away from the tip apex, as exemplified by
Figure 7.11 for the case of nanoindentation.
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Fig. 7.11 Meshing parameters exemplified in the case of the nanoinden-
tation model, with associated element size. The same meshing parameters
were applied for the AFM indentation model with a 0.01 multiplication fac-
tor for element size (i.e. 5 nm become 0.05 nm). The edge seeding meshing
method by element size was selected; yellow and red lines indicate uni-
form seeding while green indicates seeding by bias.

Nanoindentation model
The Berkovich tip was modelled as a rigid cone with a half-angle equal
to 70.3°. As mentioned by Gregory and Spearing [258], this simplified
representation gives the same projected-area-to-depth ratio as the actual
Berkovich tip geometry (i.e. a three-sided pyramid). A small (with respect
to hmax) 10-nm radius fillet was applied to the tip apex to account for the
fact that actual Berkovich tips are not perfectly sharp. Loading and un-
loading of the Elium polymer were implemented as two subsequent static
general steps. Both were performed in displacement-controlled mode, i.e.
by imposing a vertical displacement BC to the tip. For the loading step,
a non-linear evolution of the displacement between 0 and −hmax (i.e. the
selected maximum penetration depth) was imposed, in order to keep the
loading rate constant as observed during actual nanoindentation experi-
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ments [268]. Unloading was modelled the same way, by imposing a second
vertical displacement up to +hmax. Indentation modulus E and hardness
H were calculated from the predicted load P versus penetration depth h
curves following the procedure detailed in [299]. The residual indentation
depth hp (i.e. depth of the residual imprint after unloading) is first ob-
tained by fitting a linear model to the unloading curve in the range 0.5-15
% Pmax:

P = a1hp + b1, (7.12)

where a1 and b1 are the slope and intercept of the model, respectively. The
value of hp is calculated as

hp = −b1 /a1 . (7.13)

The upper part of the unloading curve (comprising P values ranging
from 40 to 98 % of Pmax) is then fitted by the power law

F = α(h − hp)
m, (7.14)

where α and m are fitting parameters. The unloading contact stiffness S is
obtained from the following equation:

S =

(
dP
dh

)
hmax

= αm(hmax − hp)
m−1. (7.15)

The contact area Ac is expressed as:

Ac = πa2
c , (7.16)

where ac is the contact radius, which may be directly obtained via the
CPRESS output in Abaqus. CPRESS measures the contact pressure at the
surface nodes; it yields a positive value in the contact area and is equal to
zero everywhere else. The reduced indentation modulus E∗ can be calcu-
lated from Ac and S values via equation 7.2 from the manuscript. Even-
tually, the value of the indentation modulus E is obtained from equation
7.3 while indentation hardness H is given by equation 7.1. Unlike CSM
nanoindentation experiments, which consist in cyclic loading-unloading
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steps providing several measurements between h = 0 and h = hmax, the
FE simulation presented here assumes a quasi-static nanoindentation ex-
periment, i.e. one loading step up to hmax followed by one unloading step.
Consequently, only one E and H measurement may be obtained from each
simulation.

The distance x between the tip apex and the simulated fibre-matrix
interface was varied from 3 to 100 times the maximum indentation
depth hmax in order to assess the influence of x/hmax on the calculated
indentation modulus E and hardness H. Examples of P versus hmax curves
obtained from the FE simulations are displayed in Figure 7.12 for the
case where hmax = 1000 nm. Figure 7.13 shows the final outcomes of the
FE simulations, i.e. a plot of E/E∞ and H/H∞ as a function of x/hmax,
where E/E∞ (respectively H/H∞) is the ratio of the predicted resin
modulus (hardness) divided by the “unconstrained modulus (hardness)
value”, which is defined here as the modulus (hardness) of the resin for
x/hmax = 100. We verified that a change in the value of the tip apex
fillet radius R did not impact the model predictions by performing an
additional simulation with R = 50 nm, whose results are shown as a light
blue triangle in both Figures 7.13a and 7.13b.

Fig. 7.12 Examples of load P versus penetration depth hmax curves ob-
tained from the FE simulation of nanoindentation experiments for several
values of the distance x to the closest fibre.
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Fig. 7.13 Nanoindentation response of the Elium polymer predicted by
FE modelling: evolution of the (a) E/E∞ and (b) H/H∞ ratios as a function
of x/hmax, for two different values of the tip apex radius R. The blue dotted
lines only serve as a guide for the eye. The red dashed lines at E/E∞ =
1 and H/H∞ = 1, respectively, correspond to completely unconstrained
resin properties.

We also verified that the predicted values of E/E∞ and H/H∞ for a given
x/hmax did not depend on the value of hmax, as illustrated by the two over-
lapping data points in Figure 7.13a corresponding to x/hmax = 10. These
were respectively obtained for x = 5 µm and hmax = 500 nm (lower E/E∞

value), and for x = 10 µm and hmax = 100 nm (higher E/E∞ value). The
two corresponding predicted hardness values completely coincide, see Fig-
ure 7.13b.

The FE predictions displayed in Figure 7.13 are in line with those ob-
tained by Gregory and Spearing [258] and Hardiman [263] for a carbon
fibre-reinforced epoxy composite using similar 2D axisymmetric models.
In particular, the value of the E/E∞ ratio falls below 1.05 for x/hmax val-
ues above 30, i.e. the constraining effect only induces a maximum + 5 %
deviation in the predicted modulus value compared to the unconstrained
value if x/hmax > 30. The predicted hardness values appear less sensitive
to the constraining effect than modulus values, consistently with previous
observations [268]. More precisely, the value of the H/H∞ ratio falls below
1.05 for x/hmax values above 5.
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In light of the FE simulation results, it was decided that any nanoin-
dentation data point obtained in intra-tow matrix pockets (condition (1))
for x/h values below 30 would be discarded from the comparative study.
An additional upper limit for x/h values was introduced for removing
the unconstrained data points affected by low-depth variability, see sec-
tion 7.4.2 of the manuscript.

AFM indentation model
The AFM probe tip was modelled as a rigid sphere with a radius R equal
to 32 nm, which is the actual value of the tip radius used for AFM experi-
ments at t0, see Table 7.1 in the main manuscript. Loading and unloading
of the Elium polymer were implemented as two subsequent static general
steps. Both were performed in displacement-controlled mode, i.e. by im-
posing a vertical displacement BC to the tip. For the loading step, a non-
linear evolution of the displacement between 0 and −hmax was imposed
in order to keep the loading rate Ṗ/P constant, as mentioned previously
for nanoindentation simulations. Unloading was modelled the same way,
by imposing a second vertical displacement up to +hmax. The indenta-
tion modulus E was calculated from the predicted load P versus penetra-
tion depth h curves via the DMT contact model described in section 7.2.1
of the manuscript. First, the unloading part of the P versus h curve was
fitted by a linear function of h3/2 in the range 5-95 % Pmax, see equation
7.7. The selected fitting range corresponds to that applied to experimen-
tal PFT-QNM force curves for extracting the DMT modulus, see Table 7.1.
The reduced modulus E∗ of the resin was calculated from the slope a2 of
the fitted model, expressed as

a2 =
4
3

E∗√R, (7.17)

and the modulus E was then obtained via equation 7.3.

In practice, AFM indentation experiments are not displacement-
controlled, as assumed in the FE simulation, but load-controlled.
This means that a force setpoint (referred to as the PF setpoint in the
manuscript) is used as an input, instead of a maximum penetration depth
hmax. To circumvent this problem, two subsequent FE simulations were
actually performed for each configuration (i.e. each value of the distance
x between the indenter tip and the rigid interface). A first simulation was
carried out for hmax = 5 nm, which is intentionally above the 2-3 nm pen-
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etration depth observed experimentally in the Elium polymer. Using the
predicted P versus h curve, the h0 value corresponding to the desired PF
setpoint (here 150 nN, see Table 7.1) was identified. A second simulation
was performed with h0 as the target indentation depth for calculating the
resin modulus E. Examples of P versus h0 curves obtained from these FE
simulations are displayed in Figure 7.14.

The predicted evolution of the E/E∞ ratio as a function of x/h0 is dis-
played in Figure 7.15a; the unconstrained modulus value E∞ is defined
here as the predicted modulus of the resin in the configuration where x =

300 nm. As observed for nanoindentation, the predicted value of the E/E∞

ratio falls below 1.05 for x/h0 values above 30. A plot of the same results is
shown in Figure 7.15b as a function of x instead of x/h0, which allows com-
paring the FE predictions to one of the DMT modulus profiles measured
experimentally in the interphase region. The fibre constraining effect pre-
dicted by the simulations is no longer observed beyond ≈ 60 nm from the
fibre surface, meaning that the measured values of the interphase thickness
(which lied in the 70-200 nm range, with an average value of 120 nm, see
Figure 7.3) can be trusted.

Fig. 7.14 Examples of load P versus penetration depth h0 curves ob-
tained from the FE simulation of AFM indentation experiments for several
values of the distance x to the closest fibre.
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Secondly, the increase in DMT modulus values close to x = 0 due to the
constraining effect is almost negligible with respect to the variations ob-
served experimentally in the interphase region. This confirms the existence
of a stiffer interphase region in the Elium composite.

Fig. 7.15 AFM indentation response of the Elium polymer predicted by
FE modelling: evolution of the E/E∞ ratio as function of (a) x/h0 and (b)
x. The blue dotted lines only serves as a guide for the eye. The red dashed
lines at E/E∞ = 1 corresponds to completely unconstrained resin prop-
erties. An example of experimental measurement close to the fibre-matrix
interface is depicted in Fig. (b) with a full yellow line.
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8
Conclusions and perspectives

8.1 General conclusions

The general objective of this thesis was to address concrete technologi-
cal challenges met by the wind industry when manufacturing thick fibre-
reinforced Elium composites, while answering scientific questions of inter-
est for the broader composite community.

Mitigating void formation in thick Elium laminates manufactured by
vacuum infusion was a first motivation for this work, from an industrial
point of view. Based on the existing literature, the main source of void
formation in Elium composites was already suspected to be through
monomer boiling during the highly exothermic MMA polymerisation
step. The problem was first approached from a top-down perspective,
i.e. via the phenomenological study of industrially-produced Elium com-
posite samples containing voids described in Chapter 3. The outcomes of
this preliminary study marked a turning point in the research, paving the
way for the development of the thermokinetic model described in Chapter
4 and for the conception of the in-situ infusion experiment presented in
Chapter 5.

The second, more fundamental objective of this thesis was to con-
tribute to the understanding of fibre-reinforced Elium composite proper-
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ties at the constituent level. By relying on small-scale indentation tech-
niques (Chapter 7) as well as on a newly-developed nano-DIC method
(Chapter 6), the elastic and plastic deformation response of the Elium ma-
trix pockets in between glass fibres were characterised, and decoupled
from that of the fibre-matrix interphase region. The conclusions lead to
questioning the relevance of using continuum laws, calibrated from macro-
scopic test results, for modelling the microscale behaviour of a polymer
within a fibre-reinforced composite material.

The novelty of this work lies, among others, in the methodological
developments of three new numerical and experimental tools, which are
listed below. Some of these have already been applied to fibre-reinforced
polymer systems different than that of interest in this work.

�
New tools

• A thermochemical model [4] for predicting, within a minute,
the evolution of temperature across the thickness of Elium lam-
inates during polymerisation for any set of preform, resin and
processing parameters. The model was initially validated for
vacuum infusion (see Chapter 4), and successfully adapted to
the consolidation of carbon fibre/Elium prepregs [300].

• A 4D-XCT experiment for monitoring void formation [6] in
thick fibre-reinforced laminates produced by infusion. In the
proof-of-concept study of Chapter 5, the experiment was con-
ducted within a lab-based XCT device. The progressive growth
of macrovoids during the in-situ polymerisation of a miniature
glass fibre preform infused with Elium monomer was success-
fully captured.

• A nano-DIC method dedicated to composites [7] for study-
ing the local deformation and fracture mechanisms occurring
in Elium laminates at the fibre level. This first-of-a-kind experi-
ment, presented in Chapter 6, also provided accurate nanoscale
DIC measurements for a carbon fibre-reinforced epoxy resin.
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More importantly, this thesis allowed filling some of the gaps pre-
viously identified in the literature. The main topics addressed in this
manuscript are presented hereafter, alongside with the corresponding
conclusions - many of which were obtained from the newly-developed
tools described above.

8.1.1 Mitigating porosity in Elium composites
Monomer boiling: a matter of thermokinetics and preform thickness
Thick Elium laminates manufactured by infusion are sensitive to monomer
boiling and subsequent void formation, due to the exothermic and self-
accelerating nature of the MMA polymerisation reaction. The competi-
tion between heat transfer - within and outside of the laminate - and heat
generation via the polymerisation reaction determines whether or not the
monomer will boil locally, giving rise to permanent voids in the matrix in
the former case. Using the aforementioned model, the influence of pre-
form thickness, fibre volume fraction, fibre material, resin formulation (i.e.
nature and amount of initiator, monomer content), external heating pa-
rameters applied during processing, mould properties (constitutive mate-
rial and thickness) and ambient temperature on the formation of thermal
porosity could be understood and quantitatively predicted. The computa-
tional efficiency of the model allowed generating a large amount of data
within a short amount of time, enabling the construction of processing
maps. For a given composite application (i.e. for a given set of preform
thickness, reinforcing fabric and resin formulation), such maps may, for in-
stance, allow finding the “sweet spot” in terms of external heating parame-
ters for ensuring the shortest possible polymerisation time while avoiding
the formation of thermal porosity.

The model also shed light on the heterogenous thermokinetic be-
haviour along the thickness direction of Elium laminates manufactured
by vacuum infusion. In all cases, the polymerisation exotherm occurs
first in the lower plies of the laminate, i.e. close to the mould. The heat
thus generated in these lower plies diffuses upwards through conduction,
triggering the polymerisation exotherm in the upper plies. Due to the
self-speeding nature of MMA polymerisation, the exotherm becomes
sharper and higher temperatures are reached as one gets closer to the
surface of the laminate. This snowballing effect is exacerbated by external
heating, which may be applied via the mould to shorten the processing

| 205



8 | Conclusions and perspectives

time. The thicker the preform and the higher the selected heating rate
(and maximum setpoint temperature), the more likely the formation of
voids from monomer boiling. This phenomenon is responsible for the
characteristic, heterogenous void patterns which are sometimes observed
in thick Elium composites manufactured by infusion: the closer to the
surface of the laminate, the more voids and the larger they are.

Other sources of porosity
Monomer boiling during polymerisation has been identified as the most
significant source of voids in the case of Elium composites - but it may
not be the only one. Mitigating porosity in thick Elium laminates involves
identifying and decoupling all the different possible mechanisms leading
to void formation over the course of the manufacturing process. Using the
dynamic XCT scanning experiment mentioned above, it was found that
in the example case of interest, (1) a fraction of the final voids resulted
from air entrapment during preform filling, that (2) most of the voids grew
during polymerisation (again, starting from the lower plies), and that (3)
there was a very slight reduction in void size during the cooling step due
to thermal shrinkage. Though more work is needed to extend the study to
other systems (e.g. a different reinforcing fabric), these preliminary results
demonstrate the potential of the 4D-XCT method for future investigations.

8.1.2 Small-scale mechanical response of Elium matrix and interphase
The deformation and failure mechanisms occurring at the local fibre-
matrix level in Elium composites were explored via the newly-developed
nano-DIC method. Strain localisation essentially takes place in a thin (less
than 0.5 µm wide) crown surrounding the fibres, and failure generally
occurs via interface debonding before shear bands can fully develop (and
be captured by DIC) across matrix pockets. The 0.3 to 0.5 µm transition
zone extending between the near-zero fibre deformation domain and the
maximum absolute strain value measured in the matrix was attributed
to the interphase region of the composite, and this assumption was con-
firmed via AFM nanomechanical testing. Note that carbon fibre-reinforced
epoxy composite specimens yielded the same observations. Still, the
post-mortem comparison of the two composite systems revealed striking
differences in terms of damage behaviour. While markers of extensive
plastic damage are present in Elium specimens, with the formation of
crazes and micro shear bands, epoxy composites fail catastrophically
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without any clear sign of damage accumulation at the microscale.

On the other hand, the nanoindentation response of Elium as a com-
posite matrix does not differ significantly from that of the bulk polymer,
provided the specimens have experienced the same level of physical age-
ing (which was performed under ambient conditions for up to 18 months
in this work). This means that the composite matrix beyond the interphase
region is not intrinsically different from the bulk polymer. However, the
composite matrix shows earlier and stronger signs of ageing (marked by
an increase in hardness and, to a lesser extent, in modulus), especially
in the smallest intra-tow pockets. This could lead the composite matrix
properties to diverge significantly from those of the bulk polymer in the
long term, as observed by several authors in the case of epoxy compos-
ites. A plausible explanation could be that the diffusion of free volume
“holes” outside of the polymer - which is at the origin of physical ageing -
is favoured by the vicinity of fibre-matrix interfaces.

8.2 Recommendations for future work

The main findings of this thesis revolve around processing and microstruc-
tural aspects, whose relationships with the macroscopic mechanical prop-
erties of Elium composites remain to be explored. In particular, the im-
pact of porosity on the mechanical response of the parts has only been
briefly touched upon at the end of Chapter 3, via the macroscopic trans-
verse compression testing of composite specimens containing voids. Fu-
ture work could focus on the macroscale fatigue and fracture behaviour
of thick Elium laminates with and without voids, following again a top-
down approach at first. A technical challenge would arise, however, from
the fact that no standard test method exists for thick composite materials.
After final failure, post-mortem XCT analyses could provide additional in-
sights into the crack propagation path and fracture mechanisms occurring
in thick Elium laminates, as compared to those observed in thinner com-
posite panels. The heterogenous void patterns observed in thick Elium
composites subjected to monomer boiling and the physical ageing of the
matrix are two additonal aspects that would be particularly worth study-
ing, in order to understand their impact on crack propagation path and
fracture mechanisms.

Nanoscale crack propagation experiments could also be performed via
e.g. the nano-DIC method of Chapter 6, both on pure resin and composite
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specimens with or without voids. In particular, the interaction of propagat-
ing matrix cracks with voids (or other types of manufacturing defects like
unbonded interfaces or broken fibres) could be investigated. Similar exper-
iments could be performed on thermosetting composite specimens, which
could shed light on the elementary mechanisms responsible for the dif-
ference in toughness properties observed between thermoplastic and ther-
mosetting composites at the larger scales.

Finally, the origin of the strain localisation events captured by nano-
DIC in the first few hundreds of nanometres away from the fibre-matrix in-
terfaces should be further investigated numerically, for both thermoplastic
and thermosetting systems. Is assuming the existence of an interphase of
finite thickness, having distinct material properties from those of the ma-
trix, enough to fully predict the extent and distribution of the localisation
phenomena observed experimentally? As briefly mentioned in Chapter 6,
gradient plasticity effects, occurring in the polymer at the submicron scale,
could also be responsible (partially or totally) for the peculiar mechanical
response of the composite at the constituent level. In this case, the relative
contribution of mechanical and chemical aspects to the observed defor-
mation behaviour in the vicinity of fibres should be determined. Klavzer
et al. [301] recently refined the 2D finite element model of Chapter 6, by
considering size-dependent plasticity in the matrix material while keep-
ing the hypothesis of a perfect interface between the matrix and fibres.
The correlation between the strain fields obtained from nano-DIC exper-
iments and those predicted by the new model was considerably improved,
though the 300 to 500 nm-wide transition region observed experimentally
between the fibre and matrix strain domains was still not captured. A log-
ical follow-up on this work - beyond adapting the model to the case of a
glass fibre-reinforced Elium composite system - could therefore involve fo-
cusing on the implementation of an interphase region of finite thickness
between the fibre and matrix materials. To this end, the perfect interface
could be replaced by a cohesive surface surrounded by a crown of mate-
rial whose thickness and mechanical properties match those measured by
AFM in Chapter 6. Another option would be to consider the interface and
interphase as a single adhesive layer consisting of cohesive elements.
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9
Annexes

This chapter contains the following annexes to the main manuscript:

• ANNEX 1: Macroscopic characterisation of Elium resins

• ANNEX 2: Application for synchrotron beamtime
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9.1 ANNEX 1: Macroscopic characterisation of Elium resins

This section presents a non-exhaustive summary of the Master’s thesis
entitled Mechanical properties of high performance recyclable thermoplastic based
composites for windmill applications [234], presented in 2020 by Mathieu
Maes. This work focused, among others, on the macroscale mechanical
characterisation of two grades of Elium: 188 XO and 191 OSA. More
precisely, uniaxial compression tests were conducted over four decades of
strain rate and at three different temperatures, and additional tensile tests
were performed for assessing the influence of the hydrostatic pressure on
the mechanical response.

These characterisation results allowed establishing and implementing
the elasto-viscoplastic constitutive behaviour of both Elium polymers in
the FE software Abaqus, setting the basis for the development of the mi-
cromechanical frameworks presented in Chapters 6 and 7. The work of
Mathieu Maes also contributes to a better understanding of the mechani-
cal properties of Elium resins at the macroscale.

9.1.1 Materials and methods
Preparation of test specimens
The resin mix was prepared by combining 1.5 parts peroxide initiator
Perkadox CH-50X (Nouryon,The Netherlands) for a hundred parts
monomer formula (Elium 188 XO or Elium 191 OSA of Arkema, France)
under mechanical stirring. The mixture was degassed for 1 min at 50 mbar,
casted into a borosilicate glass test tube (inner diameter 14 mm) coated
with release agent Chemlease 41-90 (Chem-Trend GmbH, Germany), and
left to polymerise at room temperature. After cooling, the resin samples
were demoulded. Cylindrical compression specimens with height and
diameter both equal to 12 mm were lathed from the samples, as described
by Morelle [102]. For the tensile tests, cylindrical dogbones were machined
according to the sectioning diagram shown in Figure 9.1, taken from [268].

Mechanical testing
Compression and tensile tests were performed on a screw-driven Zwick-
Roell universal testing machine, equipped with a 250 kN loading cell. A
Wyoming Test Fixture subpress was used for compression tests. Axial
displacements values were obtained via a compliance-corrected crosshead
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displacement method. A minimum of 3 specimens were tested for each
set of experimental conditions. Compression tests were carried out at the
following true strain rates: ε̇ = 10−4, 10−3, 10−2 and 10−1 s−1 and at three
different temperatures: T = −10, 23 and 55 °C. The tests at −10 and 55 °C
were performed in an isolated casing. As advised by Morelle [102], Teflon
films were inserted between each specimen and the subpress platens in or-
der to minimise friction. Tensile tests were only performed at T = 23 °C
with a true strain rate equal to 10−4 s−1.

Fig. 9.1 Sectioning diagram of cylindrical tensile test specimens [268].

9.1.2 Results and discussion
Compressive behaviour of Elium 188 XO and Elium 191 OSA
The stress-strain curves obtained from the compression testing of Elium
188 XO and 191 OSA specimens are shown in Figures 9.2a and b, respec-
tively. For the sake of clarity, only one representative curve is presented
for each set of experimental conditions. The mechanical response of both
grades of Elium is typical of glassy polymers, i.e. the following domains
are successively observed as the strain ε increases: elastic regime, yield
transient, strain softening and strain hardening. An increase in the peak
(or upper) yield stress value σy with increasing strain rate ε̇ and decreasing
temperature T is clearly visible for both grades of Elium, as expected from
the literature (see e.g. the work of Richeton [302]). The slope of the stress-
strain curves in the hardening regime increases as T decreases, which is
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also consistent with the literature [302]. The influence of ε̇ on the harden-
ing slope is less obvious, mostly because of the so-called adiabatic heating
effect [302–305] observed for ε̇ ≥ 10−2 s−1 in PMMA [302].

ð
Adiabatic heating affects glassy polymers subjected to high strain
rates, due to the low thermal diffusivity of these materials. This
results in a decrease of the strain hardening rate or the complete
absence of strain hardening, if the polymer reaches its glass tran-
sition temperature Tg [302]. PMMA is particularly affected by
adiabatic heating [302] due to its relatively low Tg compared to
other glassy polymers (e.g. polycarbonate). This phenomenon is
addressed in more details in the full version of the thesis [234]. In
particular, the stress-strain curves impacted by adiabatic heating
are successfully corrected into isothermal curves via thermome-
chanical modelling [303].

Regardless of adiabatic heating, the stress-strain curves corresponding
to ε̇ = 10−1 s−1 exhibit lower fracture strain values εf at a given temper-
ature, compared to those obtained at smaller strain rates. This trend is
more marked as the temperature decreases, especially for Elium 188 XO.
This behaviour is characteristic of the ductile-to-brittle (D-B) transition ex-
perienced by glassy polymers subjected to high strain rates and low tem-
peratures. The D-B transition likely results from intense strain localisation
phenomena occurring at the microscale, which may be favoured, among
others, by a high extent of strain softening [102, 306, 307]. However, it is
difficult to identify clear differences in the softening behaviour of Elium
188 XO and 191 OSA from Figure 9.2 alone.

The evolution of the Young’s modulus E, peak yield stress σy and yield
drop (i.e. difference between peak yield stress and lower yield stress ob-
served in the softening regime) as a function of temperature and strain rate
is detailed in Figure 9.3 for both grades of Elium, and confirms the quali-
tative observations mentioned above. Moreover, Elium 191 OSA appears
marginally stiffer and more resistant than Elium 188 XO: for a given tem-
perature, a consistent difference of 130 MPa (5 %) in E values and of 10 MPa
(8 %) in σy is observed between the two grades of Elium. Larger yield drop
values are also observed for Elium 188 XO, which may explain why this
material experiences a more marked D-B transition at low temperatures
and high strain rates.
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Fig. 9.2 Compression tests results obtained for (a) Elium 188 XO and (b)
Elium 191 OSA.
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Fig. 9.3 Evolution of the mean mechanical properties of Elium 188 XO (left) and
191 OSA (right) as a function of ε̇: (a), (b) Young’s modulus E, (c), (d) peak yield
stress σy and (e), (f) yield drop. Error bars represent standard deviation values.
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The strain rate sensitivity m, which is expressed as

m =
d ln(σ)
d ln(ε̇)

)
σ=σy

(9.1)

can be estimated from the results shown in Figure 9.3c and d. The values
of m, calculated for both grades of Elium at each of the three test temper-
atures, are presented in Table 9.1. While most m values are in the same
order of magnitude (i.e. close to 0.1), Elium 188 XO clearly exhibits overall
higher strain rate sensitivity than 191 OSA. Both polymers experience an
increase in rate sensitivity as the temperature increases, which is consistent
with the literature for PMMA [302, 304].

Figure 9.4 shows the evolution of the fracture strain εf values as a func-
tion of strain rate and temperature. Elium 188 XO specimens seem to be
more ductile at T = 55 °C, with εf values 6 % higher on average than those
of Elium 191 OSA specimens; however, the trend reverses at lower temper-
atures and high strain rates (i.e. for ε̇ ≥ 10−2 s−1) as a consequence of the
D-B transition mentioned above. Note that no values of yield drop (Fig-
ure 9.3e) nor failure strain (Figure 9.4a) are available for Elium 188 XO at
T = −10 °C and ε̇ = 10−1 s−1 due to the premature failure of the specimens
before reaching the hardening regime.

(a) (b)

Fig. 9.4 Evolution of the fracture strain εf of Elium (a) 188 XO and (b) 191
OSA as a function of the true strain rate ε̇. Error bars represent standard
deviation values.
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Table 9.1 Strain-rate sensitivity m of Elium 188 XO and 191 OSA at 3
different temperatures.

T (°C) Elium 188 XO Elium 191 OSA

−10 0.08 0.07
23 0.10 0.08
55 0.17 0.12

A summary of the compressive properties of Elium 188 XO and 191
OSA is presented in Table 9.2 for T = 23 °C and ε̇ = 10−3 s−1, i.e. in condi-
tions where adiabatic heating does not impact their mechanical behaviour.
Results obtained on actual PMMA in similar testing conditions by [308] are
also shown for the sake of comparison. The compressive properties of all
three polymers are in the same order of magnitude, which confirms - once
again - that Elium resins behave similarly to PMMA, see Chapter 2.

Table 9.2 Intrinsic compressive properties of Elium 188 XO, Elium 191
OSA and PMMA [308] obtained at T = 23 °C and ε̇ = 10−3 s−1. No fracture
strain value εf is available for PMMA, as the specimen was unloaded before
failure in [308].

E (GPa) σy (MPa) Yield drop (MPa) εf (-)

Elium 188 XO 2.34 86 26 1.42
Elium 191 OSA 2.43 94 17 1.32
PMMA 2.45 108 26 /

9.1.3 Tensile test results
Tensile peak yield stress σy,t values, which were extracted from the tensile
curves of both grades of Elium, are displayed in Table 9.3 alongside with
the compressive peak yield stress σy,c values obtained in the same experi-
mental conditions.

216 |



ANNEX 1: Macroscopic characterisation of Elium resins | 9.1

Table 9.3 Tensile σy,t and compressive σy,c peak yield stress values mea-
sured at T = 23 °C and ε̇ = 10−4 s−1 for both grades of Elium.

σy,t (MPa) σy,c (MPa)

Elium 188 XO 47 68
Elium 191 OSA 60 78

9.1.4 Identification of Drucker-Prager model parameters
As mentioned in Chapter 6 and briefly in Chapter 7, a Drucker-Prager
hardening law was used for modelling the mechanical behaviour of Elium.
In Abaqus, three input parameters are required for defining a Drucker-
Prager hardening behaviour, namely the friction angle β, the flow stress
ratio K and the dilation angle φ. This section explains how the values of
these parameters were determined for both grades of Elium.

The friction angle β of a material is expressed as

tanβ =
3 − 3r
1 + r

, (9.2)

where r is the uniaxial symmetry ratio, which may be defined as

r =
∣∣∣∣ σy,t

σy,c

∣∣∣∣ . (9.3)

The value of r can be estimated from the results shown in Table 9.3. The
resulting values of β are close to 28° for Elium 188 XO, and to 21° for Elium
191 OSA.

The values of K and φ are respectively assumed to be equal to 1 and 0
for both grades of Elium, which is a common simplifying assumption used
e.g. by Morelle [102] and Chevalier [268]. If the value of K is set to 1, the
yield surface in the deviatoric principal plane becomes the von Mises yield
surface. Likewise, setting the value of φ to 0 means that we assume plastic
incompressibility [102, 268]).
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9.2 ANNEX 2: Application for synchrotron beamtime

Below is a copy of the application form sent to the Swiss Light Source syn-
chrotron facility in September 2022 for requesting beamtime at the TOM-
CAT X-ray source. The following persons were listed as co-proposers: Prof
Y. Swolfs, Dr J. Soete and Mr J. Vanhulst from the Department of Materi-
als Engineering at KU Leuven, Belgium, as well as Prof T. Pardoen, Dr F.
Hannard and Ms S. Gayot (main proposer/principal investigator) from the
Institute of Mechanics, Materials and Civil Engineering at UCLouvain.

9.2.1 Goal of the experiment
An innovative time-resolved X-ray computed tomography (4D-XCT)
method was developed for the in-situ dynamic monitoring of void
evolution during the curing of fibre-reinforced polymer composites (FR-
PCs) produced by vacuum infusion [6]. The method aims to identify the
origin(s) of voids, which are the most studied manufacturing defects in FR-
PCs. We will achieve this through real-time observation and subsequent
quantification of void nucleation, growth, transport, and coalescence
mechanisms occurring in the polymer matrix during processing. Void size
ranges from a few µm (microvoids) to a few mm (macrovoids) and their
evolution in a viscous liquid occurs in a matter of seconds [193]. Lab-based
XCT cannot fulfill the corresponding requirements in terms of spatial and
temporal resolution due to, amongst others, insufficient beam brightness.
We would, therefore, like to request beamtime at TOMCAT to image the
central part of specimens of approximate dimensions 30 × 30 × 5 mm3

during curing.

9.2.2 Background
FRPCs offer a unique combination of high strength, high stiffness and
low density, making them ideal candidates for producing lightweight and
high-performance structures. However, FRPCs produced by liquid mould-
ing contain voids, which can have detrimental and unpredictable effects on
the physical and thermomechanical properties of the component. There are
still many uncertainties about void formation mechanisms as well as dif-
ficulties in their suppression in modern manufacturing techniques [127].
This has slowed down the adoption of FRPCs for structural applications
and emphasises the importance of the proposed research.
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Voids may have various origins: incomplete degassing of the resin, air
entrapment during preform filling, volatilisation of resin components, or
matrix shrinkage. Mitigation methods can only be applied if the involved
mechanism(s) of void nucleation, growth and transport are known. Post-
mortem non-destructive analysis of porosity in FRPCs by, e.g., lab-based
XCT or ultrasonic inspection makes it possible to characterise void pat-
terns in the final parts, but they do not allow reconstructing the timeline
of events and hence cannot identify the root causes of porosity nucleation.
Some authors have relied on 4D-XCT synchrotron-based methods to in-
vestigate void formation during liquid moulding composite processing.
However, these studies provided no insight into the void formation mech-
anisms involved in real-scale processes, as (1) dynamic scanning was only
performed during the impregnation step, and (2) the setup consisted of a
single fibre tow [184, 186, 189]. To fill this gap in the literature, we devel-
oped a new 4D-XCT stage allowing in-situ dynamic monitoring of void
formation during the curing of FRPCs produced by vacuum infusion [6].
The principle of the experimental infusion setup, presented in Figure 9.5,
was inspired by the pioneering work of Hemmer [191].

vacuum bag

breather

heating
plate

x

z
resin

vacuum

sealant

bleeder

preform

(a)

X-ray beam

(b)
2 cm

Fig. 9.5 Infusion setup used for the preliminary in-situ experiments: (a)
simplified side-view of the mould with vacuum bag and (b) full rig within
the XCT scanner.
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Preliminary dynamic experiments were performed in a lab-based TES-
CAN UniTOM XL tomograph, using a 2 cm-thick glass fibre preform in-
fused with a methacrylic monomer (Elium of Arkema, France). This ther-
moplastic resin system allows producing FRPCs by vacuum infusion fol-
lowed by in-situ polymerisation. Using our new 4D-XCT stage, the forma-
tion of macrovoids could be successfully observed in Elium composites,
see Figure 9.6. Void growth almost exclusively occurred at the end of the
curing phase (i.e. within 20 min after infusion), and was observed in be-
tween fibre bundles. However, the shortest scan time achievable in the
lab with this in-situ stage (≈ 2 min 15 per volume) did not make it pos-
sible to grasp nor decouple the void nucleation and growth mechanisms
involved. Besides, the spatial resolution was not sufficient to capture mi-
crovoids within the bundles.

6 mm

x

z

y

6 mm

Void volume fraction ~ 0.2% 

End of infusion

Void volume fraction ~ 1.5% 

End of polymerization

x

z

y

Fig. 9.6 Void patterns captured with the TESCAN UniTOM XL in Elium.

Repeating these experiments at TOMCAT, while benefiting from the
knowledge acquired in a laboratory setting, should allow overcoming
these temporal and spatial resolution limitations. The in-house expertise at
the KU Leuven XCT Core Facility regarding 4D-XCT and image processing
(image registration, digital volume correlation, etc.) guarantees scientific
results and publications. Note that we are in the process of modifying our
infusion rig to best suit the TOMCAT setting, see Figure 9.7. In particular,
any unnecessary elements (e.g. tubing, metal plate) will be removed from
the field of view of the scanner.
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Fig. 9.7 Proposed design for the new infusion setup, better suited for
synchrotron experiments. Rotation axis along the vertical direction.

9.2.3 Experimental method and specific requirements
We would like to perform a series of 5 in-situ infusion and curing experi-
ments, to assess the influence of the following parameters on void forma-
tion: heating parameters (applied to the specimen to trigger polymerisa-
tion), resin formulation (via the chemical nature and amount of peroxide
initiator) and preform geometry, (via the glass fabric architecture and pre-
form thickness).

The GigaFRoST high-speed detector and white beam will be used to
scan the full volume of interest every few seconds. Appropriate beam fil-
tering will allow minimising the heat load on the specimen, so as to avoid
any unwanted bubble formation events. If the voids after a full cure while
being exposed to a filtered white beam are different from those without
exposure, we will switch to monochromatic beam and consider compro-
mises on the time resolution. Each of the 5 planned experiments will be
performed twice, with different microscopes: microscope 2 for characteris-
ing macrovoids with the largest possible field of view, and then microscope
5 (×4) for zooming in on one fibre bundle and capturing microvoid forma-
tion. The switch between microscopes 2 and 5 would only be made once,
i.e., halfway through the requested beamtime.
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Prior to our visit to SLS, we will prepare 10 identical infusion moulds
with the preforms already laid up and sealed as shown in Figure 9.7.
Each mould can be quickly plugged into the rig and connected to the
vacuum/resin tubes, in order to optimise experiment turnover and thus
maximise the efficiency of our beamtime.

4D-XCT experiment
Each scanning session will take around 2h35 and will be performed as fol-
lows:

• Mounting of the mould onto the rotation table inside the hutch, con-
nection to electric line via slipring (for allowing heating of the mould),
connection to vacuum pump and last seal check (≈ 1 h 15).

• Start of vacuum pumping, in parallel with resin mix preparation (≈ 15
min).

• Resin infusion into preform, and clamping of resin and vacuum tubes
(≈ 5 min)

• Immediately after: initiation of specimen heating (if applicable), fol-
lowed by dynamic scanning in time-lapse mode for ≈ 30 min, depend-
ing on experimental parameters. Scanning will cover the in-situ poly-
merisation phase and onset of cooling. A thermocouple will be used for
the real-time monitoring of specimen temperature: a sharp exotherm
marks the end of in-situ polymerisation.

• Dismantling of used mould (≈ 30 min).

Note that 6 calibration experiments are planned before conducting the
in-situ experiments of interest. The first 2 will focus on optimising beam
filtering parameters to minimise self-heating of the specimen, which will
be monitored via the thermocouple. Then, as it is not possible to decouple
void nucleation and growth with lab-based XCT (cf. section 9.2.2), 2 cal-
ibration experiments for both resolutions will help optimise the scanning
parameters and sequence (within the 30-min curing/cooling window), en-
suring that void nucleation events are captured.

Specific requirements
• Possibility to use liquid resin inside the hutch. Note that, as an extra

precaution, a thin, X-ray transparent protective case will surround the
infusion rig and a catchment basin will be placed below the sample to
avoid resin spilling.
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• Access to a chemistry lab with the following equipment: fridge (for
peroxide storage), scale and fume hood (for resin mix preparation).

9.2.4 Results expected
The combination of high imaging speed and spatial resolution of TOM-
CAT will enable new capabilities not possible in lab-based XCT by pro-
viding (1) resolved intra- and interbundle voids (micro- to macroscale)
and (2) insights into nucleation AND growth mechanisms of these voids.
This should lead to a better understanding of the sources of porosity in
FRPCs produced by liquid moulding and their sensitivity to certain sam-
ple and/or process parameters. Ultimately, the experiments performed
at TOMCAT should enable the design of tailored mitigation methods for
composite manufacturers.

9.2.5 Estimate and justification of the beamtime
We estimate that we require 48 hours to conduct our experiments, i.e., 6
shifts of 8 hours. The first 4 hours will be used for tuning the beamline
and installing the first rig and mould. The remainder of the beamtime will
be dedicated to the 16 in-situ polymerisation experiments (6 calibration
experiments + 5 experiments at both resolutions) mentioned above, with
a microscope switch after the first 5 experiments. Each experiment should
take a maximum of 2 h 35 min (see section 9.2.3), which corresponds to a
total time just under 48 hours.
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