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Abstract 

 

Polyesteramide (PEA) segmented copolymers represents an 
interesting class of thermoplastic elastomers (TPEs), containing of two 
different segments termed as hard segment (HS) and soft segment (SS). 
Chemically, SSs are polyether units having low !", which provides 
flexibility to the polymer chain, whereas HSs are short amide units, 
which can self-associate via hydrogen bonding and form a physical 
crosslinked network. The thermodynamic incompatibility between the 
SS and HS results in a two-phase morphology and sets the interesting 
properties of these copolymers. For example, they show the physical 
property of rubbers at room temperature, such as softness, flexibility 
and resilience, while at high temperature, the HS domains melt, making 
the segmented copolymers processable like thermoplastics. Thus, this 
temperature dependence of the HS domains allows the transition from 
a processable melt to a solid, rubber-like object, and vice versa. This 
last one can be tuned by playing with the chemical chain composition, 
type of the HSs (monodisperse or polydisperse) and the extent of phase 
separation, which strongly affects the copolymer properties and make 
them suitable for different applications in automotive, electric and 
consumer product industries. 

This thesis aims to synthesize well-defined amide-based PEAs 
of equal molar mass, but containing different HS concentrations (0, 5, 
10, 15 and 20wt%) and to study their properties in order to understand 
in depth the role of HS density on morphology, thermal and viscoelastic 
properties. Parallel to this, it also aims to study the effect of polymer 
chain architecture, by synthesizing and studying PEAs with same HS 
density but with a dumbbell architecture. The structure-property 
relationship is established based on various experimental techniques 
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like small-angle and wide-angle X ray scattering, DSC, FTIR, FSC and 
shear rheology. The results show that the final properties of the samples 
like high-temperature stability, temperature independent plateau 
modulus, or improved low-temperature flexibility are strongly 
dependent on their microstructure, which is largely influenced by the 
chemical composition, HS density, SS entanglements, thermal history, 
cooling conditions (fast or slow) and external parameters like time and 
temperature. Hence, the systematic study offers many possibilities for 
engineering these materials to meet the required behavior. 
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 Introduction to Thermoplastic 
Elastomers (TPEs) 

 
Abstract 
 This introductory chapter briefly produces an overview of 

segmented copolymers or TPEs, mainly focusing on their different 

classes based on the chemical composition. These segmented 

copolymers show phase separated domains due to thermodynamic 

incompatibility of the different blocks, providing material thermoplastic 

and elastomeric properties. Furthermore, if the hard segments can 

crystallize or associate via supramolecular interactions such as 

hydrogen bonding, hard segment domains with different morphologies 

can be obtained, depending on these interactions as well as on the 

sample composition. Thus, depending on the different types of soft 

segments and hard segments present in the segmented copolymer, 

various morphologies can be obtained, as discussed in this chapter. 

Due to tunable properties, TPEs have a wide range of applications. 

Global market growth also shows a significant increase in consumption 

in the future. 
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1.1 Introduction to block copolymers  

Block copolymers are a particular class of copolymers, in which 
different monomers units are grouped into blocks by covalent bond 
along the polymer chain.1 Block copolymers containing two distinct 
monomers A and B can have various architectures, which can be 
controlled by the synthesis techniques. For example, it is possible to 
prepare linear diblock (AB), triblock (ABA), multiblock or segmented 
copolymers (AB)n as well as star multi-blocks (AB)nX copolymers. 
When a third monomer is added, linear block copolymers ABC, ACB 
and BAC can also be prepared.2-5 Figure 1.1 shows some examples of 
synthesized architectures of block copolymers as represented by 
Hamley.1  

 

 

Figure 1.1: Block copolymers architecture.1 

 
Generally, the method of choice for the synthesis of diblock and 

triblock copolymers is living polymerization or anionically reactive 
polymers, which ensures a narrow molecular weight distribution. The 
synthesis strategy used for the preparation of multiblock copolymers 
involves the synthesis of the individual A and B chains with functional 
groups such as hydroxyls and carboxyl’s at both ends. The 
functionalized chains are subsequently subjected to step-growth 
polymerization for the preparation of the multiblock copolymer.1 
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Two competing effects govern the thermodynamics of block 
copolymer melts. At high temperature, the chains are homogeneously 
mixed, as in any polymer melt. On cooling or decreasing temperature, 
the tendency for the blocks to segregate is enhanced as the enthalpic 
process of demixing is favored, which is accompanied by a reduction 
in entropy as the chain configuration becomes more constrained. This 
tendency of blocks to segregate on lowering the temperature leads to a 
process called microphase separation.1,2 The phase behavior of block 
copolymers has been studied over decades and is relatively well 
understood.6-9 This process of segregation of chains is driven by an 
unfavorable mixing enthalpy and a small mixing entropy, while the 
covalent bonds connecting the blocks preventing macroscopic phase 
separation.10,12 The extent of microphase separation depends on the 
total degree of polymerization N, the Flory-Huggins parameter χ and 
the volume fraction of the constituent blocks ƒ (ƒA and ƒB, ƒA = 1 - ƒB). 
The Flory-Huggins parameter χ is inversely proportional to 
temperature, which reflects the interaction energy between different 
segments. On the other hand, the configurational entropy contributes to 
the Gibbs energy and is proportional to the degree of polymerization N. 
Therefore the segregation product χN determines the degree of 
microphase separation and when the product χN exceeds a critical value 
(χN)ODT (ODT = order-disorder transition), the block copolymers 
microphase separates into a periodically ordered structure, with typical 
length scale of ~ 5 – 500 nm.1,2,10,11 The structure thus formed depends 
on the copolymer architecture and composition. Depending on the value 
of χN, three different regimes for the segregation can be observed: The 
weak limit (WSL) with χN ≤ 10; the intermediate region (ISR) with 10 
< χN ≤ 50 and the strong segregation limits (SSL) for χN → ∞. In the 
bulk, the majority block is segregated from the minority block forming 
regularly shaped and well-organized nanodomains. The shape of the 
segregated domains in a block is governed by the volume fraction of 
the minority block, ƒ, and its incompatibility. At a volume fraction of ≈ 
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20%, the minority block forms a body-centered cubic spherical phase 
in the matrix of the majority block. It changes to the hexagonally packed 
cylinder at a volume fraction of ≈ 30%. Alternating lamellae are formed 
at approximately equal volume fraction for the two blocks. At a volume 
fraction of ≈ 38%, the minority block forms gyroid or perforated 
morphology at moderate and high incompatibility, respectively.10-13 
Figure 1.2 shows the equilibrium morphologies and phase diagram in 
the case of asymmetric diblock copolymers.1 It is possible to predict the 
structure of a copolymer due to advances in the theory of block 
copolymer melt, in all regimes for a given χ, N, ƒ and segment length, 
a. The self-consistent field theory provides a unified mean-field picture, 
with simpler limiting theories for weak and strong segregation regimes.   
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Figure 1.2: Phase diagram along with equilibrated morphologies, 
calculated using self-consistent mean field theory (SCF) for a 
symmetric diblock copolymer. The region of stability for disordered 
(dis), lamellar (lam), gyroid (gyr), hexagonal (hex) and body-centered 
cubic (bcc) phase are indicated.14,15 

 
While the equilibrated morphologies of block copolymer melts 

are well defined, their structure can deviate from the equilibrated one if 
they are trapped upon vitrification. The mechanisms underlying the 
glass transition are like those of the constituent homopolymers.1,13 In a 
system with one or both components of a block copolymer can 
crystallize, a profound structural dynamic change can take place. The 
fundamental process in crystallization is the change in conformation of 
the block, i.e. the adoption of an extended or a folded structure rather 
than a coiled configuration found in the melt or solution.1,12,13 
Crystallization taking place from the melt state often leads to a lamellar 
structure, with an arrangement/order depending on the cooling 
conditions from the melt. On the other hand, crystallization from semi-
dilute and concentrated solutions can lead to the formation of a liquid 
crystalline phase such as the cubic phase of spherical micelles, a 
hexagonal phase of rod-like micelles or a lamellar phase.  In addition to 
the formation of extended or folded chains, crystallization may also lead 
to gross orientation changes of chains. For example, chain folding with 
stems parallel to the lamellar interface has been observed for block 
copolymers containing poly(ethylene), while tilted structures are 
formed by the other crystalline block copolymers. The kinetics of 
crystallization has been studied in detail and appears to be largely like 
the crystallization dynamics of homopolymers.13 

There is no comprehensive theory for crystallization in block 
copolymers that can account for the configuration of the polymer chain, 
i.e. the extent of chain folding, whether tilted or oriented parallel or 
perpendicular to the lamellar interface. The self-consistent field theory 
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that has been applied in a restricted model seems to be the most 
promising approach.1,2 

The characterization techniques like Small-Angle X-ray 
Scattering (SAXS), Small-Angle Neutron Scattering (SANS), 
rheology, Transmission Electron Microscopy (TEM) and Atomic Force 
Microscopy (AFM) are widely used to study the microphase separation 
and morphologies of block copolymers.5,10,11  

To summarize, the nano and microphase separation in block 
copolymers are highly governed by the chain composition, architecture, 
fluctuation effects and cooling procedure. While it is well understood 
in case of diblock copolymers, the phase separation morphology 
becomes more complex for triblock and multiblock copolymers like 
thermoplastic elastomers, where crystallization of HS results into a 
complex morphology.  

1.2 Thermoplastic Elastomers  

Thermoplastic elastomers (TPEs) represent an interesting class of 
materials, which combine both thermoplastic and elastomeric 
properties.16 They can be classified into different categories based on 
the polymer chain composition and different types of monomers used. 
TPEs are roughly classified into three main groups: the largest group 
consisting of an ABA triblock copolymer, like polystyrene-
polybutadiene (SBS) block copolymers. In these materials, the 
crosslinking takes place due to the formation of glassy domains of 
polystyrene, that are embedded in the rubbery polybutadiene phase.12 
The second group consists of thermoplastic polyolefins (TPOs), 
blended with an elastomer, for example, a blend of polypropylene and 
EPDM rubber. The third group composed of multiblock copolymers, 
which usually consist of short glassy or crystalline hard segment (HS) 
and long amorphous soft segment (SS).17,18 The typical arrangement of 
HS and SS in the polymer chain is shown in Figure 1.3.  
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Figure 1.3: Schematic representation of segmented copolymer. 

 
 

In last few decades, these types of elastomers have developed a 
lot. In 1937,19 a breakthrough occurred with the discovery of 
diisocyanate polyaddition reaction, which was applied to produce 
polyurethane fibers and elastomeric polyurethane by I. G. Farben. The 
development of polyurethanes continued until the late 1960s, including 
the commercialization of polyurethane TPEs, which was introduced by 
B.F. Goodrich, Mobay and Upjohn in USA, and by Bayer A.G. and 
Elastogran in Europe.22 Further research at DuPont eventually led to the 
invention of elastic linear copolyesters, prepared by melt-
copolymerized polymers via melt-ester exchange method.20,21 Styrene-
diene block copolymers were first developed by Shell using anionic 
block copolymerization of styrene with butadiene (S-B-S) and styrene 
with isoprene (S-I-S), which became available in 1966 followed by a 
wide range of TPEs in the 1970s.23  

Thus, segmented copolymers are the (A-B)n type alternating 
each other, in which A and B segments are short and numerous. These 
A and B segments of different physical characteristics are covalently 
linked and termed as hard segment (HS) and soft segment (SS). 
Thermoplastic and elastic behavior of these polymers can be explained 
by their multiphase structure, which is a consequence of the chemical 
nature and incompatibility between the hard (rigid) and soft (flexible) 
segments. The sequential arrangement and nature of the segments play 
thus an important role in determining the copolymer properties. Most 
segmented copolymers exhibit a two-phase structure, at service 
temperatures. The SS component is rubbery while the HS is a glassy or 
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semicrystalline nature. TPEs consist of materials with 
both thermoplastic and elastomeric properties: They show the physical 
property of conventional rubbers at room temperature, such as softness, 
flexibility and resilience, whereas, in contrast to convention rubbers, 
they can be processed as thermoplastics.22 Indeed, at high temperature, 
the HS domains, which play the role of physical cross-links, melts and 
the segmented copolymers can flow. Thus, the temperature dependence 
of the HS domains allows the transition from a processible melt to a 
solid, rubber-like object, and vice versa. This transition is rapid and 
reversible. This allows processing thermoplastic elastomers using 
conventional plastics techniques, such as injection molding or 
extrusion. On the contrary, thermoset elastomers involve the 
vulcanization process, which is a chemical process causing the natural 
rubber or related polymer to form networks by chemical, permanent 
cross-links. This process is slow and irreversible.  

1.3 Associating and supramolecular interaction in 

segmented TPE’s 

Supramolecular chemistry refers to the domain beyond that of 
molecules and focuses on the chemical systems made up of a discrete 
number of assembled molecular subunits. Supramolecular chemistry 
examines the weaker and reversible non-covalent interactions between 
molecules. These interactions include hydrogen-bonding, metal-
coordination, hydrophobic forces, van der Waals forces, ( − 	( 
interactions and electrostatic effects.25,26 As stated earlier, most of TPEs 
are known to show associating interactions, as HSs include highly polar 
groups, which forms physical crosslinks and results into microphase 
separated morphologies. Therefore, amide containing segmented 
copolymer systems represent an interesting class of thermoplastic 
elastomers, in which HS can associate via supramolecular interactions 
such as hydrogen bonding. Usually, the SSs are composed of low !" 
oligomeric sequence like poly(ethylene glycol) (PEG), poly(propylene 
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glycol) (PPG), poly(dimethyl siloxane) (PDMS), poly(tetramethylene 
oxide) (PTMO), or polyester.27-29 These SS provides flexibility to the 
chain, while their incompatibility with the HS promotes microphase 
separation. Figure 1.4a lists few of these SSs with molecular weight of 
about 2000 g.mol-1 along with their structures, !" and !+ values.26  

 

 
Figure 1.4a: Chemical structure of the SSs used in the synthesis of 

TPEAs. 
 
On the other hand, HSs capable of associating into nano-

domains acting as physical crosslinks are generally urethanes,30,31 
urea,32,33 imides,34,35 amides36 and esters or a combination of two or 
more of these functionalities.37 However, in addition to the nature of 
these HS, other parameters such as their aromaticity, symmetry, number 
of hydrogen bonding groups, molecular weight and number of repeating 
units play an important role in determining the physical properties of a 
copolymer.38,39 Thus, the interplay of all these factors provides 
possibility of tuning the physical properties of many different 
segmented copolymers. To promote as the association of hydrogen 
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bonding groups, several studies have shown that the amide group leads 
to one of the strongest intermolecular interactions. Based on group 
contribution method calculations, it was shown that the cohesive energy 
density of hydrogen bonding for urea, amide, urethane and imide are 
2079, 1862, 1385 and 980 J/cm3 respectively, while the hydrogen 
bonding energy of the amide groups is equal to 32.5 KJ.mol-1.40 

Therefore, the type of interactions can be elaborated considering 
(AB)n type segmented copolymer where ‘A’ is a thermoplastic 
crystalline HS and ‘B’ is an elastomeric/soft phase at service 
temperatures. Polystyrene-polybutadiene-polystyrene (SBS) triblock 
polymers marketed under the trademark “Kraton®”, shows 
thermodynamic incompatibility between the polystyrene HS and 
polybutadiene SS, which results in the formation of separate 
polystyrene phase. The physical entrapment of the polystyrene chain 
ends in these glassy domains immobilizes the polybutadiene segments 
and in fact, crosslinks the elastomer. At temperature above the !" of 
polystyrene, the glassy phase softens and flows, converting the material 
to a viscous liquid which can be readily processed. However, at ambient 
temperature, these polystyrene domains are hard and act as physical 
cross-links, tying the elastomer chains together in a three-dimensional 
network and the polymer again behaves like a covalently cured 
elastomer. The other example is of polyetheresters TPE 
commercialized by Dupont derived from terephthalic acid, 
tetramethylene glycol and polytetramethylene oxide (PTMO) under the 
trade name Hytrel®.24  

On the other hand, TPUs (a subcategory of TPEs) marketed for 
the first time under the trade name Estane®, Texin® and Pellethane® 
by Goodrich, Mobay and Upjohn respectively, shows microphase 
separation strongly dependent on the hydrogen bond formation between 
the urethane linkages. These segmented copolymers consist of either 
polyester or polyether SS alternating with urethane HS, because of the 
basic thermodynamic incompatibility of the segments, localized 
microphase separation occurs, leading to the well-organized domain 
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structure.24 The amide, urea, urethane and imide functionality possesses 
strong hydrogen bonding characteristics that are well-suited for the 
formation of strong physical crosslinks necessary for enhanced physical 
properties of segmented copolymers. Therefore, the final properties of 
the material are strongly influenced by the extent of the microphase 
separation and morphological characteristics of the HS domains. 
PEBAX® first commercialized by Arkema is another example, these 
TPEs contain polyamide HS and polyether SS interconnected by ester 
linkage.41 These copolymers exhibit a complex morphology induced by 
microphase separation and a high degree of HS crystallization. Figure 
1.4b shows a different type of HS, which exhibit hydrogen bonding in 
TPEs.   

Moreover, ionic bonding also results in the formation of a 
network structure. This was well illustrated with butadiene-methacrylic 
acid copolymers containing small quantities of ionic salt which bound 
together forming clusters, involving the carboxylate anion attached to 
the elastomeric backbone and cations dispersed throughout the bulk 
polymers.  

 

 
Figure 1.4b: Inter-chain hydrogen bonding observed in urethane, urea 

and amide HS based TPEs. 
 
It is clear from the above examples that the intermolecular 

interaction plays an important role in increasing the extent of phase 



Introduction to Thermoplastic Elastomers 
 

 
 

22 

separation and obtaining the better mechanical properties of TPEs. 
However, the overall mechanical properties of the material not only 
depend on the intermolecular interaction but also depends upon the 
relative volume fractions of soft and hard phases, and on the intrinsic 
properties of each of the phases. Which in turn depend on details of 
molecular packing of the constituents within the phases, including the 
density of hydrogen bonds.   

 
 

1.4 Morphology of segmented TPE’s 

As mentioned in section 1.1, the morphology of segmented multi-
block or di-block copolymer is determined by the phase separation 
between the HS and SS, and the possible crystallization of the HSs. As 
in all semicrystalline solid polymers, the polymer properties do not 
depend directly on the molecular structure but also on the 
supramolecular structure or so-called morphology, which in turn 
depends on both, the molecular structure of the polymer and on the 
sample history. The inherent incompatibility of the two copolymer 
segments with physical crosslinking inter-molecular interactions results 
in the formation of a microphase-separated morphology. Factors 
necessary to generate a microphase separation include the overall 
degree of polymerization (N), volume fraction of the segments (ƒ), and 
Flory-Huggins interaction parameter (χ). Microphase-separated 
morphologies consist of amorphous, semi-crystalline, or a combination 
of both HS microdomains dispersed throughout the soft polymer 
matrix. Since the commercialization of TPEs, a large research 
development took place, in order to understand the influence of the 
chain structure and crystallization on the morphology of segmented 
TPEs.  

 
Crystallizable TPEs without hydrogen bonding - Cella, Seymour and 
Wegner proposed several morphological models, based on the behavior 
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of copolyester TPE systems. Based on the experimental results, Cella42 
concluded that these materials possess a two-phase morphology 
consisting of continuous and interpenetrating crystalline and 
amorphous regions. It is the incorporation of the HS into crystallites 
that are responsible for the development of properties like those of 
conventionally cured elastomers. The crystalline phase consists of thin 
lamellae interconnected by short length tie molecules like one found in 
semicrystalline homopolymers. The high melting temperatures of these 
crystallites make the polymer suitable for even high-temperature 
applications which can be withstand by thermoplastic elastomers 
having hydrogen bonding mechanisms of intermolecular association. 
However, Seymour et al.43 considered a model more analogous to 
common semicrystalline thermoplastics than to a block-copolymer 
system which undergoes microphase separation. With the use of small 
angle light scattering and polarized light microscopy, the authors 
concluded that the copolyesters crystallize in a spherulitic 
superstructure with chain folding. According to this model, the soft 
phase is embedded between radial crystalline fibrils of spherulites 
consisting of the HS. The amorphous phase is a mixture of the SS and 
non-crystalline HS showing a single glass transition region. 

Later, Wegner44,45 studied the segmented copoly(ether ester)s 
based on PBT (HS) and PTMO (SS) and concluded that these material 
crystallize to form supramolecular structures similar to that of observed 
for homopolymers e.g. such as spherulites or networks built up of 
individual lamellae. Such spherulitic superstructure was also found in 
segmented thermoplastic urethane systems. According to the author, the 
type of structure formed is highly dependent on the crystallization 
process rather than the chain structure. The most important parameter 
was found to be the supercooling (,! = !+ − !.), and how the 
crystallization was carried out, isothermally or under rapid quenching, 
shear-flow or by annealing from the glassy state. The only 
morphological feature which seems to have some relation to the 
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molecular architecture of the chains was the thickness of the crystalline 
core of the lamellae.  
Crystallizable TPEs with hydrogen bonding - In hydrogen bonding 
segmented copolymers like PEBAX®, which is poly(ether-block-
amide) (PEBA) copolymer consist of linear chains of hard polyamide 
covalently linked to soft polyether segment. Microphase separation 
occurs through HS crystallization into crystalline regions. The long 
ribbon-like polyamide crystalline regions provide copolymer 
mechanical strength upon mechanical deformation. Atomic force 
microscopy (AFM) and small angle X-ray scattering (SAXS) analysis 
have revealed the formation of nanofibrils oriented in the direction of 
an applied strain, which acts as the load bearing nanostructures that 
dominates the mechanical properties.46  

Finally, the phase separation, morphology and properties of the 
non-hydrogen bonded segmented copolymers depends on the polymer 
chain composition, nature of HS and SS, SS molecular weight (SS 
molecular weight decreases, the phase mixing increases) and 
processing conditions. In addition to the above-mentioned factors, for 
hydrogen bonded segmented copolymers, the ability, strength and 
number of hydrogen bonding groups play an important role in 
determining the thermal and mechanical properties. The extent of 
crystallinity that the hydrogen bonding HS possesses also significantly 
affects the thermo-mechanical properties, therefore hydrogen bonded 
TPEs are highly tunable materials. This scenario can be further 
explained with an example based on the nature of HS i.e. uniform and 
non-uniform.     

Harrell in 1969,47 was the first to investigate the behavior of 
uniform (monodispersed) and non-uniform (polydispersed) HS in non-
hydrogen bonding polyurethanes, followed by Ng et al.48 and 
Eisenbach.49 It was concluded that the HSs of uniform length crystallize 
faster and better than non-uniform length. Harrell observed that 
polymers with uniform urethane segments break at a higher strain than 
polymers with non-uniform urethane segments. Miller et al.50 compared 
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segmented copolymers with a narrow length distribution of the HS and 
SS showing high break strain as compared to polymers with broad 
segment length distributions. In the past, article by Gaymans et al.51 
showed that the segmented copolymers with short A-segments (HS) 
may crystallize in their extended form. If the segments are 
monodispersed (MD) in length, they stack neatly and form crystals of 
uniform thickness, without a partial crystalline interphase layer that is 
present in copolymers with polydisperse A-segments (Figure 1.5). 
Copolymers with these monodisperse segments have well-defined 
crystallite structures in which the crystallites are dispersed in a matrix 
phase of the B-segments. In such well-defined copolymer systems, 
structure-property relationships can be more easily studied. Also, these 
semi-crystalline materials present a very interesting combination of 
physical and engineering properties (see chapter 2, section 2.4). 
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Figure 1.5: Phase-separated morphology in segmented copolymers; a) 
with polydisperse HS; b) with monodisperse HS. 

 
Some studies were performed to understand the influence of the 

polydispersity of the SSs on the overall properties of thermoplastic 
elastomeric polyurethanes. Harrell and Copper52 evaluated this effect 
by synthesizing segmented copoly(ether urethane)s with PTMO (SS) 
pre-polymer of low polydispersity (PDI = 1.1) and high polydispersity 
(PDI = 1.7). A slight increase in the property like strength and strain at 
break was observed upon lowering the polydispersity of the soft 
segments. 

1.5 Application of TPE’s 

Depending on the chemical nature of the polymer chain, the type 
of intermolecular interaction, and the extent of phase separation, the 
segmented copolymers are used in the various industrial area, such as 
automotive and consumer products. Furthermore, the market research 
report from Grand View Research shows expected an increase in 
consumption of TPEs globally in coming years.53 Increasing 
consumption across various applications such as footwear, consumer 
goods, electronics, and construction has been instrumental in the global 
market growth over the last few years.21 Increasing demand in 
automotive component manufacturing is expected to be a major factor 
driving the global industry growth over the time period. Regulatory 

a) b) 
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intervention by environmental agencies aimed at carbon emission 
reduction through an increase in fuel efficiency has forced major 
automotive original equipment manufacturers (OEMs) to incorporate 
plastics as a substitute to metals and alloys. Increasing consumer 
preference for high performance and lightweight passenger cars has 
been driving plastics innovation in automotive manufacturing. Figure 
1.6 shows the thermoplastic elastomers market volume by product (Kilo 
Tons) in Europe. 

 

 
Figure 1.6: Europe thermoplastic elastomers market volume by 

product, 2012 - 2022 (Kilo Tons).53 

 
Thermoplastic elastomers exhibit superior physical and 

chemical properties compared to thermoset plastics, thus gaining 
preference in terms of application. High substitution rate of TPU & 
TPO as an alternative to ethylene propylene diene monomer (EPDM) 
in construction materials is expected to complement global industry 
demand over time. Table 1 shows the properties and applications of 
TPEs based on chemical composition. 
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Table 1: Properties and applications of TPEs based on the chemical 

composition.54 
Type of TPEs Properties Applications 

Thermoplastic 
Styrene based 

Wide hardness range and 
good heat and weathering 

resistance 

Toys, dustcovers, mats, 
interior and exterior parts of 

cars, seals, grips for tools 

Thermoplastic 
Olefins 

Good heat resistance, 
excellent ozone resistance 

and some oil resistance 

Different components in 
cars, electrical products, 

hoses, 
seals 

Thermoplastic 
Polyurethane 

Excellent wear resistance, 
load-bearing capacity and 

good oil resistance 
Shoe soles, wheels, hoses 

Thermoplastic 
Polyesters 

High tear strength, 
abrasion resistance, low 

compression set and 
resistance to hot oils 

Components in cars, hoses, 
tubes, wheels, bellows 

Thermoplastic 
polyamides 

Good mechanical strength, 
low-temperature flexibility 
and resistance to oxidation 

Components in cars, hoses, 
tubes, wheels, bellows 

 

1.6 Objectives of this work 

This introductory chapter gives a brief overview of different types 
of segmented copolymers i.e. TPEs, their possible morphologies and 
their main properties. As it has been described, the thermodynamic 
incompatibility between the SS and HS results in a two-phase 
morphology and sets the interesting properties of these copolymers. 
These properties depend on the extent of phase separation, which is 
highly influenced by the polymer chain composition, and the type and 
amount of HS (hydrogen bonded or non-hydrogen bonded, 
monodisperse or polydisperse) which form the supramolecular 
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structures by phase separation, crystallization or molecular association. 
Furthermore, the morphology of TPEs is becoming complex and highly 
tunable when the HSs are capable of forming hydrogen bonding. Their 
complexity and tunability depend on the number of hydrogen bonding 
group in an HS unit, on the strength of the hydrogen bonds and on the 
length of HS units. Moreover, it is very evident that the dispersity of 
HS plays an important role in the mechanical and thermal properties of 
TPEs. 

Therefore, the aim of this thesis is to synthesize well-defined 
TPEs with supramolecular, amide-based HSs. In particular, we would 
like to synthesize and study the properties of segmented copolymers of 
equal molar mass, but containing different HS concentrations (0, 5, 10, 
15 and 20wt%), in order to understand the role of HS density on the 
resulting properties.  

Besides the synthesis, a key objective of this thesis is to 
understand the influence of HS concentration, thermal history and 
deformation on the phase separation and crystallization processes, 
which themselves influence the morphology of the crystallites and the 
viscoelastic properties of the TPEs. Hence, we would like to establish 
the structure-property relationship for TPEs, which eventually can lead 
to improve or optimize properties such as high-temperature stability, 
temperature independent plateau modulus over a wide range of 
temperature, or improved low-temperature flexibility with fast and 
complete crystallization. 

Parallel to this, this thesis also aims to study the effect of 
polymer chain architecture, by synthesizing and studying the TPEs with 
dumbbell architecture based on similar HS and SS system as that of 
segmented TPEs (see Figure 1.7).  
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Figure 1.7: Different polymer chain architecture of synthesized 

polyesteramide TPEs. 
 

In this set of samples, monodisperse HS concentration was 
systematically varied to 3, 5 and 20wt%. With such architecture, 
modifying the HS density results in obtaining copolymers with different 
molar masses. The key idea behind this work is to understand the 
influence of both the position of HS and the total length of the 
copolymer on the properties. We would like to investigate its effect on 
phase separation and crystallization, as well as on its stability to 
temperature. On the other hand, we would like to study the role of SS 
entanglements and how these ones affect the low-temperature 
viscoelastic properties. Therefore, based on a comparative study, we 
intend to understand in detail the structure/property relationship of 
these materials.  

1.7 Outline of thesis  

Chapter 2 – Introduces a specific class of TPEs, the thermoplastic 
poly(esteramides), with a detailed literature review. Various amide-
based HS and ether-based soft segment copolymer systems are 
discussed. In these systems, the role of segment length, type of segment 
and their effect on properties are highlighted, with the objective to give 
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insights on how one can engineer the properties of TPEs for the required 
application.   

 
Chapter 3 – Here, we describe the synthesis of monodisperse T4T HSs 
along with the synthesis of segmented and dumbbell (T4T-PTMO) TPE 
with varying HSs concentration via polycondensation method. 
Synthesized copolymers are characterized using NMR, DSC, FTIR and 
GPC confirming the structure and other physiochemical properties. 
 
Chapter 4 – In this chapter, we study the segmented copolymer 
samples using DSC, WAXS and (U)SAXS techniques in order to 
investigate the packing of the T4T units, their crystallites shape, 
orientation the growth mechanism from melt state. This study allows us 
to understand the key parameters and control the multiscale structure of 
segmented copolymers as per applications. 
 
Chapter 5 – From a processing point of view, Fast Scanning 
Calorimetry (FSC) technique is used to investigate the crystallization 
behavior of segmented TPEs. The FSC measurements is a very 
powerful technique to help us to understand the formation of perfect 
T4T ribbon-like structures and imperfect ‘baby-ribbon’ structures. We 
show how these structures can be controlled based on the cooling rate, 
the isothermal time, the temperature and the chain mobility. Therefore, 
these results provide us with new insights for the control of the thermo-
mechanical properties of these systems, useful in the design of new 
applications. 
 
Chapter 6 – A systematic rheological investigation of segmented TPEs 
is carried out to understand the effect of chain composition and thermal 
history as a function of time, frequency and strain amplitude over a 
broad temperature range. Moreover, a statistical model is introduced in 
order to analyze the composition of the segmented copolymers. This 
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allows us to understand the influence of the HSs density and their 
association probability on the fraction of SSs trapped between 
associated HSs and on the level of the high and low-frequency moduli 
of the material. In this chapter, we show how large flow can induce 
irreversible changes in the sample, depending on temperature. 
 
Chapter 7 – A comparative study on thermo-mechanical and 
rheological properties of dumbbell versus segmented TPEs is proposed, 
based on rheometry and FSC. It is expected that at the same fraction of 
HSs, the dumbbells architectures display enhanced chain mobility but 
lower connectivity between the molecules. Therefore, we would like to 
understand the consequence of these effects on melting temperature, on 
their crystallization, and on the morphologies of the HS domains.  
 

Chapter 8 – In this chapter, we propose a summary of the main results 
found in the previous chapters and discuss how they could be helpful 
for improving the properties of TPEs in further applications as 
conclusions and perspectives.  
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 Thermoplastic Polyesteramides 

(TPEAs) 
 

Abstract 
This chapter focuses on segmented thermoplastic poly(esteramide)s 

consisting of amide moiety as crystallizable units, which ensure the 

toughness, whereas ether SS provides the softness or elastomeric 

properties to the material. Furthermore, the role of SS length and use 

of SS chain extender’s in order to obtain low modulus elastomeric 

properties are discussed. Similarly, the effects of HS length on thermo-

mechanical and flow properties are summarized. Based on these 

observations, this chapter provides insights into the selection of the HS 

and SS system from an application point of view.  
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2.1 Polyesteramides 

Polyesteramide (PEA) segmented copolymers are the well-
known class of thermoplastic elastomers.1 PEAs form a versatile class 
of polymers, which are used in a broad range of applications (see 
chapter 1). Chemically, PEAs consist of long, flexible and low !" 
polyether SS and short amide HS.2 Their ability to self-associate via 
hydrogen bonding helps the HSs to aggregate and form rigid physical 
crosslinks.2 In addition, the amide HS are incompatible with the soft 
SS, which induces microphase separation, crystallization or liquid-
liquid demixing.3 The ordered arrays, which are formed by the 
crystallized HSs, give good mechanical stability to the material and can 
lead to the reinforcement of the sample.1 The HSs which do not 
crystallize or aggregate into HS domains are dissolved in the 
amorphous SS. This incomplete phase separation leads to an increase 
in the glass transition temperature of the SS, which is undesired for the 
low-temperature flexibility and elasticity of the material. By playing 
with the composition of the copolymer, PEAs exhibit a large range of 
tunable properties. It can be demonstrated with an example of 
segmented PEAs comprising different ester to amide ratios synthesized 
by melt polycondensation of a preformed bisamide-diol, 1,4-butanediol 
and dimethyl adipate.5 The melt transitions of these copolymers can be 
tuned depending on the HS content from 63 oC to 140 oC for 10 to 85 
mol% of HSs and so can the !" of the flexible ester SS (-45 to -5 oC). 
By increasing the HS content from 10 to 85 mol% the elastic modulus 
can be tuned from 70 to 524 MPa, the stress at break from 8 to 28 MPa. 
However, while the strain at break was decreased from 820 to 370%. It 
can be concluded that the incorporation of well-defined amide HSs in 
the poly(butylene adipate) backbone results in improved thermal and 
mechanical properties compared to the homopolymer poly(butylene 
adipate). Thus, the properties of PEAs can be tuned for specific 
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applications by varying the HS content; type of HS and SS combination 
as mentioned in section 2.5 of this chapter. 

Among the polyether SS incorporated into PEAs, the most used 
and studied SS is the PTMO (poly (tetramethylene oxide)), which have 
low !" and provides good flexibility as well as elastomeric properties 
to the material at low temperature. PTMO SSs of different molecular 
weight and functionalities are commercially available.6  

Commonly used amide HS in PEAs are based on two and a half 
(TxTxT) units of nylon (Tx), or similarly, assembles one and a half 
(TxT) units, where ‘T’ stands for terephthalic unit and the ‘x’ represents 
the number of methylene groups between two amide bonds (spacer 
length) as shown in Figure 2.1, except for aramide HS, which assembles 
one and a half repeating unit of poly(phenylene terephthalamide), an 
aromatic polyamide.7 The use of monodisperse amide units as HS is 
advantageous since polydisperse HSs impart poor phase separation and 
so the thermo-mechanical properties, as described in section 2.4. In 
addition, monodisperse amide HSs with allows reaching higher 
copolymer melting temperatures and less degradation during the melt 
synthesis and/or processing.6 

 
a) 
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 b) 

 
 

Figure 2.1: a) Structure of TxT di-amide HS and b) Structure of 
TxTxT tetra-amide HS. 

 
Above the melting point of the crystalline phase, PEAs are 

homogenous, and their melt processing is possible. Upon cooling, the 
phase separation is restored by crystallization of the amide HS and the 
material regains its elastomeric properties.8 Since the amorphous phase 
and the crystalline phase have a different chemical structure, the !"/!+ 
ratio can have a value lower than 2/3, which is common for pure 
semicrystalline thermoplastics.9  

PEAs can be synthesized using polymerization techniques like 
ring-opening polymerization (ROP), reversible addition-fragmentation 
chain transfer polymerization (RAFT), atom transfer radical 
polymerization (ATRP) and polycondensation. Due to the simplicity of 
the technique, PEAs are generally synthesized using polycondensation 
methods, such as melt polycondensation, interfacial polymerization, 
solution polycondensation or solid state polycondensation.  

The extent of phase separation and thermo-mechanical 
properties of PEAs are not only dependent on the type of HS used, but 
also on the HS length, for example, di-amide versus tetra-amide. Other 
important parameters for the phase separation and properties of PEAs 
are the dispersity and purity of the HS. Apart from this, the length of 
SS unit is also one of the key factors, which affect the sample properties 
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since higher molecular weight PTMO and other SSs can crystallize, 
leading to temperature dependent rubbery plateau modulus. To 
overcome this problem, different types of chain extenders are often used 
during the synthesis, which results in relatively high SS molar mass, as 
well as in a temperature independent rubbery plateau modulus. Such 
chemical chain extenders help us to find a good balance between the 
modulus and the elastic properties of these materials. Therefore, it is 
important to know and understand the effect of these factors on the 
properties of PEAs, as discussed in the following sections. 

2.2 Effect of SS length  

The influence of the SS length was studied by Gaymans et al.9 on 
PEAs composed of monodisperse di-amide T4T HS and PTMO SS. In 
this study, the authors varied the SS length in a systematical way, 
ranging from 250 g.mol-1 to 2900 g.mol-1, in order to study the influence 
of SS length on the thermo-mechanical properties of these PEAs. Figure 
2.2 shows the structure of T4T-PTMO system with varying SS length. 

 

 

Figure 2.2: Chemical structure of di-amide T4T HS copolymerized 
with PTMO SS. 

 
Varying the molar mass of the SS had a large impact on both thermal 
properties (see Section 2.2.1) and mechanical properties (see Section 
2.2.2) of the samples. 
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2.2.1 Thermal properties 

Conventional DSC data measured upon a heating rate of 20 
oC.min-1 over a wide range of temperatures (-50 to 220 °C), revealed 
that two melting transitions occur at a low (-15 oC) and high 
temperature respectively. The high-temperature transition was 
attributed to the melting of T4T HS crystals and the low-temperature 
transition to the melting of crystalline PTMO SS. Both high-melting 
temperature !+ and crystallization temperature !. was found to 
decrease with increasing SS lengths. PEAs with T4T-PTMO2900 had a 
melting temperature of 83 °C in comparison with T4T-PTMO250 with 
185 oC. This strong decrease in melting temperature with increasing SS 
length was surprising, as monodisperse HSs were used in this study and 
the melting temperatures should not depend on the SS lengths. The 
authors concluded that the decrease in the melting temperature was not 
due to the difference of hard domain lamellar thickness, but it was due 
to the reduced lateral crystallite size or due to a 'solvent' effect of the 
amorphous phase when the density of SS unit is increased.  

For these segmented polymers with uniform lengths, the degree 
of undercooling, ,! = !+ − !., was very small (9 - 20 °C), in 
comparison to the one of the fastest crystallizing polymer i.e. PBT 
with	,! value of 36 °C.9,10 Furthermore, no influence of the SS length 
was found in the value of ,!. Very low	,! values suggest fast 
crystallization kinetics and ordering in the melt for these materials, 
however, based on polarized light microscopy, no liquid-crystal 
polymer (LCP) behavior was observed.  

The low-temperature melting transition associated with SS 
melting was completely absent for T4T-PTMO250 sample as compared 
to higher Mw SS, which are able to crystallize. The increase in SS 
melting temperature with their length is shown in Figure 2.3. As it can 
be seen, longer PTMO segments can, of course, better crystallize and 
form thicker lamellar crystals, being less hindered by the HSs.  
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Figure 2.3: Melting temperatures of the crystalline PTMO fraction as 
a function of PTMO segment lengths in the T4T-PTMO copolymer 

system. 

2.2.2 Mechanical properties 

Dynamic Mechanical Analysis (DMA) was used to determine 
the elastic modulus in the low-strain limit as a function of temperature. 
Where comparing the T4T-PTMO250 with other copolymers, a shift of 
the second-order transition from ~40 °C to -60 °C was observed. The 
occurrence of the two transitions at low temperatures indicates the 
presence of two amorphous phases, which differ in compositions, one 
being almost pure PTMO (the glass transition of PTMO lies at -84 °C), 
while the other being richer in HSs. In T4T-PTMO2000 and T4T-
PTMO2900, the start of the rubbery plateau is shifted upwards to about 
10 °C and an additional shoulder is observed at the end of the glass 
transition, as shown in Figure 2.4.  
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Figure 2.4: Storage modulus (Gʹ) as a function of temperature for : a) 
T4T-PTMO250; b) T4T-PTMO650; c) T4T-PTMO1000; d) T4T-
PTMO2000; e) T4T-PTMO2900. 
 

Such delay of the transition between glass region and rubbery 
plateau along with shoulders are unwanted as far as applications of 
PEAs are concerned. It can be further illustrated in Figure 2.5, which 
represents the measurement of flexural modulus over a wide range of 
temperatures. The plot can be divided into three distinct regions. First, 
at very low temperatures, i.e. below the glass transition of the 
elastomeric phase, where both the phases are hard, and the material is 
stiff and brittle. Second, above the glass transition of the elastomeric 
phase, the material softens and is elastic, with properties similar to the 
ones of a conventional vulcanized rubber. As the temperature increases, 
the modulus stays relatively constant i.e. region referred to as rubbery 
plateau, until the point where the hard phase softens or melts. At this 
point, the material enters the third region and becomes liquid-like. It is 
clear from the Figure 2.5 that the service temperature or temperature 
independent rubbery plateau lies in between the !" of the elastomeric 
phase (lower service temperature) and the !" or !/ of the hard phase 
(upper service temperature). Therefore, the melting of the SS interferes 
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with the service temperature and properties of the polymer as well. 
However, the exact values depend on the service conditions of the final 
product, for example on the stress applied. In order to avoid temperature 
dependency of modulus over the required temperature range, the 
crystallization or melting of SS also needs to be avoided. Hence SS 
chain extenders are used to obtain good elastomeric properties at low 
temperature without SS melting.12 

 
Figure 2.5: Stiffness of typical thermoplastic elastomers as a function 

of temperature.12 
 Complementary to DSC observations, the upward shift of 
rubbery plateau observed in Figure 2.4 is associated with the melting of 
PTMO crystals. The temperature at which flow occurs, DSC 
endotherms were related to the melting of the hard domains. The 
relationship between the observed glass transition temperature and the 
Mw of the SSs is shown in Figure 2.6. The steep rise in !" between 
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PTMO650 and PTMO250 is due to the reduced mobility of a short chain 
between crystalline segments. It is clear from this data that for high Mw 

SS, change in !" is very low. 
 

 
Figure 2.6: Glass transition temperature as a function of the PTMO 

segment length in the T4T-PTMO system. 
 
Stress-strain measurements also reveal different drawing 

properties as well as possible flow-induced crystallization of these 
copolymers, as shown in Figure 2.7. For copolymer T4T-PTMO650 and 
T4T-PTMOl000 the stress reaches a plateau level, whereas for T4T-
PTMO2000 and T4T-PTMO2900 much more elastomeric characteristics 
are observed with low initial moduli and a sigmoidal curve with strain 
at break exceeding 1000%. The final breaking stress is observed to be 
several times larger than the stress at the inflection point, and the overall 
behavior can be attributed to strain-induced crystallization, as 
confirmed by X-ray diffraction.  While the crystallization of PTMO 
occurs in samples of T4T-PTMO2000 and T4T-PTMO2900 during 
stretching, T4T-PTMO650 and T4T-PTMOl000 samples did not show any 
sign of induced crystallization in wide-angle X-ray diffraction WAXD 
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studies. This again confirms that high molar mass PTMO segments 
crystallize more easily than shorter SS.  

 

 
Figure 2.7: Stress-strain curves of the copolymers: a) T4T-PTMO650; 

b) T4T-PTMO1000; c) T4T-PTMO2000; d) T4T-PTMO2900. 

2.3 SSs with chain Extenders 

As it is evident from the previous section, SS like PTMO 
crystallizes strongly with an increase in Mw from 250 to 2900 g.mol-1. 
Certainly, the SS melting temperature around room temperature is to be 
avoided, as it interferes and affects the thermal and mechanical 
properties at the intended service temperature. But in order to have low 
modulus and high elasticity, SSs should have a high Mw, while without 
crystallizing. Therefore, crystallization of SSs like PTMO and PEO are 
usually suppressed by copolymerizing these segments with a chain 
extender unit, known as structure-disturbing groups, which can reduce 
the structural regularity.13-15 These extenders are generally ester groups 
such as terephthalic,16,17 or isophthalic18 as shown in Figure 2.8 (a). 
Long ether segments containing structure-disturbing groups can be 
obtained by reacting short ether segments with terephthalic or 
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diisocyanate groups to long SS units, as shown in Figure 2.8 (b). In the 
past, SS lengths of PTMO1000 and PEO600 was increased to 9000 and 
even to 20,000 g.mol-1 by keeping the samples completely amorphous 
or keeping the melting temperature below the room temperature.17-19 
Consequently, the DMI-extended pre-polymer shown in Figure 2.8 (b) 
is a liquid at room temperature and the corresponding DMI-extended 
copolymers demonstrate a !" of few degrees higher than that of the pure 
SS.20 PTMO and PEO extended with terephthalic groups also showed 
an SS !" that are only 5 oC higher. Thus, by incorporating disturbing 
groups or chemical extenders in the crystallizable SS, long chain SSs 
can be obtained either in an amorphous state or with the SS melting 
temperature being lower than the room temperature. 

 
a)	
	
 
  
b)	

 

Figure 2.8: a) Chemical structure of Dimethyl isophthalate (DMI) and 
b) PTMO SS extended with dimethyl terephthalate (DMT). 

2.4 Effects of HS dispersity 

The structure of the HSs exerts a strong effect on the phase 
separation and consequently on the physical properties of the 
copolymer. Therefore, the dispersity of HS plays an important role in 
describing the final properties of the amide-based HS copolymers. In 
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the past, van der Schuur et al.16 compared monodisperse and 
polydisperse crystallizable amide HSs in copolymers based on 
poly(propylene oxide) (PPO) SSs. The author concluded that the 
copolymers with monodisperse amide HSs had higher moduli, higher 
melting temperatures, and lower compression as compared to their 
polydisperse counterparts irrespective of flexible SS. Similar study was 
done by Gaymans,21 to understand how the properties of segmented 
copolymers are dependent on the dispersity of HSs. Gaymans and 
coworkers studied the copolymer system with monodisperse T6A6T 
crystallizable amide HSs and PTMO SS, where the tetra-amide HSs 
(T6A6T) were based on adipic acid (A), terephthalic acid (T), and 
hexamethylene diamine (6). This monodisperse HS system displays a 
rapid crystallization, a good phase separation, a high modulus, a high 
melting temperature and a temperature-independent rubbery modulus. 
Along with this, a copolymer system with a varying polydispersity of 
the amide HSs was studied by mixing uniform di-amide (T6T) with 
tetra-amide (T6A6T) and hexa-amide (T6A6A6T). The T6A6T 
concentration in the copolymers was varied while maintaining the 
average amide length at four amide groups. In this way, the weight 
percentage of crystallizable HSs was kept constant so that the degree of 
hydrogen bonding remains constant. Indeed, the polydispersity of the 
HSs was the only parameter that was varied as represented in Figure 
2.9.  
 The thermo-mechanical and elastic properties of the copolymers 
were studied using DSC, DMTA and compression set techniques.  
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Figure 2.9: PTMO-T6A6T segmented copolymers (a) with 
monodisperse HSs; (b) mixture of monodisperse HSs and (c) 
polydisperse HSs.21  

2.4.1 Thermal properties 

 The melting and crystallization behavior of the copolymers was 
studied at the cooling and heating rate of 20 oC.min-1 by DSC. The 
thermograms are presented in Figure 2.10, two peaks were observed 
during the heating cycle; one around 0 oC corresponding to the melting 
of crystalline PTMO, the second around 180 oC corresponding to the 
melting of the amide HSs. Upon cooling, the HSs crystallize around 
165 oC and upon further cooling, the crystallization of PTMO was 
observed at -10 oC. With increasing HS dispersity, the melting and 
crystallization peaks of the HSs were found to get broader, on further 
increase melting and crystallization peak were not even visible. 
However, the melting temperatures were almost the same. The 
crystallization temperature of PTMO SS was influenced and found to 
slightly decrease with an increased polydispersity. As a result of the 
changes in the crystallization temperature of the PTMO SS, the 
resulting supercooling ,! = (!+ − !.) was increased (See Table 1). 
Also, the ,2+ of the crystalline PTMO phase was increased, 
suggesting an increased degree of crystallinity of the PTMO SS. 
However, with the polydisperse HSs, the PTMO !+ and crystallinity 
was lower. It was unclear for the authors, why the PTMO melting 
temperature and crystallinity changed with polydispersity. 
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Figure 2.10: DSC thermograms for segmented copolymers based on 
PTMO and amide HSs with varying amide HS polydispersity: Δ - 1.00; 

♦ - 1.03; ● - 1.07; □ - 1.09. 
Table 1: DSC measurements for copolymers with varying amide HS 

polydispersity. 

Polydispe-
rsity HS 

PTMO SS Amide HS 

34 (%) #5 

(oC) 

#4 

(oC) 

6# 

(oC) 

#5 

(oC) 

#4 

(oC) 

6# 

(oC) 

1.0 -1 -1 0 183 164 19 93 

1.01 -2 -13 11 180 163 17 89 

1.03 0 -6 6 174 154 20 83 

1.04 -1 -17 16 182 159 23 75 

1.07 3 -13 16 190 165 25 65 

1.09 8 -7 15 184 154 30 24 

1.2 6 -33 39 - - - - 



   
Thermoplastic Polyesteramides (TPEAs)  

 

 
 

54 

The polydispersity of HS was also found to exert an effect on 
thermal behavior. The melting temperature seemed to be little affected, 
but the crystallization temperature decreased and so as the melting 
enthalpy. The supercooling (!+ − !.) increased with an increasing 
polydispersity of the copolymer (Table 1). These results suggested that 
copolymers with a higher polydispersity of the HSs crystallized more 
slowly and that their degree of crystallinity was lower. For the 
copolymer with polydisperse amide segments, no melt and 
crystallization transitions of the amide phase were observed. This was 
probably due to the wide variation in HS length resulting in very broad 
transitions. It can be concluded that for copolymers with an increasing 
polydispersity, the amide segment crystallization was slower, and the 
crystallinities were lower. 

2.4.2 Dynamic Mechanical Thermal Analysis 

 Thermal mechanical properties of the copolymers were studied 
by means of DMTA; plots are shown in Figure 2.11. The glass 
transition of the PTMO SS was low and was not affected by the 
increasing polydispersity of the hard segment, suggested that the low 
amount of HS in the PTMO was low. Moreover, both the storage and 
loss modulus curves show a shoulder at 10 oC due to the melting of the 
PTMO. It was evident that the copolymer with monodisperse hard 
segments had a relatively high storage modulus at room temperature 
(G’25 oC), which changed little with the polydispersity. The loss modulus 
curve showed a small broad peak was observed between 60 and 110 oC, 
suggesting the presence of a small amount of material melting at a lower 
temperature.  
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Figure 2.11: (a) Storage and (b) loss modulus as a function of 

temperature for PTMO-T6A6T copolymers with varying PDI: Δ - 

1.00; ♦ - 1.03; ● - 1.07; □ - 1.09; ■ - 1.20. 
 

The tan δ at room temperature was low and the values increased 
with an increasing polydispersity of the HSs (see Table 2). This 
suggests that the dynamic behavior at low strains was excellent but 
decreased with increasing polydispersity. The temperature dependence 
of the storage modulus in the rubbery regime (,7′) was low (0.3% oC-
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1) for monodisperse HSs copolymer but shows a significant increase to 
1.1% oC-1 with an increase in the polydispersity of the HSs. The flow 
temperature (Tfl) was observed at about 180 oC, however, polydisperse 
copolymer had a lower Tfl. The values of Tfl from the DMTA 
measurements corresponded well with the !+ as measured with DSC 
(Table 1). At Tfl, the polydisperse copolymer was not fully molten, due 
to the very broad melting transition of the copolymer. The elasticity of 
segmented copolymers was quantified by means of compression set, at 
25% compression at room temperature (CS25%). A low compression set 
value for monodisperse HS polymer corresponding to a good elastic 
behavior of copolymer as compared to copolymers with polydisperse 
HS, which shows high compression set value.   
 

Table 2: Mechanical properties of segmented copolymers as a 
function of polydispersity. 

Polydispersity 

of HS 

G’25 
o

C  

(MPa) 
tan δ25 

o
C Tflow (oC) CS25% (%) 

1.0 20 0.019 180 14 
1.01 14 0.022 180 14 
1.03 13 0.023 175 14 
1.04 14 0.022 180 15 
1.07 19 0.029 185 17 
1.09 17 0.038 185 18 
1.2 23 0.047 165 31 

 
 Thus, segmented copolymers with monodisperse HSs were 
found to have superior properties as compared to their counterparts with 
polydisperse HSs. Even small changes in the polydispersity of the HS 
had an effect on the modulus value, temperature dependence of the 
modulus, crystallization temperature, rate of crystallization and elastic 
behavior.  
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2.5 Effects of HS length 

As explained above, controlling the HS dispersity is important in 
order to achieve temperature independent mechanical properties. 
Moreover, whereas the SS length and corresponding extenders play an 
important role in obtaining elastomeric properties at room temperature, 
the characteristics of HSs determine the final melting point and high-
temperature properties. In this section, we illustrate the effect of HS 
length on thermo-mechanical properties.  

2.5.1 Di-amide HS of uniform lengths 

The di-amide segments (TxT) contains a one-and-a-half 
repeating unit of nylon x, T; except for aramide HS, which contains a 
one-and-a-half repeating unit of poly(phenylene terephthalamide), an 
aromatic polyamide. In the notation, ‘T’ stands for a terephthalic unit 
and the ‘x’ represents the number of methylene groups between two 
amide bonds (spacer length) as shown in Figure 2.1 (a). Polymers based 
on di-amide HS with even number of methylene groups were 
extensively studied by Gaymans et. al.,22,23,8 as they are capable of 
forming good crystal packing enhanced with the short HS length as 
compared to the tetra-amide HSs. In this perspective, various systems 
containing T2T, T4T and TΦT HSs combined with PTMO SS were 
studied to understand the effect of spacer group (with even number of 
the methylene group in di-amide) on the thermo-mechanical and flow 
properties.  

2.5.1.1 Thermal properties 

PEA based on PTMO650 was synthesized using various di-amide 
HSs, such as T2T, T4T and TΦT.29 Comparative melting and 
crystallization temperatures of such copolymers are reported in Table 
3. HSs (T2T, T4T and TΦT) along with dimethyl moiety do not show 
any specific correlation between their melting temperature and their 
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length. HS based on TΦT display the highest melting temperature of 
375 oC. It is expected that the corresponding copolymers could show a 
similar trend, however, T2T-PTMO650 copolymer was found to have 
the lowest !+, due to the smaller lamellar thickness and partial 
crystallization of T2T. A similar trend was observed for the 
crystallization temperatures (!.) from 137 to 238 oC for TΦT- PTMO650 

copolymer.  
 

Table 3: Thermal properties of a copolymer of PTMO650 with 
different di-amide HSs. 

Amide 

Segment 

Di-

amide 

#5        

(oC) 

Copolymer 

#5        

(oC) 

#4        

(oC) 

6#      

(oC) 

#9       

(oC) 

Tfl      

(oC) 

Gʹ        

(at 25 
oC) 

(MPa) 

T2T 315 163 137 26 -51 158 77 

T4T 265 179 160 19 -51 170 116 

TΦT 375 266 238 28 -58 247 118 

 
The undercooling ,!(!+ − !.) values are lower than 30 oC, 

which means that the crystallization of these copolymers is fast 
irrespective of the type of HSs. The T2T–PTMO polymers have a 
relatively low melting temperature; this is partly due to the short length 
of the T2T units (1.7 nm).22 However, when T2T HSs length was 
increased using 1,2 ethanediol, the copolymer showed extremely rapid 
crystallization even after losing the uniformity of the T2T HSs, due to 
increase in HS length. Therefore, the fast crystallization of T4T-PTMO 
copolymers allows complete crystallization and short injection molding 
cycles. Based on such observations, authors refer that the good phase 
separation and properties can be achieved with a crystallizable unit 
length of 2 nm.22  
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2.5.1.2 Dynamic mechanical behavior 
 Being a more sensitive technique, DMA analysis can give 
additional information about the melting of the PTMO crystalline 
phase, compared to the DSC. The !" of T2T and T4T-PTMO copolymer 
was measured at -51 oC indicating that a small amount of HSs are 
present in the polyether phase. The rubbery plateaus were found to start 
at very low temperature for all the samples. As already mentioned, the 
storage modulus of a rubbery plateau is dependent on the crystallinity 
and lamellar packing of the crystalline phase. By comparing the storage 
modulus measured at 25 oC for the three samples, the large difference 
is observed (see Table 3), increasing from 77 MPa for T2T to around 
117 MPa for T4T and TΦT HSs. Again, this suggests that a better 
packing of crystallites and a complete crystallization of copolymers 
take place with T4T and TΦT HSs. 
 The flow temperatures (Tfl) for all these copolymers were found 
to be very sharp and narrow but highly dependent on the type of di-
amide HS. This sharp and narrow flow behavior was due to the uniform 
thickness of the lamellae. The flow temperature and storage modulus of 
the rubbery plateau are highly dependent on the HS content in the 
copolymers and is independent of the type of the HS. 

2.5.2 Tetra-amide HS of uniform lengths 

As already mentioned, tetra-amide HSs (TxTxT) are based on 
two and a half units of nylon x, T, where ‘T’ stands for a terephthalic 
unit and the ‘x’ represents the number of methylene groups between 
two amide bonds (spacer length) as shown in Figure 2.1 (b). D. Husken 
et al.24 studied the effect of the methylene length of the tetra-amide HS 
on the thermal and elastic properties by using a (PTMO1000-T)6000–
TxTxT system. In this work, a poly(tetramethylene oxide), PTMO of 
Mw = 1000 g.mol-1 was extended with terephthalic units to Mw = 6000, 
(denoted as (PTMO1000-T)6000). In this way, crystallization of the long 
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SS was avoided. The major outcomes of this work are described in the 
following sections. 

2.5.2.1 Thermal properties   

DSC results obtained at a heating rate of 20 oC.min-1 show that 
the melting temperature of the tetra-amide segments decreases when the 
number of methylene groups in between the diamide increases. The 
segments with an odd number of methylene groups in the diamine had 
a lower melting temperature and melting enthalpy than the segments 
with an even number of methylene units. These ‘odd’ segments have a 
weak packing of the chains in the crystal structure. This observation is 
in agreement with the general trend observed for polyamides i.e. the 
melting temperature decreases when the diamine unit is more flexible. 

In particular, for PTMO–TxTxT segmented copolymers system, 
the cooling curve at 20 oC.min-1 for uniform T4T4T, T6T6T and T8T8T 
segments showed two peaks, which was unusual. The first peak was 
attributed to the crystallization of the TxTxT segments. The second 
peak, which had a smaller area, was attributed to a crystalline transition, 
suggesting that the segmented copolymers had a liquid crystalline 
behavior.24 However, no liquid crystalline behavior of the segmented 
copolymers was observed with optical microscopy combined with 
cross-polarizer owing to the low concentrations of the HSs.25  

As expected, the observed melting temperature of copolymers 
decreases with increasing number of methylene groups in the diamine 
as an odd-even effect. For an odd number of methylene groups in the 
diamine, the melting temperature and melting enthalpy were lower. The 
crystallinity of these copolymers was determined by using the melting 
enthalpy of the TxTxT-dimethyl segments (see Table 4). The 
segmented copolymers with an odd number of methylene groups had 
lower crystallinity compared to the even number of methylene groups, 
which was probably due to a weak packing of the crystals.  
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Table 4: Thermo-mechanical properties of (PTMO1000-T)6000-TxTxT 
segmented copolymers. 

aAmong the two observed crystallization peaks, the value of the second 
maximum crystallization peak is labeled. 
 

The undercooling ,!	(!+ − !.) for the PTMO–TxTxT 
segmented copolymers were found to be relatively small especially for 
the T6T6T segmented copolymer. There was no visible trend between 
the type of TxTxT segments and the values of the undercooling. 
Furthermore, the undercooling values of the PTMO–TxTxT 
copolymers were lower than the commercial materials like Arnitel and 
Desmopan.26  

2.5.2.2 Dynamic mechanical behaviors  

Due to the use of terephthalic chain extender, PTMO1000 
exhibits a glass transition temperature close to the !" of the PTMO 
homopolymer, which is around -86 oC.27 Therefore it manifest that the 
terephthalic extender group does not disturb the mobility of the 
amorphous phase, nor any TxTxT HS was dissolved in the PTMO 
phase.28 The shear modulus of these PEAs as a function of temperature 
shows a small shoulder in the temperature range of -50 to -10 oC and 
was assigned to a small amount of crystalline PTMO. For all the 

Copolymer 

with HS 

TxTxT   

(wt%) 

#5         

(oC) 

#4             

(oC) 

6#         

(oC) 

#9        

(oC) 

Gʹ 25 
oC 

(MPa) 

T2T2T 7.0 - - - -61 6 
T3T3T 7.4 182 146 36 -64 3 
T4T4T 7.8 224 184/224 a <5 -62 5 
T6T6T 8.57 202 136/196 a 6 -62 6 
T7T7T 8.96 172 121 51 -65 3 
T8T8T 9.34 194 117/173a 21 -64 5 



   
Thermoplastic Polyesteramides (TPEAs)  

 

 
 

62 

segmented polymers the flex temperature or the rubbery plateau onset 
was between 7 to 11 oC, irrespective of odd-even methylene group 
effect of HS. The shear modulus, at 25 oC, was observed to be around 
6 MPa for polymers made with an even number of methylene groups, 
whereas for an odd number of methylene groups it was slightly lower, 
equal to 3 MPa, as shown in Figure 2.12.  

 

 
Figure 2.12: Shear modulus for (PTMO1000-T)6000-TxTxT segmented 

copolymers: (■) T2T2T, (Δ) T4T4T, (●) T6T6T, (▲) T8T8T, (□) 

T3T3T, (ᴏ) T7T7T. 
 
The rubbery plateau modulus is mainly dependent on the 

crystallinity of the copolymers; odd-numbered TxTxT segments had 
low shear modulus due to weak chain packing. The rubbery plateau for 
all the PTMO–TxTxT copolymers is temperature independent with the 
sharp melting transition as compared to copolymers with polydisperse 
HS lengths, which shows a decrease in modulus with temperature. The 
low-temperature dependence of the modulus is due to the uniform 
length of the tetra-amide segments, due to which all the crystals melt in 
a narrow temperature range. Figure 2.13 show the flow temperatures of 
the segmented copolymers with different TxTxT segments as a function 
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of the number of methylene groups in the diamine. It is clear from 
Figure 2.13 that the flow temperature decreases with increasing the 
diamine length ‘x’. Furthermore, a strong odd-even effect is observed. 
The flow temperatures measured by DMA and the melting temperatures 
measured by DSC are nearly identical. 

 

 
Figure 2.13: Flow temperatures of (PTMO1000-T)6000-TxTxT 
segmented copolymers as a function of the number of methylene groups 
in diamine (x).  

2.6 Summary 

Among the various classes of TPEs, PEAs represent an important 
class, due to their wide range of applications. A two-step synthesis is 
generally used to synthesize these PEA, starting from the synthesis of 
the monodisperse, well defined HSs and then the copolymerization of 
SS and HS via polycondensation. Amide-based HSs can aggregate and 
crystallize to form rigid physical crosslinks, which comes to reinforce 
the sample and therefore, give strong mechanical properties to the 
material. The structural regularity of the amide unit facilitates good 
thermo-mechanical properties. Furthermore, their fast crystallizing 
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nature allows short cycle times for various processing techniques 
without post-processing curing. Above the melting point of the 
crystalline phase, PEAs are homogenous and melt processing is 
possible. Upon cooling, the phase separation is restored by 
crystallization of the amide HS and the material regains its elastomeric 
properties. In this respect, high Mw SS are ideal as they provide good 
flexibility and temperature independent rubbery plateau at low 
temperature. However, SS crystallization should be avoided in order to 
obtain good flexibility at low temperatures. Therefore, chain extender 
molecules are used as defects along the chain, to prevent crystallization 
of the high Mw SSs. On the other hand, amide HSs show an odd-even 
effect of the number of methylene groups (x) in between the two amide 
units on the high-temperature properties. HSs with even number of 
spacer ‘x’ have good properties while ‘odd’ segments show weak 
packing of the chains in the crystal structure. As far as length of HS is 
concerned, short HS length (di-amides) shows good phase separation 
and faster crystallization than tetra-amide.  
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 Synthesis of well-defined T4T-

PTMO copolymers 
Abstract 
 In this chapter, the synthesis route towards poly(tetramethylene 

oxide) (PTMO) based poly(esteramide)s (PEA)s with monodisperse di-

amide (T4T) HSs is explained. The di-amide T4T segment is based on 

two terephthalic (T) units and a 1,4-diaminobutane in between 

terephthalic units. The first step was the synthesis of T4T-dioctyl HSs 

from dioctyl terephthalate (DOT) and 1,4-diaminobutane (DAB). In the 

second step, segmented copolymers were synthesized by condensation 

polymerization. In this set of segmented copolymers, the concentration 

of di-amide HSs was systematically varied from 0 wt% to 20 wt% in 

order to study the effect of H-bonding density on the properties of the 

copolymers. The synthesized copolymers were characterized by 1H-

NMR, DSC, GPC and temperature dependent FT-IR.   

  Secondly, a ‘dumbbell’ version of the 

poly(tetramethylene oxide) based poly(esteramide)s with monodisperse 

di-amide (T4T) HSs was synthesized, in which the HSs are only located 

at both extremities of the chain. To achieve this, mono-functional T4T-

mono-octyl HSs were synthesized first, followed by a condensation 

polymerization with PTMO. Similarly, as for the segmented 

copolymers, the concentration of di-amide HSs in these dumbbell 

copolymers was systematically varied from 3 wt%, 5 wt% and 20 wt%. 

The composition of these copolymers was checked by  1H-NMR, DSC 

and GPC.   
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3.1 Introduction 

As explained in Chapter 2, thermoplastic polyesteramides (PEAs) 
are material of great interest due to their temperature independent 
properties, ease of processing,1 thermo-mechanical and viscoelastic 
properties which can be controlled by varying the type and the size of 
the crystallizable and amorphous phases.  
 From literature, it is known that these materials can be made 
from a wide choice of HS and SSs. Therefore, these materials can be 
engineered to exhibit specific properties depending on the application. 
Among various SSs, PTMO is often used as flexible SS as it has low 
!", good hydrolytic stability and elastomeric properties at low 
temperatures.2 Moreover, phase separation is key and HS length is one 
of the important factors which plays an important role in deciding the 
extent of phase separation. Research has shown that high phase 
separation can be achieved with an optimum HS length of 2 nm.3 In that 
respect, the high-temperature properties are also dependent on the HS 
type and length and therefore the choice of HS becomes crucial. PEAs 
containing short HS showed good crystal packing and fast crystallizing 
nature in comparison to tetra-amide HSs.4,5 Therefore, the short length 
HSs like di-amide becomes more advantageous. But still, the choice of 
spacer length [x= (CH2)2, (CH2)4, (CH2)6] with even number of 
methylene group among di-amide HSs remain important. T2T di-amide 
HS containing copolymers have low melting temperature and low 
storage modulus, due to small lamellar thickness.3 On the other hand 
uniform T4T segments form perfect and stable lamellae, resulting in a 
temperature independent rubbery plateau.4 In addition, T4T segment 
containing copolymers have a melting temperature that makes them 
easy to process, which makes these materials interesting from an 
industrial point of view. 

Therefore, in this work, we focused on segmented copolymers 
based on PTMO SS and T4T di-amide HSs. For their synthesis, 
terephthalic based chain extenders were used during polycondensation 
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to obtain high Mw of PTMO which provides low modulus and a high 
elasticity; while keeping a low crystallinity of PTMO. The 
concentration of HSs or hydrogen bonding density was varied from 0 
to 20 wt.%. Moreover, dumbbell architecture copolymers based on the 
same HS and SS system were synthesized, to understand the effect of 
chain architecture and increased number of SS entanglements on 
thermal and rheological properties.  

3.2 Synthesis of segmented PEAs 

Several methods can be employed for the synthesis of segmented 
PEAs. Though condensation polymerization is the important one, the 
synthesis can be carried out in solution or via an interfacial technique. 
Sometimes a combination of two methods may be required.6 The 
polymerization can also be carried out in one or two steps and in one or 
two pots. Thus, the choice of method depends on the nature of the 
starting material, each of them having its advantages and drawbacks. 
Furthermore, in this work, it was important to ensure the 
monodispersity of the di-amide HSs in order to obtain good phase 
separation and properties. Therefore, this section provides an overview 
of the synthesis of monodisperse di-amide HS and PEA copolymers 
containing monodisperse HSs.  

3.2.1 Monodisperse HS synthesis 

There are various methods to synthesize the preformed 
monomers; it is advantageous to form the amide linkage first and then 
ester linkage during the polymerization step to avoid the side reaction 
of amide group like transamidation reaction. Some of the developments 
and methods to obtain di-amide monodisperse HSs have been described 
in the literature. In particular: 
  Williams et al.7 carried out the synthesis of PEAs based on 1,6-
hexanediol and N,Nʹ-bis(p-carbomethoxybenzoyl) hexanediamine 
(T6T-dimethyl). This bisesterdiamide was prepared from 4-
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methoxycarbonyl benzoyl chloride and 1,6-hexanediamine.8 The half 
acid chloride ester was added dropwise to a 1,6-
hexanediamine/pyridine solution at the room temperature. After the 
addition was completed, the mixture was poured into ice water slurry. 
The product was recrystallized from ethanol to obtain pure di-amide 
segments.    

Goodman and Starmer9 prepared similar bisesterdiamides by 
reacting 4-ethoxycarbonyl benzoyl chloride with 1,6- hexanediamine. 
A solution of ethoxycarbonyl benzoyl chloride in toluene was added 
dropwise to a mixture of 1,6-hexanediamine in water and toluene. Then, 
sodium hydroxide solution was added dropwise in water. After the 
reaction was completed, the precipitate was washed with hot water. 
Butanol was used for recrystallization to obtain pure bisesterdiamide. 

Ciceri et al.10 synthesized T2T-dimethyl from dimethyl 
terephthalate (DMT) and 1,2-diaminoethane using lithium methanolate 
as a catalyst. The reaction was carried out in a solvent mixture of 
toluene and methanol (65 to 70 oC) over a period of 5 hours. Dimethyl 
formamide was used for recrystallization to obtain the pure T2T-
dimethyl diamide.  

A lithium-catalyzed synthesis for T6T-dimethyl was reported 
by Snam Progetti.10 Starting materials were 1,6-hexanediamine and 
dimethyl terephthalate (DMT) dissolved in a methanol/toluene mixture 
at 65 oC. The catalyst, LiOCH3, was added in a relatively large amount. 
An excess of DMT with respect to diamine was used to avoid further 
reaction of the T6T-dimethyl. The product was washed with toluene 
and twice with hot methanol. The bisesterdiamide was obtained without 
further purification. 

Gaymans et al.11 and van Bennekom12 synthesized T4T-
dimethyl (N,Nʹ-bis(p carbomethoxybenzoyl)butanediamine) in a 
similar way as the T6T-dimethyl described by Snam Progetti (shown in 
Figure 3.1). However, they used a smaller excess of DMT over 1,4-
butanediamine (DAB) and a lower lithium concentration. These 
conditions were shown to be as effective as the larger excess used by 
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Snam Progetti. A pure product was obtained after recrystallization from 
hot N-methyl-2-pyrrolidone. 

 

 
Figure 3.1 (a): Synthesis of T4T-dimethyl (di-amide) HS from 
dimethyl terephthalate (DMT) and 1,4-butane di-amide (DAB). 

 
The synthesis of the T4T is obtained by selective precipitation 

of the bisamide and the use of an excess of DMT. The precipitation and 
the excess of DMT are important aspects of the reaction that allows for 
a high selectivity towards the bisamide T4T-dimethyl formation, as 
shown in Figure 3.1 (a). The authors assumed that the reaction starts 
with the formation of intermediate T4. This product precipitates partly 
and dissolves again to react with DMT to give T4T-dimethyl, which 
subsequently precipitates from the reaction mixture as the reactivity of 
both amine end groups was considered to be equal and one end group 
does not influence the reactivity of the other end group. Systematic 
representation of the reaction path is shown in the equation below.  

DMT + DAB → T4   
T4 + DMT → T4T   (1) 

T4T-dimethyl precipitates from the reaction mixture and further 
reaction is limited. But other reactions may take place, as shown below. 

T4 + DAB → 4T4   (2) 
T4 + T4 → T4T4   (3) 
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4T4 + DMT → T4T4  (4) 
T4T + DAB → T4T4  (5) 
T4T + T4 → T4T4T  (6) 
T4T4 + DMT → T4T4T  (7) 

 
T4 can be partially soluble in the reaction mixture. The 

solubility of T4 not only determines the rate of reaction for T4T but also 
for reactions (2) and (3). 4T4 (2) formation is low as compared to (1), 
if the concentration of DAB is low compared to DMT, therefore excess 
of DMT is taken and DAB is added dropwise. Reaction (3) is also slow 
compared to (1), if the concentration of the soluble T4 is low compared 
to DMT. Reaction (4) is not as important as the reaction (2) hardly takes 
place. Reaction (5) and (6) are dependent on the solubility of T4T-
dimethyl, which is very low and therefore result in a low occurrence of 
these reactions. Again, if a significant excess of DMT is used, all the 
DAB reacts with DMT in reaction (1) and reaction 5 becomes even 
more unlikely Reaction (7) depends on (3), (4) and (5), which are 
already unlikely. Moreover, the poor solubility of the T4T4 limits the 
formation of T4T4T even further, which makes reaction (7) very 
unlikely. The other di-amide HSs like T2T and T6T can be synthesized 
similarly by using the respective diamine.13 

3.2.2 Polyesteramide copolymer synthesis 

Segmented PEAs with monodisperse di-amide HSs are 
synthesized from the purified bisesterdiamide as a starting material. 
Then through polycondensation reaction with hydroxyl functionalized 
SS, one can obtain the segmented PEA copolymers. PEAs are 
synthesized in a one-pot polymerization method like an interfacial, 
solution or melt polycondensation. SS often have hydroxyl end-groups, 
and the coupling with the acid or ester functionalized HS thus occurs 
by means of esterification or by a transesterification reaction. The 
polyamide and the polyether segments are usually incompatible, phase 
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separation often occurs and the reaction between the reactive chain-
ends can only take place at the interface.25 Castaldo et al.26 used reactive 
functional groups like acid halides to accelerate such reactions to 
synthesize PEEA based on PA66 and PEO.  On the other hand, in 
solution polymerization, the application of solvent is required when the 
solubility or melting point of the monomers and/or the polymer is too 
high for bulk conditions. The reaction takes place in the presence of 
esterification catalyst such as tetraisopropyl orthotitanate as shown in 
Figure 3.1 (b).3 

 

 
Figure 3.1 (b): Schematic representation of polycondensation reaction 

to obtain T2T HS based PEAs. 
 
The polycondensation reaction takes place between T2T-

dimethyl HS and PTMO SS along with the DMI as chain extender to 
avoid the crystallization of the SSs. First, the transesterification reaction 
takes place at 150 to 220 oC at atmospheric pressure in the presence of 
N-methyl-pyrrolidone (NMP) solvent, followed by the 
polycondensation reaction at 260 to 290 oC under vacuum. During the 
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transesterification step, methanol is formed and distilled off, whereas 
NMP is removed during the polycondensation step. Various catalyst 
systems can be used to enhance the rate of transesterification and 
polycondensation. For transesterification step, calcium, manganese, 
cobalt acetates, etc. are used whereas polycondensation catalysts are 
based on antimony, germanium and titanium.  

From a synthesis perspective, the challenge is to prepare PEA 
samples via a solvent-free melt polycondensation method. In the past, 
the amide HS like T4T-dimethyl ester has been used for the synthesis 
of polyesteramides. However, the melting temperature of T4T-dimethyl 
ester HS is around 260 oC and performing condensation polymerization 
at such high temperature may lead to the degradation of polyether SS, 
which is a disadvantage. To avoid this, generally, a solution 
polycondensation technique is used to perform transesterification 
reaction followed by melt polycondensation. In this method removing 
the high boiling point solvent after transesterification becomes difficult 
and makes the process expensive and the use of a solvent for melt 
polycondensation of high melting HS should be avoided. To overcome 
such issue during polymerization, in this work T4T-diethylhexyl ester 
HSs are used instead of T4T-dimethyl ester HS. Due to the presence of 
two, 2-ethylhexyl bulky groups T4T HSs have a much lower melting 
temperature (around 125 oC compared to 257 oC for the T4T-
dimethyl),24 therefore, melt polymerization can be done at regular 
temperatures. Moreover, after the transesterification, 2-ethylhexanol is 
obtained as a by-product, which has a boiling point of 184 oC and can 
easily be removed by distillation. Therefore, during this work 
ethylhexyl ester, HSs are used, which allow for a solvent-free melt 
polycondensation method in the synthesis of PEAs. 

3.2.3 Materials  

1,4-Diaminobutane (DAB), acetone and acetonitrile were 
purchased from Sigma Aldrich, dioctyl terephthalate (bis-(2-
ethylhexyl) terephthalate) (DOT) was purchased from Eastman 
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Chemicals,  poly(tetramethylene oxide) (PTMO) with an Mn of 650 and 
250 g.mol-1 were purchased from BASF chemicals, Irganox© 1330 was 
purchased from Ciba. Sodium ethoxide (21 wt% in ethanol) with 
Acroseal© was purchased from Acros, Belgium. All chemicals were 
used as received. Sodium ethoxide 21% in ethanol was used to prepare 
sodium 2-ethylhexoxide 1 molar solution by replacing the ethanol by 2-
ethyl hexanol using a distillation setup. 

3.2.4 Synthesis of monodisperse T4T-dioctyl HSs  

DAB (30 g, 0.34 mol) and DOT (574 g, 1.46 mol) were 
introduced in a round bottom flask equipped with stirrer and nitrogen 
inlet. Then, 61 cm3 Sodium ethyl hexoxide solution (1 M) was added 
and the reaction was carried out for 24 h at room temperature under a 
nitrogen atmosphere. The reaction mixture was subsequently quenched 
using 10 mL of water. The T4T-dioctyl was precipitated using 2 L of 
acetone and filtered. The crude T4T-dioctyl ~250 g was recrystallized 
from 500 mL hot acetonitrile and washed thrice with 50 mL acetonitrile. 
The purified T4Tdioctyl was finally dried overnight in a vacuum oven 
at 65 oC. 

3.2.5 Melt polycondensation - PTMO650/DOT/PTMO250 (0wt% 

T4T-(PTMO650/DOT/PTMO250)) copolymer 

The reaction was carried out in a glass vessel reactor with a 
nitrogen inlet, distillation setup and mechanical stirrer. The reactor was 
loaded with PTMO650 (58.98 g, 0.0907 mol), PTMO250 (22.69 g, 0.0907 
mol), DOT (64.44 g, 0.1649 mol), Irganox 1330 antioxidant (0.25 g, 
0.0003 mol) and Titanium catalyst (0.057 g, 0.0037 mol) and heated to 
240 oC under a reduced pressure of 500 mbar. Subsequently, the 
pressure was decreased to 10 mbar over a period of 2.5 h. With 
increasing viscosity of the melt, the stirring rate was gradually reduced 
from 400 RPM to 100 RPM.  The pressure was further reduced to 10 
mbar in next 3 h, with gradually reducing the stirring rate to 12 RPM. 
Then, the system was put under full vacuum (1 mbar) pressure for 1 h. 
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The polymerization was stopped at a torque of approximately 25 Ncm 
at 12 RPM to attain a high molecular weight polymer. The synthesized 
polymer was then removed from the reactor, quenched in water and 
finally dried overnight in a vacuum oven at 65 oC. Extended PTMO 
sample was prepared as a reference sample with the same molar mass 
as that of other samples but with 0% HSs. A similar procedure was used 
for 5, 10, 15 and 20 wt% HS (T4T) copolymer synthesis, an example 
for 5 wt% HS is given below. 

3.2.6 Melt polycondensation of 5 wt% T4T-

(PTMO650/DOT/PTMO250) copolymer 

The reaction was carried out in a glass vessel reactor with a 
nitrogen inlet, distillation setup and mechanical stirrer. The reactor was 
loaded with T4T-dioctyl (8.31g, 0.0136 mol), PTMO650 (57.22 g, 
0.0880 mol), PTMO250 (22.04 g, 0.0880 mol), DOT (57.19 g, 0.1462 
mol), Irganox 1330 antioxidant (0.25 g, 0.0003 mol) and Titanium 
catalyst (0.057 g, 0.0037 mol) and heated to 240 oC under a reduced 
pressure of 500 mbar. Subsequently, the pressure was decreased to 10 
mbar over a period of 2.5 h. With increasing the viscosity of the melt, 
the stirring rate was gradually reduced from 400 RPM to 100 RPM. The 
pressure was then reduced to 10 mbar during 3 h, by gradually reducing 
the stirring rate to 12 RPM. The system was then put under full vacuum 
(1 mbar) pressure for 1 h. The polymerization was stopped at a torque 
of approximately 25 Ncm at 12 RPM to attain a high molecular weight 
polymer. The synthesized polymer was then removed from the reactor, 
quenched in water and finally dried overnight in a vacuum oven at 65 
oC. Similarly, the procedure was followed for 10, 15 and 20 wt% T4T 
HS copolymer synthesis by adjusting the amounts of the ingredients as 
shown below. 

 
 

Table 1: List of reactants with the amount in grams and moles used 
for the synthesis of 10, 15 and 20%HS samples.  
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Reactants 
10%HS 15%HS 20%HS 

(g) (mol) (g) (mol) (g) (mol) 
T4T-

dioctyl 
16.62 0.0272 24.93 0.0409 33.24 0.0545 

PTMO650 55.47 0.0853 53.71 0.0826 51.95 0.0799 
PTMO250 21.33 0.0853 20.66 0.0826 57.70 0.0799 

DOT 49.94 0.1270 42.69 0.1093 35.44 0.0907 

 

3.3 Characterization techniques 

3.3.1 Nuclear Magnetic Resonance (NMR) 

1H-NMR spectra were recorded using a Bruker spectrometer at 
300 MHz. Deuterated chloroform (CDCl3) was used as a solvent along 
with small amount of trifluoroacetic acid (TFA) to weaken the 
hydrogen bonds in the samples. Tetramethylsilane (TMS) was used as 
the reference peak for 1H-NMR analysis. 

3.3.2 Gel Permeation Chromatography (GPC) 

 Gel permeation chromatography was performed on the different 
samples obtained, with a Viscotek GPC Max from Malvern (UK) 
equipped with a Viscotek Triple Detector Array 302 including ultra-
violet (UV), refractive index (RI), differential viscometer (DV) and 
right-angle light-scattering (RALS) detector. The synthesized PEA 
samples were dissolved in HFIP at a concentration of 1.5 mg.mL-1, 
filtered with 0.2 mm Teflon filters, and injected at a rate of 0.8 mL.min-

1. The temperature of both the column and the detector was kept 
constant at 35 oC. 

3.3.3 Differential Scanning Calorimetry (DSC) 

DSC thermograms were recorded on a Mettler Toledo DSC821e 
equipped with the STARe software. Calibration of an instrument was 
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performed using Indium and Tin standards, covering the wide 
temperature range required for measuring the synthesized PEA 
copolymers (-90 to 300 oC). Polymer samples were dried overnight in 
a vacuum oven at 60 oC and 10 – 14 mg of samples mass were measured 
at 20 oC.min-1 under nitrogen for both cooling and heating 
thermograms. The temperature profile used for the measurement 
composed of temperature range starting from -80 to maximum 250 oC, 
the samples were held for 15 min. at 250 oC to obtain homogenous melt 
and erase sample history. The melting (!+) and the crystallization (!.) 
temperatures were respectively extracted from the second heating and 
first cooling runs. The degree of crystallinity was calculated from the 
experimental melting enthalpy corresponding to the value for neat T4T. 
Note that the thermograms (2nd heating step), were have been reshaped 
by means of baseline correction to obtain a flat baseline. 

3.3.4 Fourier-Transform Infrared Spectroscopy (FTIR) 

Infrared transmission spectra were recorded using a spotlight 
200i FT-IR spectrometer with a resolution of 4 cm-1. Microtome sample 
with 10 µ thickness was pressed in between dry KBr pellet and used for 
the measurements. Temperature-dependent FT-IR spectra were 
recorded at a temperature range between 30 oC and 200 oC, with 
controlled heating and cooling rate of 10 oC.min-1.  

3.4 Results and Discussion  

3.4.1 Synthesis of the monodisperse T4T-dioctyl HSs  

Monodisperse T4T-dioctyl HSs was prepared to use as a starting 
material for the synthesis of segmented copolymers. Figure 3.2 shows 
the synthesis scheme for T4T-dioctyl from DOT and DAB. An excess 
of DOT was used to promote the formation of pure T4T-dioctyl (4.3 
mol DOT/mol DAB). Sodium ethyl hexoxide solution was used as a 
catalyst. T4T-dioctyl precipitates out at room temperature from the 
reaction mixture in 24 h as a white precipitate. Apart from T4T-dioctyl, 
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the precipitate may also contain impurities like T4, T4T4T, DOT and 
2-ethyl hexanol similarly to T4T-dimethylester as explained in section 
3.2. The excess of T4, DOT and 2-ethyl hexanol were removed using 
precipitation of the crude reaction mixture in acetone. T4T4T tetra-
amide impurities were removed during the T4T-dioctyl 
recrystallization by filtration of the hot acetonitrile, as the tetra-amide 
is insoluble in the hot acetonitrile. The obtained pure T4T-dioctyl 
compound precipitated upon cooling down of the acetonitrile and was 
collected by filtration. The pure T4T dioctyl was dried overnight at 65 
oC in a vacuum oven to remove the solvent. Finally, the structural and 
thermal characterization of the T4T-dioctyl HS was done using NMR 
and DSC technique.  

 

 

Figure 3.2: Synthesis of T4T-dioctyl from DOT and DAB. 
 

3.4.2 1H-NMR – T4T-dioctyl 

The 1H-NMR spectrum corresponding to the T4T-dioctyl was 
measured in deuterated chloroform (CDCl3) with a drop of TFA. 1H-
NMR is presented in Figure 3.3 (a), protons are assigned in 3.3 (b) and 
chemical shifts are mentioned in Table 2. All peaks can be correlated to 
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the T4T structure, which suggests that indeed the T4T bisamide 
structure is obtained. In this respect, the absence of a peak at δ = 2.6, 
corresponding to the methylene protons next to the NH2 group of 
starting compound DAB and T4 impurity indicates the absence of these 
impurities in the final product. Moreover, DOT aromatic protons 
expected at δ = 8.10 as singlet shows splitting of DOT aromatic protons 
at δ = 8.09 and 7.88 with nearly equal integration ratio respectively. 
This confirms the absence of unreacted DOT and monosubstitution 
product of DOT (T4). On taking the integration ratio for 12 protons of 
CH3 group associated with DOT to the amide CH2 protons i.e. peak g:e, 
the ratio of 1:3 indicates the formation of T4T di-amide. In the case of 
formation of tetra-amide (T4T4T) structure, the integration ratio of g:e, 
should have been in the ratio of 1:1.5, which is not the case. Similarly, 
the integration ratio between the aromatic protons of DOT i.e. peak a:b, 
the 1:1 ratio signifies the formation of T4T di-amide. For the tetra-
amide structure, the ratio should have been 1:2. Thus, in order to 
confirm the absence of T4T4T tetra-amide impurities, low-resolution 
mass spectra was recorded using FINNIGAN MAT-TSQ70 
spectrometer with atmospheric pressure chemical ionization (APCI) 
and Electrospray Ionization (ESI). The mass spectra confirm the 
synthesis of pure T4T-dioctyl HSs, Figure 3.3 (c). HRMS (+ESI): T4T-
dioctyl (C36H53O6N2): [M+H]+ 609.3904 (calculated) 609.3898 
(measured); [2M+H]+ 1217.7650 (calculated) 1217.6635 (measured). 
However, the tetra-amide impurity T4T4T-dioctyl (C48H67O8N4): 
[M+H]+ 828.0760 (calculated) peak was found absent, confirming that 
the pure and monodisperse T4T-dioctyl HSs were synthesized. 
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Figure 3.3 (a): 1H-NMR spectra of the T4T-dioctyl compound. 
 

 

Figure 3.3 (b): Protons assigned for observed peaks of T4T-dioctyl 
compound. 

 
Table 2: Chemical shift with no. of protons and type of signal for 

T4T-dioctyl HS. 

Assigned 

protons 

Chemical 

Shift (δ) 
(ppm) 

No. of 

protons 
Type 

a 8.09 4 Doublet 
b 7.88 4 Doublet 
c 6.67 2 Triplet 
d 4.43 4 Doublet 
e 3.56 4 Quartet 
f 2.00 – 1.20 22 Multiplet 
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Figure 3.3 (c) : ESI-MS spectra of T4T HS 

 

3.4.3 DSC – T4T-dioctyl 

The 2nd heating thermogram corresponding to the T4T-dioctyl 
HS recrystallized from acetonitrile at 20 °C.min-1 is presented in Figure 
3.4. It shows a melting transition !+ at 128 °C and a crystallization 
temperature !. at 95 °C, with melting and crystallization enthalpy of 
77.89 J.g-1 and 69.58 J.g-1 respectively. The melting temperature for 
T4T-dioctyl is lower as compared to T4T-dimethyl (~260 oC),13 due to 
the presence of di-octyl bulky groups. This shows that the approach of 
using Ethylhexyl esters to reduce the melting point of the HS is very 
effective. The sharp crystallization and melting transition is due to the 
high purity of T4T-dioctyl HSs.  

g 0.95 12 Multiplet 
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Figure 3.4: Thermogram of the T4T-dioctyl compound performed at 
20 °C.min-1. 

3.4.4 Melt polycondensation of T4T-(PTMO650/DOT/PTMO250) 
copolymers 

 The T4T-dioctyl precursor was polymerized with hydroxyl 
functionalized PTMO of molecular weight 250 and 650 g.mol-1. In 
addition to the nature of the functional end groups, the molecular weight 
of the polyether has a significant influence on the reactivity. This was 
discussed by Deleens, who showed that at a molecular weight higher 
than 2500 g.mol-1, the incompatibility with the amide segment becomes 
hard to overcome.23 Therefore, dioctyl terephthalate was used as a chain 
extender to link the two low molecular weight polyethers and obtain 
long SS length. The polymerization route is shown in Figure 3.5. The 
polymerization took place by transesterification followed by a 
polycondensation reaction at 240 oC. The esterification step requires the 
reaction of one mole of hydroxyl end-groups with one mole of ester 
groups. The excess or shortage of one of the end-group would result in 
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a limitation of the molecular weight of the obtained copolymer. In order 
to avoid it, 10 mol% of PTMO 250 was added in excess to the 
polymerization process. The low molecular weight PTMO allows for 
the removal of any excess of OH groups during polycondensation and 
allows for a good stoichiometry and thus a high molecular weight 
polymer. Irganox 1330 (0.25%) was added as a stabilizer, to prevent the 
degradation of PTMO during polymerization and subsequent melt 
processing. During the transesterification, 2-ethyl hexyl ester end group 
of T4T HSs were transesterified with the hydroxyl end group of PTMO, 
to form the alcohol by-product (2-ethylhexanol), which was distilled 
off. After removal of 2-ethylhexanol the pressure was further reduced 
to carry out the polycondensation. As the reaction progressed, an 
increase in molecular weight was revealed by increased viscosity of the 
melt. Finally, the pressure was further reduced to remove the traces of 
2-ethylhexanol, an excess of PTMO (unreacted) to shift the reaction 
equilibrium to the right and to obtain a high molecular weight polymer. 
All polymerizations were proceeded to a constant torque of 
approximately 25 Ncm at 12 RPM to attain a similar and high molecular 
weight polymer. The obtained copolymers were transparent in nature 
and a homogenous melt at 240 oC, was obtained for all compositions 
i.e. 5, 10, 15 and 20% T4T-PTMO650/DOT/PTMO250 copolymers.  
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Figure 3.5: Schematic of the PTMO-T4T segmented copolymers. R 
stands for Octyl group. 

 

3.4.5 1H-NMR – PEA copolymers 

The 1H-NMR spectra corresponding to the T4T-
PTMO650/DOT/PTMO250 copolymers were measured in deuterated 
chloroform (CDCl3) with a drop of TFA. 1H-NMR for 20%HS is 
presented in Figure 3.6 (a), protons are assigned in 3.6 (b) and 
respective chemical shifts for all samples are mentioned in Table 3.   

 

 

Figure 3.6 (a): 1H-NMR spectra of 20% T4T-
PTMO650/DOT/PTMO250 copolymer. 
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Figure 3.6 (b): Protons assigned for observed peaks of T4T- 
PTMO650/DOT/PTMO250 copolymer. 

 
 

Table 3: Chemical shifts with peak integrals and type of signal for 
T4T -PTMO650/DOT/PTMO250 copolymers. 

Assigned 
protons 

Chemical 
Shift δ 
(ppm) 

20% 
HS 

integral 

15% 
HS 

integral 

10% 
HS 

integral 

5% HS 
integral 

Type 

a, b  8.08 4.06 4.05 4.03 4.01 Multiplet 

c 
7.89 – 
7.85 

1.52 1.10 0.71 0.35 Doublet 

d 4.36 4.00 4.00 4.00 4.00 Multiplet 

e, h 3.41 23.39 22.75 22.19 21.84 Multiplet 

f, g, i 
2.00 - 
1.00 

29.31 29.13 28.19 27.42 Multiplet 

 
1H-NMR spectra show the absence of methyl (CH3) protons at 

δ = 0.9 indicated the absence of octyl end group corresponding to 2-
ethylhexanol by-product and starting compounds like T4T HS and 
DOT.   This also indicates the efficiency of reaction in the formation of 
segmented T4T-PTMO copolymers. Among other peaks, well-
separated peaks and their integration ratio at δ = 4.36, due to methylene 
protons next to ester group; at δ = 7.89-7.85, due to aromatic protons of 
HS terephthalate group and at δ = 8.08, due to aromatic protons of DOT 
linker can be correlated to the T4T-PTMO copolymer structure. This 
also signifies that the HSs are intact. However, the possibility of other 
side reaction taking place cannot be ignored, such side reactions result 
in polymers of very low molecular weight. For nylon-4, T system 
Ballistreri et al.27 reported that the amide bonds undergo β-elimination 
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reaction, which results in primary amide end groups and unsaturated 
terephthalamide end groups. Further, dehydration of the primary amide 
undergoes formation of nitrile and water or transamidation respectively. 
Pilati et al.28 also reported that for alternating poly(ester amide)s 
undergo thermal degradation occurred by random cleavage (β-
elimination) of ester bonds. The peaks for side reaction products 
mentioned above are expected to overlap with that of peaks of T4T-
PTMO copolymers, but the integration ratio of HS protons to the SS 
protons indicates the absence of any kind of side reactions taking place. 
The small peak observed at δ = 3.65 corresponding to OH protons, 
indicating the polymer chains were hydroxyl end group functionalized. 

3.4.6 DSC and GPC analysis – segmented PEA copolymers 

 Thermal properties of all four segmented PEAs containing 5, 
10, 15 and 20%HS were measured using the DSC technique.The Figure 
3.7, represents the 2nd heating thermograms at 20 oCmin-1, 
corresponding to all four copolymer samples. The lowest temperature 
part of the thermograms remains essentially identical for all samples, 
showing the glass transition !" of the PTMO around -60 oC. Then, a 
small fraction of a SS melting is observed at -15 oC. It should be noted 
that the SS melting peak, slightly increases with decreasing %HS, due 
to larger PTMO strands between the adjacent HSs.14 On the other hand, 
at high temperature, the melting point !+ increases from 91.8 to 122.3, 
148.6 and 157.8 oC for 5,10,15 and 20% HS, respectively (see Table 4). 
Moreover, the thermograms contain “secondary” melting peaks at T ~ 
!+-30 oC, which are clearly visible for 10, 15 and 20% HSs, and which 
suggest a polymorphism of the T4T crystallites. The degree of 
undercooling ,! = !+ − !. is below 30 oC, which is low as compared 
to fast crystallizing PBT which has undercooling of 36 oC and indicates 
fast crystallization upon cooling from the melt.15 The degree of 
crystallinity for these materials were extracted by considering the melt 
enthalpy of 150 J.g-1 for pure T4T HS. The value of 150 J.g-1 is actually 
the melting enthalpy of the T4T-dimethyl precursor.14 This value was 
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found to be nearly equal to the value obtained according to the group 
treatment by Van Krevelen,16 who found a value of 57 KJ per mole of 
crystalline T4T units, corresponding to 150 J.g-1. This melting enthalpy 
value was also used in the past by Gaymans et al.14 to calculate the % 
crystallinity of T4T based PEA copolymers. Here, we apply the same 
method. Since the synthesized PEAs are also based on T4T HSs, 150 
J.g-1 melting enthalpy is used to calculate the % crystallinity (Xc) (see 
Table 4). Interestingly, one can also observe that increasing the HS 
density causes the shift of the “secondary” broad melting peak toward 
higher temperature, in a similar way as the main melting peak is shifted. 
This suggests that both melting processes are interdependent. Table 4 
also shows that the synthesized PEA samples are polydisperse (PDI = 
2) and possess a high average molecular weight. Since the molecular 
weight characteristics are similar for all samples, we can consider that 
the polymer properties are independent of molecular weight and 
polydispersity and will only differ due to a difference in HS content. As 
further discussed in Chapter 5, the variation in HS concentration plays 
an important role in defining the thermal transitions. Increase in HS 
concentration shows an increase in % crystallinity of the sample. HS % 
from 1H-NMR was calculated by considering the integration ratio of HS 
with that of SS, as HSs were added 20 wt% with respect to SS unit 
comprising of DOT and PTMO. The PTMO CH2 peak (d) and DOT 
aromatic protons (a) corresponds to 4 protons each. Thus, by taking the 
integration ratio of HS peak (b+c) to the SS peak (a+d) gives the value 
of %HS present in the polymer other than the added %HSs. Since the 
peak “a” and “b” is overlapping, the integration value of peak b can be 
obtained by subtraction, as we know the integration value from peak 
“a” corresponding to four DOT aromatic protons.  
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Figure 3.7: Thermograms of the neat PTMO and four corresponding 
segmented copolymers containing 5,10,15 and 20%HS at 20 oC.min-1. 
Data have been vertically shifted for clarity. 

 

Table 4: Physico-chemical information of neat PTMO, 5,10,15 and 
20%HS PEAs at 20 oC.min-1. 

HS 
(%) 

 HS % 
from 1H-
NMR** 

Mn 

g.mol-1 
Mw 

g.mol-1 
Mw/Mn 

 

#9 

(°C) 

#5 
(°C) 

#4 

(°C) 

Xc* 

(%) 

0 - 19000 38900 2.1 -61.5 - - - 

5 4.5 25200 48900 2 -59.1 91.8 64.5 2.6 

10 9.2 22800 44300 2 -58.8 122.3 100.1 6.3 

15 14.3 22500 43300 2 -57.9 148.6 119.8 9.3 
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20 19.7 19300 37600 2 -57.9 157.8 136.4 15.8 

 
*	Xc = (ΔHDSC/ΔHT4T) ∗ 100 where ΔHGHG=150 J.g-1 from.14 

**HS % from 1H-NMR =
IJKL"MNKIOJ	PNQRL	OS	TU	VLNW	SMO+	XYZ	([\.)

IJKL"MNKIOJ	PNQRL	OS	UU	VLNW	SMO+	XYZ	(N\])
	∗ 100  

3.4.7 FTIR – PEA copolymers 

 Temperature-dependent infrared spectroscopy for 5,10,15 and 20%HS 
samples were recorded to understand the temperature dependence of 
various temperature sensitive band throughout the IR spectrum. FTIR 
spectra for 10 and 20% are shown in Figure 3.8, the relevant bands in 
the region of 1540 cm-1 (C-N or N-H), 1630 cm-1 (C=O amide hydrogen 
bonded), 1670 cm-1 (C=O amide non-hydrogen bonded) and 3320 cm-1 
(N-H hydrogen bonded) respectively.29 Spectra also show the increase 
of the intensities of crystalline peaks for 10 and 20%HS samples, as a 
function of increasing HS concentration at 30 oC.  
 

 
Figure 3.8: FTIR spectra of 10 and 20%HS PEA sample at 30 oC 
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Figure 3.9: FTIR spectra of 20%HS PEA sample during 

heating from 30 °C to 200 °C. 
 
Polyamides or polymers containing polyamide show the crystal 

structure transformation on heating and cooling.17,18 Polyamide 66 was 
first reported to undergo a change from a triclinic to a pseudo-hexagonal 
crystal during the heating, known as Brill transition.19 The temperature 
at which this transition takes place was defined as Brill temperature. 
Polyamide 66 IR spectra show a change in Brill bands i.e. C-C skeletal 
stretching around 950 to 1100 cm-1. In addition, other bands include 
amide bands at 3300 to 3450 cm-1 (ordering and disordering of N-H 
stretching) and methylene bands at 2800 to 2950 cm-1 (CH2 α, β to N-
H or C-O).20  

In order to explore the possibility of change in crystal structure 
as a function of temperature, a systematic study was done on 20%HS 
sample from 30 to 200 oC. Figure 3.9 shows the change in the intensities 
of temperature sensitive peaks. At 30 oC, the hydrogen bonded amide 
peak observed at 1540 cm-1 was clearly due to C-N or N-H stretching, 
while the one at 1630 cm-1 was due to C=O aliphatic hydrogen bonded 
amide21 and the one at 3320 cm-1 was due to ordered hydrogen bonded 
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N-H stretching. All these peaks were important due to the strong 
absorbance observed. As the temperature was increased, the intensity 
of crystalline/hydrogen bonded peaks at 1540, 1630 and 3320 cm-1 
decreases, whereas the intensity of the amorphous/non-hydrogen 
bonded C=O amide peak at 1670 cm-1 showed an increase. Still, it was 
observed that the N-H band at 3200 cm-1 does not disappear completely. 
In fact, it shifts from 3320 cm-1 to 3420 cm-1, indicating the 
transformation of ordered (crystalline) hydrogen bonded N-H 
stretching to free (non-hydrogen bonded) N-H stretching in the melt. 
However, other bands which could be attributed to the change in HS 
crystal structure around 950 to 1100 cm-1 and 2800 to 2950 cm-1 were 
not observed. Thus, in Chapter 4, other techniques like SAXS and 
WAXS were used to study the structural organization of HS as a 
function of temperature in these materials.   

3.5 Synthesis of dumbbell PEAs 

3.5.1 Materials 

 1,4-Diaminobutane (DAB), methyl benzoate, acetone, diethyl 
ether (Et2O), methanol (MeOH), acetonitrile (MeCN) and triethylamine 
(Et3N) were purchased from VWR international. Dioctyl terephthalate 
(DOT) was purchased from Eastman Chemicals, poly(tetramethylene 
oxide) (PTMO) with an Mn of 650 and 250 g.mol-1 were purchased from 
BASF chemicals, Irganox© 1330 was purchased from Ciba. Sodium 
ethoxide (21 wt% in ethanol) with Acroseal© was purchased from 
Acros, Belgium. All chemicals were used as received. Sodium ethoxide 
21% in ethanol was used to prepare sodium 2-ethylhexoxide 1 molar 
solution by replacing the ethanol by 2-ethyl hexanol using a distillation 
setup. 
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3.5.2 Synthesis of monofunctional-T4T HS  

3.5.2.1 Step 1: Synthesis of N-(4-aminobutyl)benzamide  

 A round-bottomed flask was charged with 1,4 diaminobutane 
(DAB) (107.75 g, 1.22 mol), methyl benzoate (16.5 g, 0.12 mol) along 
with 21 wt% NaOEt ethanol catalyst (0.85 g, 0.012 mol ~10 mol% of 
benzoate ester) and a magnetic stirring bar connected to a nitrogen 
atmosphere through a condenser. The reaction mixture was heated to 
reflux at 65 oC with stirring for 24h in bulk. The excess of diamine was 
used to promote the formation of mono-acylation product (10 mol 
DAB/mol methyl benzoate). The reaction mixture was quenched using 
water (2 mL). After the reaction, the crude reaction mixture containing 
an excess of DAB, mono-acylated product, di-acylated product and 
methanol was mixed with water (200 mL) to keep excess of diamine 
soluble in water. Then chloroform (200 mL) was used as the organic 
phase to extract the mono-acylated product via solvent extraction 
method from the aqueous phase. After extraction, chloroform was 
efficiently and gently removed using a rotary evaporator to obtain 
extracted crude reaction mixture. A small portion of the extracted crude 
reaction mixture was dissolved in methanol for TLC (silica gel) 
analysis. The TLC separation analysis showed the presence of mono, 
di-acylated product and DAB components. Based on this, the eluent 
system was prepared by mixing the polar and non-polar components 
like Et2O/MeOH/MeCN/Et3N (5:2:2:1) in an appropriate volume ratio 
so that the Rf value of the mono-acylated product fell between 0.2 and 
0.4. The unreacted diamine remained at the origin and the di-acylated 
product (if any) had a Rf above 0.5.22 This developing solvent was then 
used as the mobile phase for flash column chromatography to obtain the 
mono-acylated product. The extracted crude reaction mixture was 
dissolved in the solvent mixture established by TLC (the volume of the 
solvent mixture was roughly 3 times of the reaction mixture) and loaded 
on a silica gel column, which was packed with the same eluent system. 
Eluting with the same solvent system gave pure mono-acylated product 
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after evaporation of the eluant in vacuo. The practical yield of the 
obtained mono-acylated product was 56.5%.  

3.5.2.2 Step 2: Synthesis of monodisperse T4T-mono-octyl HS 

 A round-bottomed flask was charged with the mono-acylated 
product (10.98 g, 0.05711 mol) and DOT (89.20 g, 0.2284). Sodium 
ethyl hexoxide 1 M solution (0.011 mol) was added as a catalyst and 
the reaction was carried out for 24 h at room temperature under a 
nitrogen atmosphere. The reaction mixture was subsequently quenched 
using 10 mL of water. The T4T-mono-octyl was precipitated using 500 
mL of acetone followed by washing with 150 mL and filtered. The 
crude T4T-mono-octyl ~26 g, was recrystallized from 300 mL hot 
acetonitrile and washed thrice with 25 mL of acetonitrile. The purified 
T4T-mono-octyl was finally dried overnight in a vacuum oven at 65 oC. 
The obtained practical yield of the T4T-mono-octyl product was 64%. 

3.5.3 Melt polycondensation of 20% T4T - 
(PTMO650/DOT/PTMO250) dumbbell PEA 

 The reaction was carried out in a glass vessel reactor with a 
nitrogen inlet, distillation setup and mechanical stirrer. The reactor was 
loaded with T4T-mono-octyl (13.3 g, 0.0293 mol), PTMO650 (24.85 g, 
0.0382 mol), PTMO250 (9.56 g, 0.0382 mol), DOT (18.39 g, 0.0471 
mol), Irganox 1330 antioxidant (0.125 g, 0.00015 mol) and Titanium 
catalyst (0.0288 g, 0.0037 mol) and heated to 240 oC under a reduced 
pressure of 500 mbar. Subsequently, the pressure was decreased to 10 
mbar over a period of 2.5 hours. With increasing the viscosity of the 
melt, the stirring rate was gradually reduced from 400 RPM to 100 
RPM.  The pressure was further reduced to 10 mbar in the next 3 hours, 
and the stirring rate was gradually reduced to 12 RPM. The system was 
then put under full vacuum (1 mbar) pressure for 1 hour. The 
polymerization was stopped at a constant torque of approximately 25 
Ncm at 12 RPM, similar to the segmented PEAs. The polymer was then 
removed from the reactor, quenched in water and finally dried overnight 
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in a vacuum oven at 65 oC. Similarly, the procedure was followed for 3 
and 5 wt% T4T HS copolymer synthesis by adjusting the amounts of 
the ingredients. 

 

Table 5: List of reactants with the amount in grams and moles used 
for the synthesis of 3 and 5%HS dumbbell samples.  

Reactants 
3%HS 5%HS 

(g) (mol) (g) (mol) 

T4T-mono-
octyl 

3.47 0.0293 7.54 0.0166 

PTMO650 41.17 0.0382 56.63 0.0871 

PTMO250 15.83 0.0382 21.78 0.0871 

DOT 47.97 0.0470 64.8 0.1659 

 

3.6 Results and Discussion  

3.6.1 Synthesis of T4T-mono-octyl HSs  

 T4T-mono-octyl HSs were synthesized by a two-step reaction. 
First, the mono-acylated product of diamine was synthesized, which in 
the second step was converted to T4T-mono-octyl HS. In the first step, 
a high molar ratio of diamine to methyl benzoate was selected (1:10) to 
avoid the formation of di-acylated product and improve the yield of the 
mono-acylated product. Figure 3.10 represents the schematic of mono-
acylation of symmetric diamine.  
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Figure 3.10: Mono-acylation of symmetric diamine (step-1). 
 

 

Figure 3.11: Reaction route used to synthesize T4T-mono-octyl HS 
(step-2). 

In the second step, the mono-acylated diamine was reacted with 
DOT in 1:4 molar ratio to avoid the formation of tetra-amide HSs. 
Figure 3.11 shows the reaction route of converting mono-acylated 
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diamine to T4T-mono-octyl. However, it must be noted that the 
possible formation of tetra-amide HS cannot be completely ruled out. 

3.6.2 1H-NMR – mono-acylated diamine and T4T-mono-octyl 
HSs 

The 1H-NMR spectrum corresponding to mono-acylated 
diamine was measured in deuterated methanol (CD3OD).15 1H-NMR 
for mono-acylated diamine is presented in Figure 3.12 (a), protons are 
assigned in Figure 3.12 (b). The disappearance of the peak 
corresponding to the CH3 protons next to ester group of methyl 
benzoate at δ = 3.89 and the presence of a peak corresponding to CH2 
(d in Figure 3.12 b) proton next to the amide group at δ = 3.39 confirm 
the formation of amide bond between the ester group of methyl 
benzoate and amine group of diamine. The presence of CH2 protons 
peak at δ = 2.6 next to the amine group (e in Figure 3.12 b) also confirms 
the formation of mono-acylated product and the efficiency of the 
reaction. The integral ratios of the different signals confirm that the 
mono-acetylated diamine is obtained. In case of formation of the di-
acylated product, the peak at δ = 2.6 should have been absent. The 
chemical shifts and no. of protons and their multiplicity are mentioned 
in Table 6.   

 
Figure 3.12 (a): 1H-NMR spectra of N-benzoyl-1,4 Diaminobutane 

(mono-acylated diamine) in CD3OD.  
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Figure 3.12 (b): Protons assigned for mono-acylated diamine. 

 
Table 6: Chemical shift with no. of protons and type of signals 

observed for mono-acylated diamine. 
Assigned 

protons 

Chemical 

Shift δ (ppm) 

No. of 

protons 
Type 

a 7.8 2 Doublet 
b, c 7.5 3 Multiplet 
d 3.4 2 Triplet 
e 2.69 2 Triplet 
f 1.56 2 Multiplet 
g 1.52 2 Multiplet 

 
1H-NMR for T4T-mono-octyl HS is presented in Figure 3.13 

(a), protons are assigned in Figure 3.13 (b) and chemical shift are 
mentioned in Table 7 respectively. The absence of a peak corresponding 
to NH2 protons at δ = 2.69 proves the efficiency of the reaction between 
the ester group of DOT and mono-acylated product. In addition, the 
CH3 protons peaks associated with the octyl side group corresponding 
to six protons, indicate the mono-substitution of octyl group to the T4T 
structure. The integration ratio of peak ‘h’ and ‘i’ also confirms the 
presence of one octyl group linked terephthalate moiety. The splitting 
of two NH protons at δ = 6.8 and 6.5 (f and g) with equal integration 
ratio, due to the different surrounding chemical environment also 
confirms T4T-mono-octyl HS structure as shown in Figure 3.13 (b).  
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Figure 3.13 (a): 1H-NMR spectra of T4T-mono-octyl HS in CDCl3. 

 

Figure 3.13 (b): Peak assignment of protons for T4T-mono-octyl HS. 
 
Table 7: Chemical shift and assigned proton for T4T-mono-octyl HS. 

Assigned 

protons 

Chemical Shift 

δ (ppm) 

No. of 

protons 
Type 

a 8.1 2 Doublet 
b 7.7 2 Doublet 
c 7.9 2 Doublet 

d,e 7.5 3 Multiplet 
f 6.8 1 Triplet 
g 6.5 1 Triplet 
h 4.3 2 Doublet 
i 3.5 4 Triplet 
j 2.0 to 1.2 13 Multiplet 
k 0.9 6 Multiplet 
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3.6.3 DSC – T4T-mono-octyl HS 

The 2nd heating thermogram corresponding to the T4T-mono-
octyl HS at 20 °C.min-1 is presented in figure 3.14. T4T-mono-octyl HS 
shows melting transition !+ at 141 °C with melt enthalpy of 83.38 J.g-

1 and crystallization temperature !. at 136 °C. An increase in melting 
and crystallization temperature and enthalpy was observed, compared 
to T4T-dioctyl (!+= 128 oC with ,2+ = 77.89 J.g-1 and  !.= 95 oC). 
This is due to the presence of one bulky octyl group resulting in less 
steric hindrance as compared to of the T4T-dioctyl with two bulky octyl 
group. Moreover, the degree of undercooling (,!+ 	= 	!+ − !.) for 
T4T-mono-octyl HS is also low, indicating the fast crystallization as 
compared to T4T-dioctyl HS.   

 

Figure 3.14: Thermogram of the T4T-mono-octyl compound 
performed at 20 °C.min-1. 
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3.6.4 Melt polycondensation of T4T-mono-octyl-

(PTMO650/DOT/PTMO250) Dumbbell PEA 

 The T4T-mono-octyl precursor was polymerized with hydroxyl 
functionalised PTMO of molecular weight 250 and 650 g.mol-1. DOT 
was used as a chain extender to link the two low molecular weight 
polyethers and obtain long SS length. The condensation polymerization 
route is shown in Figure 3.15. The polymerization takes place by 
transesterification followed by a polycondensation at 240 oC. The 
esterification step requires 1:1 molar ratio of hydroxyl end-groups to 
that of ester end-groups. Since T4T HSs were mono-functionalized with 
ester group, which can react with hydroxyl end group to have the 
terminal position of the polymer chain. Irganox 1330 (0.25%) was 
added as a stabilizer, to prevent the degradation of PTMO during 
polymerization and subsequent melt processing. During the 
transesterification, 2-ethyl hexyl ester end group of mono-functional 
T4T HSs were transesterified with the hydroxyl end group of PTMO to 
obtain the alcohol by-product (2-ethylhexanol), which was distilled off. 
After removal of 2-ethylhexanol the pressure was further reduced to 
carry out the polycondensation. Finally, the pressure was further 
reduced to remove the traces of 2-ethylhexanol, an excess of PTMO 
(unreacted) to shift the reaction equilibrium to the right. The reaction 
was stopped when the expected amount of distillate (alcohol) was 
collected, indicating the completion of the polymerization of dumbbell 
PEAs. Thus, dumbbell PEA with 5 and 20wt% were synthesized just 
like segmented PEAs, so that the thermal and viscoelastic properties of 
dumbbell PEAs can be compared with the segmented PEAs to 
understand the influence of polymer chain architecture. As mono-
functional HSs were used, which reacts to ensure terminal position, 
establishing the dumbbell architecture of the polymer. Also, due to 
mono-functionality of HSs stoichiometrically equal amount of PTMO 
hydroxyl end groups are required. Whereby reducing the molecular 
weight of the dumbbell PEAs with increasing the amount of HSs. Due 
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to decrease in molecular weight of the polymer ultimately SS 
entanglement is also reduced thus providing an opportunity to study the 
effect of SS entanglements on the viscoelastic properties. Therefore, 
dumbbell PEA with 3%HS was also synthesized, having the maximum 
number of SS entanglement in addition to 5 and 20%HS polymers. 
 

 

Figure 3.15: Schematic of the T4T-PTMO dumbbell copolymers. R 
stands for the 2-ethylhexyl group. 

3.6.5 1H-NMR – Dumbbell PEA copolymers 

The 1H-NMR spectrum corresponding to the T4T-
PTMO650/DOT/PTMO250 dumbbell samples were measured in 
deuterated chloroform (CDCl3). 1H-NMR for 20%HS dumbbell 
copolymer is presented in Figure 3.16 (a), protons are assigned in 
Figure 3.16 (b) and chemical shift are mentioned in Table 8 
respectively. 
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Figure 3.16 (a): 1H-NMR spectra of 20% T4T- 
PTMO650/DOT/PTMO250 dumbbell in CDCl3. 

 

 

Figure 3.16 (b): Protons assigned for T4T- PTMO650/DOT/PTMO250 

dumbbell PEAs. 
 

Table 8: Chemical shift, with peak integral and type of signal 
observed for T4T- PTMO650/DOT/PTMO250 dumbbells PEAs. 

Assigned 

protons 

Chemical 

Shift (δ) 

(ppm) 

20%HS 

integral 

5%HS 

integral 

3%HS 

integral 
Type 

a 8.1 4.00 4.06 3.94 Singlet 

b, c 7.8-7.7 1.84 0.37 0.23 Doublet 

d, e 7.5-7.4 1.44 0.29 0.14 Triplet 
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f 4.3 4.00 4.00 4.00 Triplet 

g 3.4-3.2 26.48 20.21 19.59 Multiplet 

h 2.0-1.3 33.67 30.84 26.02 Multiplet 

 

 It can be observed from 1NMR spectra that no change in the 
peak positions standing for mono-functional HS is taking place, except 
at δ = 0.9. The absence of methyl CH3 peak at δ = 0.9 due to octyl group 
of mono-functional HS and the appearance of a peak at δ = 8.1 due to 
protons of DOT indicates the high efficiency of the reaction. The 
aromatic protons of DOT (peak a) and methylene (CH2) protons next to 
the ester group (peak f), show equal integration ratio, indicating the 
PTMO covalently bonded to HS and DOT moiety. All the other peaks 
related to the mono-functional T4T HSs didn’t show any change, which 
indicates that the HSs were intact. However, the OH proton peak at δ = 
3.65 indicates the presence of hydroxyl end group chain ends. 
Therefore, it becomes necessary to know the chain composition of 
dumbbell samples, using GPC and 1NMR data. As 1NMR spectra were 
recorded on 300 MHz, the quantification of data is not optimal but 
tentative polymer chain composition can be estimated.  
 
The number average mol. wt. can be calculated using eqn. 1 
 
^_ = ( ÛU 	∗ #unit) + fTU ∗ 324	                ….. equation 1 
 
where MSS is the mol. wt. of SS repeating unit and #unit is no. of these 
SS repeating units. Since each repeating unit contains one DOT (of 
mass 150 g.mol-1) and one PTMO segment (of the average mass of 450 
g.mol-1), MSS is estimated to be equal to 600 g.mol-1. 
The probability pHS represents the probability for a chain end to be 
terminated by an HS, of the molar mass of 324 g.mol-1. 
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From the NMR data of this dumbbells sample containing around 20wt% 
of HS, it is found that the number of HS present in the sample is 1.5 
times smaller than the number of SS repeating units (#unit): 
  

                     #HS = #ijkl

m.o
= 0.66 #units 

 
Therefore, combining this information with the results from the GPC 
data, according to which the average molar mass of the chains is equal 
to 2300 g.mol-1, we find that: 
 
2300	q//rs = (600	g/mol ∗ #unit) + (324

x

yz{
∗ 0.66 ∗ #unit)	. 

Thus: 

#unit =
2300

g
mol

813.84
g
mol

= 2.82.	 

 
From this last result, the average number of HS per chain can be 
estimated: 
 
#HS = 0.66 ∗ 2.82 = 1.861. 
 
This allows us to determine the probability to find an HS at the 
extremity of a chain: 
}TU =

m.~�m

Ä
∗ 100 = 93%	. 

From this probability, we can easily determine the proportion of chains 
ended by an HS at each of its extremities, which is equal to (0.9305)2 = 
86.5%. On the other hand, the proportion of chains with no HS at its 
extremities is equal to (1 - 0.9305)2 = 0.48% of the sample, while the 
remaining chains, which represent 13.02% of the sample, contain only 
one HS.  
 



         Synthesis of well-defined T4T-PTMO copolymers 
 

 
 

108 

Similarly, for 3% dumbbell sample, we find that the sample contains 
9.1% of polymer chains with two HS at their extremities, 48.7% of 
polymer chains with zero HS and 42.18% of the polymer chain with 
only one HS at an extremity. 
 
For 5% dumbbell sample, the sample contains 17.4% of polymer chains 
with two HS, 33.9% of the polymer chain with zero HS and 48.7% of 
the polymer chain with only one HS.   
We can, therefore, conclude that the probability of end-capping the 
chains with an HS decreases when the length of the chains increases. 

3.6.6 DSC and GPC analysis – Dumbbell PEAs copolymers 

 Figure 3.17, represents the thermograms, corresponding to 3, 5 
and 20%HS dumbbell PEAs. All three samples show a value of !" 
around -60 oC irrespective of change of polymer chain architecture and 
amount of HS like segment PEAs. However, only 20%HS sample 
shows the melting of PTMO SS around 0 oC, probably due to induced 
crystallization by, the shorter chain length of SS compared to the other 
samples. In the high-temperature region, an increase of the melting 
point !+ from 74.2 to 136.5 oC is observed for the dumbbell samples as 
HS concentration is increased from 3 to 20%. Furthermore, the 20%HS 
sample shows a broad and multiple melting transitions, probably due to 
the formation of the different crystal structure. The broad melting nature 
of 20%HS sample is further discussed in chapter 7. However, in 
comparison to the segmented PEAs, the 20%HS dumbbell sample 
shows a significant decrease in !+, from 156 oC to 136 oC. The reason 
for this decrease is not clear. Moreover, it was difficult to determine the 
melting temperature (!+) for 3%HS sample as melting transition 
appears broad, probably due to the formation of small crystallites or too 
weak association of the HSs. 
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Figure 3.17: Thermograms of the dumbbell copolymers containing 3, 
5, 20%HS at 20 oC.min-1. Data have been vertically shifted for clarity. 

 
In Table 9, the physico-chemical information corresponding to 

the 3, 5 and 20% dumbbell PEAs are presented. All three samples have 
a polydispersity of around 2, as expected for polycondensates. As 
mono-functional HSs forms the chain end group, therefore more the 
%HS, short will be the chain length. Thus, all three samples show 
different molar mass as shown in the table. The origin of the slightly 
lower value found for the 20%HS dumbbells is not clear. One can note 
that the undercooling ,! = !+ − !. for these samples were around 10 
oC for 20%HS, whereas it is 17 oC for 3%HS, however, these values are 
very low as compared to the segmented PEAs sample, highlighting the 
faster crystallizing nature of dumbbell PEAs as compared to the 
segmented PEAs. 
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Table 9: Physico-chemical information of 3, 5 and 20%HS dumbbell 
PEAs at 20 oC.min-1. 

HS 
(%) 

HS % 
from 

1H-
NMR** 

Mn 

(g.mol-1) 
Mw 

(g.mol-1) 

Mw/
Mn 

 

#9 

(°C) 

#5 
(°C) 

#4 

(°C) 
6# 
(oC) 

3 2.8 6150 12300 2.0 
-

59.8 
74.2 57.1 17.1 

5 4.6 5190 10400 2.0 
-

58.9 
65-
95* 

85.0 - 

20 23 2300 3450 1.5 
-

58.0 
135.6 124.8 10.8 

*Broad melting peak, difficult to recognise the melting temperature.   
 

**HS % from 1H-NMR =
IJKL"MNKIOJ	PNQRL	OS	TU	VLNW	SMO+	XYZ	([\.)

IJKL"MNKIOJ	PNQRL	OS	UU	VLNW	SMO+	XYZ	(N\S)
∗ 100  

3.7 Summary 

Segmented PEA copolymers based on monodisperse di-amide 
T4T HSs and PTMO SSs were synthesized using melt 
polycondensation reaction. Melt polycondensation of T4T-PTMO 
copolymer was possible due to a low melting temperature of T4T-
dioctyl HSs, compared to T4T-dimethyl HSs. The characterization 
techniques like 1H-NMR, DSC and mass spectroscopy, confirmed the 
synthesis of T4T-dioctyl HSs with high purity and were monodisperse 
in nature. The concentration of these T4T HSs were systematically 
varied from 5 to 20wt% in order to synthesize a series of four segmented 
T4T-PTMO PEA copolymers. Figure 3.18 shows the cartoon 
representation of four segmented PEA samples. The structural and 
physio-chemical characterization of segmented PEA copolymers were 
determined using 1H-NMR, GPC, FTIR and DSC techniques. Apart 
from structure 1H-NMR confirmed that the amount of HS present in the 
copolymers were equal (± 1%) to the amount of HSs added to the 
reaction. The melting and crystallization transition of copolymers were 
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found to be dependent on the concentration of the HSs present. The 
melting transitions were found to be broad and complex for all the four 
copolymers. GPC confirmed that the obtained copolymers were of 
equal and high molar mass to achieve good elastic and mechanical 
properties, thereby making the polymer properties only dependent on 
the amount of HS content. The undercooling ,! (!+ − !.) value in the 
range of 20 to 30 oC, indicates the fast crystallizing nature of the 
segmented copolymers as compared to other to fast crystallizing 
polymers. 

 
Figure 3.18: Cartoon representation of synthesized segmented PEAs 

containing 5, 10, 15 and 20%HS. 
 

Similar to the segmented PEAs, dumbbell PEA copolymers 
were synthesized in order to understand the influence of polymer chain 
architecture and SS entanglements on viscoelastic and thermal 
properties of copolymers. The dumbbell copolymers based on di-amide 
mono-functional T4T HSs and PTMO SSs were also synthesized using 
melt polycondensation reaction. The T4T-mono-octyl HS was 
characterized by 1NMR and DSC, the synthesized T4T-mono-octyl HS 
was found to be pure and monodisperse in nature. Three sets of 
dumbbell copolymers containing 3, 5 and 20wt%HS were synthesized, 
and structure of dumbbell copolymers were characterized using 1H-
NMR, GPC and DSC techniques. Figure 3.19 show the cartoon 
representation of three dumbbell PEA samples.  
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Figure 3.19: Cartoon representation of synthesized dumbbell PEAs 

containing 3, 5 and 20%HS. 
 

From 1H-NMR the amount of HSs incorporated in copolymers 
were calculated and the concentration of the HSs in copolymers were 
found to be close (± 1%) to the amount of HSs added to the reaction, 
except for 20%HS dumbbell copolymer, where the %HS amount was 
found to be little higher (23%HS), which indicates the presence of some 
unreacted (free) HSs. GPC data showed the molar mass for dumbbell 
copolymers were decreasing with increase in the %HS content. 1H-
NMR and GPC data were used together to estimate the polymer chain 
composition i.e. chains with two HS at the extremities, chains with one 
HS and chains with no HS. DSC data reveals the increase in the melting 
and crystallization temperature as the amount of HS concentration is 
increased. The undercooling ,! = !+ − !. for these samples were in 
the range of 10 to 20 oC, which are low as compared to the segmented 
PEAs sample. 
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The content of this chapter has been published in Polymer 107 (2016): 

89-101. The contribution of author is limited to synthesis and thermal 

analysis of all five TPEs sample. This chapter provides understanding 

of structure organisation in segmented TPEs used, thus useful to 

understand the results of next chapters.  

 Multiscale Organization of 

Thermoplastic Elastomers with varying 

content of Hard Segments 
Abstract 
Thermoplastic elastomers (TPEs) based on segmented block-

copolymers containing poly (tetramethylene oxide) (PTMO) and 

terephthalate-based diamide groups (T4T) were synthesized via 

polycondensation. While PTMO is known to be flexible and amorphous 

at rest, the more rigid T4T crystallized in different ways depending on 

both chain composition and sample preparation conditions. Increasing 

the content of hard segments (HS) from 5 to 20% in weight leads to a 

substantial increase of the melting point Tm by more than 60 °C. We 

have systematically investigated the multiscale (1 Å - 50 nm) 

organization of the HSs (of fractions from 5% to 20%) by means of 

DSC, WAXS and (ultra) small angle X-ray scattering (U)SAXS.  By 

increasing HS content, hence the rigidity of the chain, scattering 

experiments unambiguously show the formation of bigger and better-

defined ribbon-like crystallites, as well as the densification of the 

network they form. We propose a scenario for rationalizing the local 

T4T-HSs packing and the crystallites anisotropy at the mesoscale (1 – 

10 nm) for HS fraction above 5%. Moreover, following in-situ the 

crystallization of TPEs with large HS fraction (20%), we highlight the 

presence of “persistent aggregates” present at !>!+ and study the 
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ribbon-like crystallites growth mechanism during cooling from the melt 

state.  

4.1 Introduction 

The name “thermoplastic elastomer” (TPE) refers to polymeric 
materials exhibiting a dual rubber/melt rheological behavior as opposed 
to classic vulcanized rubbers.1,2 Their high elasticity and flexibility at 
operating temperature (-50 to 50°C) reflects thermo-reversible phase 
separation,1 which gives rise to rubber-like properties without involving 
chemical crosslinks. This reversibility makes the TPEs good candidates 
for a more sustainable rubber production (recycling of vulcanized 
rubber is difficult and marginal)2, in particular in terms of reshaping and 
recycling many daily consumer goods. Since the 1960’s, a wide variety 
of industrial relevant TPEs have been synthesized.3 One of the most 
popular examples is the PS-PB-PS tri-block copolymer4 where the 
segregation of the PS blocks forming rigid subdomains confers rubber-
like mechanical properties to the material. While the general phase 
separation mechanism of these systems is understood, it stays crucial 
for the industry to be able to control and tailor their properties in order 
to use them in many different applications. This requires being able to 
control the transition from their melt to their gel state (and vice versa) 
in terms of both temperature and mechanical properties. In this 
direction, rather than letting the (in)compatibility of the two blocks 
controlling phase separation kinetics and final morphology,5 
researchers have developed new generations of TPEs based on 
supramolecular interactions, which involve new parameters to tailor the 
properties of such samples. One of the most popular approaches is the 
synthesis of segmented (or multi-block) copolymers with flexible units 
made of poly (tetramethylene oxide) (PTMO) linear motifs (soft-
segments “SS”) and rigid units (hard-segments “HS”) based on urea,6 
urethanes7 or amide groups, as thoroughly studied by Gaymans.8 The 
latter segmented copolymers are of particular interest due to their ability 
to generate multiple hydrogen bonds through the amide (i.e. N-H vs. 



                                                                                Chapter 4 

 
 

119 

C=O) groups, enhancing the aggregation and/or crystallization of the 
rigid segments in a similar way as in the well-known polyamides PA6 
and PA66 Nylons.9 In this context, several studies have shown the 
importance of monodisperse HSs which crystallize8, 10 by forming a 
regular ribbon-like structure (elongated soft objects), providing to the 
material tunable rheological properties as well as enhanced thermal and 
chemical stability. Monodisperse HSs also ensure a very fast 
crystallization upon cooling and a high melting temperature. 
Furthermore, using short and monodisperse HSs allows reducing 
liquid-liquid demixing of the hard and SSs when reducing temperature, 
while keeping a high rate of crystallization.11  

So far, a lot of effort has been put on the description of the 
thermomechanical properties,12 the identification of the crystalline 
phases13 as well as the synthesis of new SS/HS motifs14 with the key 
result being the systematic raise of both melting point and plateau 
modulus with increasing the HS content. However, many questions 
remain about the structure at the mesoscale level (5-100 nm) of the 
crystalline hard phase, which is a difficult task for semi-crystalline 
polymers. Nevertheless, this is of central importance for understanding 
their mechanical and viscoelastic behavior. The most frequently used 
techniques for determining the structure of such TPEs at the mesoscale 
level are atomic force microscopy (AFM)15 and transmission electronic 
microscopy (TEM)16 applied on solvent casted films. However, while 
they reveal interesting structures,6b, 16-17 one needs to account for the 
fact that the observed organization strongly depends on the protocol 
used to prepare the sample. Indeed, structure in solvent casted films 
significantly differs from the one of the samples processed by extrusion 
from the melt state (without solvent), i.e. the ones of interest for 
studying viscoelastic and mechanical properties as well as for 
developing possible applications (3D printing, fibers production…). 
The latter, in fact, seem to be characterized by a more complex 
organization, in which the crystallites are likely more polydisperse and 
less aligned, hardly accessible with those techniques.6a 
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Small Angle X-ray (or Neutron) Scattering (SAX(N)S) is 
widely employed18 but often limited to the observation of the inter-
crystallite distance17 except for the extensive and inspiring work by 
Sijbrandi et al.13 which provides a quantitative analysis of the crystal 
lattice as well as the mesoscale (hexagonal) structure of polyamide 
based ribbon crystallites. Moreover, the scattering cross section per unit 
sample volume, or “scattering intensity” É(Ñ), is almost exclusively 
expressed in arbitrary units (rather than absolute units) limiting de facto 
the structural analysis to the extraction of typical distances in the 
materials (along the Ñ axis), i.e. ignoring the mass of the scattering 
objects required to establish a coherent model. Then, because of the 
very short (yet monodisperse) length of HSs, one cannot use the 
available molecular theory for similar block-copolymers19 where phase 
segregation appears at high values of the Flory-Huggins parameter 
(Öc) ≈ (Öc). (where (Öc). is the critical value for spinodal 
decomposition with Ö the degree of polymerization). Indeed, it does 
not seem suitable for quick crystallization processes generating phase 
separation on a micrometer scale.  

Going further in the employment of SAXS, one could model 
ribbon-like objects by using the form factor of semi-flexible chains with 
self-avoidance calculated by Pedersen et al.20 This method, which has 
been successfully used by Hamley et al.21 for wormlike micelles having 
a fractal dimension of  Df ≈ 1.7, allowed the authors to determine 
directly the contour length, the persistence length and the cross-
sectional radius of such elongated structure. However, this model lies 
on the fact that such objects do not interact with each other, i.e. that 
their volume fraction must be kept smaller than 1 vol%, far from the 
type of samples investigated in this work (ca. 5 to 20%v). 

Thus, despite the above developments, many questions still 
need to be addressed in order to understand and control the structure of 
these TPEs, processed in the melt state. They concern, in particular, (i) 
the local packing of the T4T units leading to polymorphic crystals, (ii) 
the crystallites shape and their orientation at the mesoscale being of 
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great interest for the rheology comprehension and (iii) the growth 
mechanism from the initial state (melt or in solvent). In this context, the 
key goal is to develop criteria for designing TPE materials with desired 
performances easily processable at the industrial scale. 

The objective of this work is to combine DSC, WAXS and 
(U)SAXS techniques in order to investigate the multiscale structure of 
segmented copolymers with a monodisperse hard-segment made of 
T4T diamide consisting mainly in two terephthalate “T” groups 
separated by four “4” carbon atoms.22 (Other “T-amides” groups are 
reported in the literature).23 In particular, we would like to study the 
influence of the HS density on the crystallization and melting of such 
TPEs. The HS is characterized by a high melting (or crystallization) 
temperature, e.g., close to Tm = 158°C (or Tc = 136°C )24 for 20%HS in 
the chains. On the other side, the SS is made of a sequence of 3 and 8.6 
PTMO motifs (respectively called PTMO250 and PTMO650) between 
which a terephthalate group is intercalated to limit their crystallization 
(see chapter 3). Based on these two elementary building blocks, we 
prepared four different copolymers (following a Flory-type statistic) by 
adjusting the HS nominal mass fraction to 5, 10, 15 and 20%. The 
average molar mass of the SSs is varied from 6840 g/mol (5%HS) to 
3299 g/mol, (10%HS), 2078 g/mol (15%HS) and 1470 g/mol (20%HS) 
so that the total molecular weight of the four TPEs remain comparable 
(see Table 1).  

The outline of the chapter is as follows. After the materials and 
methods description in section 4.2, the results are presented and 
discussed in section 4.2.3. DSC thermograms of the four TPEs and the 
neat PTMO are provided in section 3.1. The analysis of the crystal 
lattice using WAXS is presented in section 3.2, where new arguments 
to rationalize the T4T diffractograms are provided. Finally, section 3.3 
is devoted to the (U)SAXS experiments in which we propose a method 
to determine the “micro-” (<10 nm) and “meso-” (10-50 nm) scale 
structure of the ribbons-like crystallites. In this last part, we also 
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propose a growth mechanism based on time resolved SAXS 
measurements performed between !+ and !.. 

4.2 Material and methods 

4.2.1 Materials 

 All the five segmented TPEs samples containing 0, 5, 10, 15 and 
20%HSs were used for this work. The synthesis of these TPEs sample 
and corresponding characterization information is mentioned in chapter 
3. 

4.2.2 Samples preparation  

The samples measured in DSC, WAXS and (U)SAXS were 
prepared either by hot pressing or solvent casting. In the former case, 
ca. 0.5 g of TPE was molten in a vacuum hot press at !++10°C applying 
0.5 tons weight for 30 minutes and subsequently quenched in ice. In the 
latter case, the TPE was dissolved for 12 hours in Tetrahydrofuran 
(THF) or Hexafluoroisopropanol (HFIP) and subsequently dried by 
evaporating the solvent at room temperature for 48 hours before to be 
dried one week under vacuum at room temperature. 

4.2.3 Differential Scanning Calorimetry (DSC)  

DSC measurements were performed using method explained in 
chapter 3, section 3.3.3. The thermograms are presented in Figure 4.1, 
note that the data have been corrected in order to have a flat baseline. 
The physico-chemical data is once again represented in Table 1.  

 
Table 1: Physico-chemical characterization related with the TPEs 

studied.  

%HS 

(%) 

Mn(PTMO)* 

(g/mol) 
<N>**  

Tg
SS

 

(°C) 

Tm 

(°C) 

Tc 

(°C) 

Xc
*** 

(%) 

5 6840 4 -59.1 91.8 64.5 2.6 
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10 3299 7 -58.8 122.3 100.1 6.3 

15 2078 11 -57.9 148.6 119.8 9.3 

20 1470 11 -57.9 157.8 136.4 15.8 

* Average molar mass of the PTMO segments between two successive 
HS as calculated based on the synthesis. 
** Average number of HS per chain calculated from %HS and Mn.  
*** Crystal weight fraction from DSC calculated via Xá = (ΔHàâä/

ΔHGHG) ∗ 100 where ΔHGHG=150 J.g-1 from ref.25 

4.2.4 WAXS   

Wide Angle X-ray Scattering experiments were performed on a 
Rigaku DMAX 12kW setup with λ=1.54 Å. The beam size was 1 cm x 
1 mm. We limited the angle range from 2θ = 1.5° to 35° (corresponding 
to q = 1 nm-1 to 25 nm-1) where the signature of all the crystalline phases 
and the amorphous broad peak were observable.  

4.2.5 USAXS and SAXS   

We performed USAXS and SAXS measurements on the beam 
line ID02 at the ESRF in Grenoble, France. The four samples made of 
segmented block copolymers containing 5, 10, 15 and 20%HS have 
been measured. Their respective thicknesses were 0.44, 0.81, 0.66 and 
1.03 mm. We used two sample-detector distances, 1 m (SAXS) and 30 
m (USAXS) with l=1.1 Å allowing to obtain information over 4 
decades in scattering vector Ñ⃗ (10-3 to 10 nm-1) corresponding roughly 
in the real space to 1 μm to 1 Å. The beam was rectangular with an 
approximate size of 0.1 x 0.2 mm2. The well-defined configuration of 
this experiment associated with the measurement of the empty beam 
gave us the possibility to access the true sample scattering in absolute 
units. 

In order to complement this data, we also performed SAXS 
measurements with temperature control on the beam line DUBBLE at 
the ESRF by using a Haake rheometer equipped with Vespel® parallel 
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plates (no solicitation was applied). The incident horizontal X-ray beam 
was 90° deviated in order to pass vertically through the rheometer cell 
(two Vespel plates + sample) and the emerging scattering intensity was 
measured from the top of the setup, as in ref.26 For the detection of 
anisotropic scattering patterns, the novel LAMBDA detector, a 2D 
photon counting detector, developed at DESY, Hamburg, Pennicard et 
al.27 was used. The LAMBDA has a high spatial resolution with a pixel 
size of 55 x 55 μm2, a high quantum efficiency close to 100%, and a 
high speed acquisition of up to 2000 frames/sec27 at 1.6 m from the 
sample and using a wavelength of 1.53 Å. Note that the data measured 
from DUBBLE were then rescaled to the ID02 ones in order to access 
the absolute units (see the procedure in Figure S4 of supplementary 
information). 

4.3 Results and Discussion 

4.3.1 Calorimetry 

In Figure 4.1 we present the thermograms corresponding to the 
four hot-pressed TPEs containing 5, 10, 15 and 20%HS for which the 
baseline has been forced to be horizontal (see. section 2). On one hand, 
the lowest temperature part of the thermograms remains essentially 
identical showing the glass transition of the PTMO  at -60 °C (!"UU) and 
the melting of a small fraction of it close to -15 °C (!+UU). One can note, 
here, the slight increase of this peak with decreasing %HS likely due to  
larger PTMO domains.25 On the other hand, the highest temperature 
part reveals a clear increase of the HS crystallites “terminal” melting 
point Tm from 91.8 to 122.3, 148.6 and 157.8 °C for 5, 10, 15 and 
20%HS, respectively (see Table 1).  

Moreover, the thermograms contain “secondary” melting peaks 
at T≈Tm-30 °C, which are clearly visible for 10, 15 and 20%HS, 
suggesting a polymorphism of the T4T crystallites in agreement with 
the complex diffractograms presented in Figure 4.2a below. From the 
broadening of this secondary peak at lower temperature with increasing 
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%HS, one could also speculate on the presence of the glass transition 
temperature of a small fraction of residual amorphous T4T domains28 
(particularly for 20%HS around 20 °C), satisfying the well-known ratio 
Tg/Tm ≈2/329. This would thus suggest that the HS crystallization is not 
fully complete for these samples, in agreement with the enthalpy of 
melting (~ area under the curve) from which the degree of crystallinity 
can be extracted (see Xc Table 1).  

 

 

Figure 4.1: Differential Scanning Calorimetry thermograms of the neat 
PTMO (0%HS) and the four corresponding segmented block 
copolymers containing 5, 10, 15 and 20%HS. The different Tg

SS, Tc (not 
shown here) and Tm are reported in Table 1. Data have been vertically 
shifted for clarity. 
 

Interestingly, one can also observe in Figure 4.1 that increasing 
the HS density causes the shift of the “secondary” broad melting peak 
toward higher temperature in a similar way than the sharper one 
suggesting therefore that both melting processes are inter-dependent.  
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4.3.2 Crystal Structure – WAXS  

4.3.2.1 Analysis of scattering intensity and the role of HSs 

As it has been already observed in literature, the WAXS pattern 
related with the T4T crystal is rather complex and has not  been 
elucidated so far.25 In order to gain further insight, we compare it here 
to different samples, such as the pure HS sample or a solvent casted 
version, and follow the relative intensities of the different peaks. In 
Figure 4.2a, we present the diffractograms measured from the materials 
synthesized in this work (see section 2) from Ñ = 1 to 25 nm-1 (i.e. 2ç 
= 1.6 to 35°). The main peaks observed through the whole data set are 
numbered from 1 to 8 from lower to higher Ñ and reported in the Table 
2.  

While these peaks are nearly absent in the sample containing 
5%HS, their respective intensities increase with the fraction of HSs, 
indicating unambiguously that they are coming from the crystallization 
of the HSs. Furthermore, a good agreement is found between the 
positions of most of the peaks in the TPEs chains and the ones coming 
from the dioctyl-T4T precursor, suggesting that the HS crystal lattice is 
qualitatively similar in all these materials when hot-pressing at 
!++10°C is used. The broad peak (#4), present in all TPEs (including 
0%HS) at 14 nm-1 is attributed to the amorphous part of the polymers 
and tell us about the typical distance between the PTMO segments (≈ 
0.45 nm). Overall, the WAXS patterns look similar to the one obtained 
by van Hutten et al. on similar materials.25  

Also, we observe in Figure 4.2b, that the WAXS pattern of the 
20%HS sample is very sensitive to the sample preparation. Indeed, the 
comparison between the normalized WAXS signals of sample prepared 
in the melt state or by solvent casting reveals that 20%HS sample 
exhibits a different crystal structure when prepared through THF-
casting. In particular, it shows that while peak 1 and 5 are enhanced, 
peaks 3 and 7 are considerably weakened (see Figure S6a-b in 
supplementary information). Similar results were found for 15%HS, 
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(see Figure S6c-d). DSC confirms qualitatively this result by showing 
the fall of the broad melting peak originally present around !+-30 °C, 
evidencing the polymorphic nature of the T4T crystallites. Additional 
evidence of polymorphism was also found in Fast Scanning 
Calorimetry (FSC) experiments and it is reported in chapter 5.30 

a) 

 
b) 

 

0

2

4

6

8

10

4 8 12 16 20 24

0 %HS
5 %HS
10 %HS
15 %HS
20 %HS
diOctyl-T4T

I (
a.

u.
) +

 Y

q (nm-1)

1

2

3 4 5
6

7

8

1

3

5

7

9

4 8 12 16 20 24

Hot-Pressing
THF Casting

I (
a.

u.
)

q (nm-1)

3
7

0

0.1

80 120 160

DSC
DH = f(T)

b

1 

5 



                     Multiscale Organisation of segmented (PEA)s 
 

 
 

128 

Figure 4.2: a) Scattering intensity measured in WAXS as a function of 
the transfer momentum Ñ for pure PTMO chains and dioctyl-T4T 
powder as well as for the four segmented block copolymers prepared 
by hot-pressing containing 5, 10, 15 and 20%HS. b) Diffractogram from 
the 20%HS sample prepared by solvent casting vs. the hot-pressed one 
reproduced from a). The data are normalized in such a way that the 
intensity of the peak 5 match. Inset: corresponding DSC thermograms 
in the !+ region confirming the weakening of the secondary melting 
peak when THF-casting is used. 

4.3.2.2 Emerging scenario: formation of ribbons  

A way to interpret such WAXS patterns is to go back to the T4T 
structure (see chapter 3). It suggests that the crystallization can occur 
via the N-H and C=O groups in a similar fashion as in the Nylon-4,T31 
or in the popular aliphatic Nylon-6 and -66 in which the most stable 
phase is known as é and corresponds to the anti-parallel stack of the 
polymer chains.9 Interestingly, both aromatic and aliphatic Nylons 
seem to provide similar WAXS patterns most likely due to their 
common H-bonds driven structure.31a 

Besides, the succession of the functional groups likely leading 
to H-bonding in T4T is the following: [C=O - N-H -(Cx)- N-H - C=O] 
by analogy with the Nylon- 6632 and in opposition with Nylon-6 in 
which the motif is [N-H - C=O -(Cx)- N-H - C=O]33 (see also Figure S5 
in the supplementary information). This excludes therefore the presence 
of the g phase corresponding to the parallel configuration stack of the 
chains as described in the Nylon-634. Interestingly, Bunn and Garner32 
also reported that a so-called β-phase, similar to the α one in terms of 
WAXS pattern, could rise from the intermolecular H-bonds bending. 
Hence, starting from the diffraction pattern of the (aromatic and 
aliphatic) Nylon’s é-phase, one can already identify several peaks 
obtained from our T4T crystallites (see Table 2). It is notably the case 
for the peaks 1, 2, 4, 5 and 6 for which positions are found to be in good 
agreement with the literature.31, 35 The peak 1, also visible in the high-
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q range of the SAXS experiment in Figure 4.3a, refers to the inter-T 
groups distance belonging to a same Nylon 4-T chain,36 i.e. the distance 
between the two aromatic rings within the T4T unit (noted α001). The 
peak 2 has the same origin. Since the peak 4 is not present in the HS 
precursor but it appears in the pure SS, we assign it to the inter-chain 
distance, i.e. to the usual amorphous halo present in polymers. We then 
believe that the peak 5 stands for the HS stacking in the H-bond 
direction (noted α100) and grows significantly when THF casting is used 
(longer crystallites, see discussion in section 3.4). Finally, the peak 6, 
greatly hidden by the previous one, must correspond to the HS stacking 
in the perpendicular direction (noted α010) and peak 8 is assigned to the 
N-O distance within one H-bond. 

Determining the origin of peaks 3 and 7 is more delicate. The 
fact that they are strongly weakened in the THF-casted sample and that 
this goes along with a large reduction of the first broad melting peak in 
DSC (see the inset of Figure 4.2b) suggests that they correspond to a 
weaker structure, which is apparently not favored when the chains have 
a larger mobility, e.g. during the solvent casting procedure. Looking 
further at the T4T unit, it is interesting to investigate, apart from the 
amide groups, the possible role of the two aromatic rings. These groups 
make the HSs intrinsically very rigid and can easily lead to associations 
via π-π stacking, as it has been observed in a wide variety of systems in 
the literature (see below). They can therefore increase the HSs 
coordination number (e.g. allowing the crystal to grow in 2D) i.e. with 
the H-bonds aligned along one given direction and the π-π interactions 
perpendicular to it. In fact, the strong H-bonds (≈ 10 kJ/mol each) could 
even promote this π-π stacking by bringing the HSs close to each other 
obliging them to pack in a way that suits the excluded volume of 
aromatic rings (see Figure 4.3). The resulting probability to form π-π 
stacking should consequently be larger in these particular TPEs than in 
other H-bonds free ones like polybutylene terephthalate.37 To 
summarize, we believe that this second degree of freedom is most likely 
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at the origin of the complex HS lattice because it induces a two-
unidirectional crystallization from two distinct molecular interactions. 

In order to validate this scenario, one needs to look at the 
possible configurations for neighboring aromatic rings and see if they 
are consistent with the peaks 3 and 7 observed in the WAXS pattern. 
Two possible configurations are reported in the literature known as “Tr” 
(transverse) and “P” (parallel) with respective distances between the 
rings’ centers of mass being approximately 5 and 3.5 Å and bonding 
energy close to 0.72 and 0.48 kJ/mol.38 Interestingly, these particular 
distances have been reported from WAXS experiments in both 
biological and synthetic polymers39 containing aromatic groups while 
they do not appear in “rings-free” polyamide.35 The latter observations 
seem therefore to confirm the nature of the peak 7. The nature of the 
peak 3 remains more uncertain since apart from the P rings 
configuration, it could also very well fit with the α110 diffraction for 
which a decrease of the ribbon thickness would also lead to a weaker 
intensity. 

 
Table 2: Position of the diffraction peak as found in Figure 4.2 and 
comparison with the literature about Nylon’s é-phase and π-π stacking. 
The slight discrepancies are likely due to the fundamental differences 
between the Nylon-4,T, Nylon-66 and the T4T respective architectures 
as well as the presence of the SSs. 

Pe
ak  

2θ 

(◦) 

Position in 
T4T 

crystallites 
(nm-1)* 

Position in 
the 

literature 
(nm-1) 

Character
istic 

distance 
(nm)** 

Identificati
on 

1 6.48 4.6 4.7536 - 4.7635 1.36 Inter T - α 
001 

2 10.8 7.7 7.135 0.81 α 002 
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3 17.9 12.7 12.836-37 0.49 Tr π- π 

4 19.8 14 - 0.45 Amorphous 
halo 

5 21.9 15.5 14.335 0.41 α 100 

6 23.4 16.5 16.231a-1735 0.38 α 010 

7 25.3 17.8 17.235 

17.936-37 

0.35 α 110 

P π- π? 

8 29.5 21.0 0.28-0.331b 0.30 N---O 

 also seen 
in25 

 
(*) The peak positions come from the tentative of deconvolution of the 
20%HS diffractograms presented in supplementary information Figure 
S6a-d.  
(**) The characteristic distances correspond to 2π / “position in T4T 
crystallites”. In the last column, the Miller indices refer to the crystallite 
axis in the following order: LWH (see Figure 4.3).  

 
We provide in Figure 4.3 a tentative cartoon summarizing our 

ideas on the T4T crystal lattice. Within this picture, we finally conclude 
that the length of the ribbons is governed by the “fast” and strong H-
bonds while their thickness is influenced by the “slower” and weaker 
π-π stacking between the “1D-sheets” of associated HSs. Beyond the 
structure, this last result allows to rationalize the broad melting peak 
observed in DSC in terms of progressive “unstacking” of the HS sheets 
before their final melting (H-bonds rupture). 
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Figure 4.3: Cartoon representing the structure of a crystallite piece. The 
green polygons represent the H-bonds while the red ones stand for the 
aromatic rings. a) 3D view, the black arrows indicate the view direction 
in b) and c), b) top view, c) side view.  
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In order to investigate the shape of these ribbons at higher 
lengthscale (>2 nm), SAXS measurements are then needed, as 
discussed in the section 4.3.3. 

4.3.3 Multiscale Structure – SAXS 

4.3.3.1 Definition of the elementary HS building-block 

The length of one elementary HS can easily be estimated by considering 
the distances between the atoms and the angles between the bonds as 
well as the aromatic rings size (see structure in chapter 3), and by 
accounting for the fact that the conformation induced by the two H-
bonds and possible π-π stacking in each segment is stretched. This leads 
to a HS length of 2 = 2.1 nm.  
On the other hand, determining the exact cross-section of the HS is not 
obvious. Indeed, the four carbon atoms between the two amide groups 
are in principle able to slightly bend or rotate inducing a degree of 
freedom in the crystallite leading to its ribbon-like shape. 
Consequently, it is a priori difficult to know, whether two consecutive 
aromatic rings belong to the same plane or not. Therefore, for 
simplicity, we regard the HS as a square based parallelepipedic object 
having square cross section with è = 0.5 nm being the side (equivalent 
to the diameter of the aromatic ring accounting with the H atoms). As 
shown in Figure 4.3, the angle between the H-bond plane (amide group) 
and the aromatic ring has been reported being around 30° in Nylon-
4,T,31b it does not however impact our analysis here.  
 

From the previous assumptions, we extract the volume of the 
HS building-block 	
Vëâ = HRÄ = 0.53	nmî, the corresponding scattering intensity for Ñ"0, 
ÉTU(0) = IHS

0 = ∆ρ2′VHS = 0.49	cm−1 and the radius of gyration 

Rxòëâ = ôm
î
öõ
ë

Ä
ú
Ä
+ 2õ

ù

Ä
ú
Ä
û = 0.64	nm	. 
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By further combining these expressions within the Guinier 
approximation,40 we can determine the single HS scattering intensity on 
a wider Ñ-range, }TU(Ñ) being the form factor of a single HS such as: 

 
Iëâ(q) = Iëâ

†	PTU(q)

≈ Iëâ
†	exp •

Rxòëâ
ÄqÄ

3
¶ 

(1) 

The result of the previous calculation is plotted in Figure 4.4a (black 
solid line). As expected, at high Ñ, i.e. for Ñ"Ñ#, Iëâ(q) becomes 
comparable with the experimental reduced intensity. 
This good agreement supports the approximations made on the T4T 
structure and on the normalization procedure (see section 1 in 
supplementary information). 

4.3.3.2 Mesoscale organization (crystallites)  

Once the single HS dimensions are well defined, we can analyze 
the TPEs structure at a larger, mesoscopic length scale, i.e. investigating 
the crystallites morphology. Note that the latter can be formed through 
the aggregation of HS units in the plane orthogonal to the local chain 
axis with their thickness being defined by the previously determined HS 
length H. The two other dimensions (width and contour length) are 
called in the following W and L, respectively. As explained in section 
4.3.2, we believe that the H-bonds are parallel to the long axis of the 
crystallite (ß®⃗ )31b while the weaker π-π stacking (Tr or P) is responsible 
for their width (©). The total number of HS per crystallites ÖN"" is 
defined from the aggregation numbers (ÖT,Ö´,Ö¨) along each axis 
(2®®⃗ ,©®®®⃗ , ß®⃗ ), respectively, such as ÖN"" = ÖTÖ´Ö¨ = 	Ö´Ö¨ since ÖT is 
fixed to 1 from the chemical structure (see Figures 1 and 4). 
The normalized scattering intensity measured by SAXS as a function of 
the transfer momentum Ñ are presented in Figure 4.4a for all the hot-
pressed TPEs. The general trend of the spectra can be analyzed, looking 
at the different q-ranges. (see also sections. 1.1 and 1.2 in 
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supplementary information for further details on the data treatment, 
notably Feff):  

 

 
Figure 4.4: a) Normalized scattering intensity measured in SAXS as a 
function of the transfer momentum Ñ for the four segmented block 
copolymers containing 5, 10, 15 and 20%HS. The solid black line 
stands for the reconstruction of }TU(Ñ) calculated in equation 1. b) 
Kratky representation (É(Ñ)ÑÄ = ≠(Ñ/Ñ∗)) of the same data set. The 
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characteristic distance between the crystallite is seen through Ñ∗ while 
the presence of Ñ∗∗ = 2Ñ∗ suggests a lamellar phase. Note that Ñ.Æ in a) 
and Ñ∗∗ in b) have a similar value but different meanings (see text). 
 

For q>q#, the X-rays see the matter as a discrete phase, we refer the 
reader to the WAXS experiments (see section 4.3.2) – a small peak 
around 4 nm-1 (1.57 nm) is nevertheless visible for the 20%HS and 
corresponds to the distance between the T units in the same chain.36 
Here, one can note that Ñ# ≈ 3	nmòm, corresponding to Ø# = 2π/Ñ# =

2.1	nm	, which is in good agreement with the smallest dimension of a 
single HS defined above. 
 
 For qcs<q<q#, the intensity is described by a power law ~q-S giving 
information on the local structure of the crystallites. This regime is 
known as the Porod regime. A value of S equal to 2 stands for a flexible 
object such as a polymer coil in θ-solvent,41 while a value of S equal to 
4 is understood as a sharp interface (equivalent to a surface fractal 
dimension of 2, i.e. smooth objects like hard colloids42). The S values 
found for the four samples are given in Table 3. One can clearly see that 
these slopes evolve monotonically with the HS content passing from 
≈2.0 (for 5%HS) to 3.7 (for 20%HS), i.e. from a flexible object to an 
object with a sharp interface.  
 
At q=q*, we observe a maximum, which can be attributed to the most 
probable distance between the center of mass of the crystallites 
d*=2π/q*, i.e. with the inter-crystallites structure factor Sá(q). This 
distance between crystallites, Ø∗, is reported in Table 3. As expected, it 
decreases with increasing the HS volume fraction (or number density), 
which reflects the network densification. 
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(For q<q* we refer the reader to the sub-section entitled 
Considerations on the structural features above ±∗ presented later 
in the chapter). 
 

We can then plot this SAXS data using the Kratky 
representation40 (see Figure 4b). Interestingly, normalizing the 
scattering vector by Ñ∗ reveals a second structural feature in the 10, 15 
and 20%HS TPEs positioned at Ñ/Ñ∗ =2. This is typical of a lamellar 
organization,43 and suggests the presence of crystallites stacks, i.e. 
anisotropic structure from the Ø∗ length scale, which becomes more 
pronounced when increasing the volume fraction of HS. 

By combining this result to the Porod exponent S, we propose 
the following picture: The Porod exponent having a value close to 2.0 
in the 5%HS sample suggests that the crystallites can be seen as thick 
polymers in θ-solvent, i.e. as objects having non-zero thickness 2 and 
width © following a random walk that, by definition, leads to an 
isotropic morphology. On the contrary, within the same Ñ-range, the 
Porod exponent for the 20%HS is 3.7 and the intensity shows a shoulder 
at q=q**=2q* suggesting the formation of a lamellar structure in which 
the crystallites have thus the same orientation (at the mesoscale), 
leading to an anisotropic morphology. These two extreme cases are 
represented in Figure 4.5 by the morphology A and the morphology B. 
Between these two samples, the intensity scattered by the 15%HS TPE 
is close to the 20%HS one (see. Figure 4.5a) suggesting therefore that 
the morphology B should stand. The situation is more ambiguous for 
the 10%HS because it shows a distinct scattering pattern from both 
5%HS and 15%HS with S=2.6 implying an intermediate structure.  
 

4.3.3.3 Determination of the width of the crystallites (W) and 3D 
arrangement 

Because of these drastic changes in the TPEs structure with the 
reduction of the PTMO soft-segments in the copolymer chains, we 
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propose to use these two simple albeit plausible geometrical models in 
order to describe the average situation in a volume element of the TPEs 
and to determine the corresponding width of the crystallites, WA and 
WB: 
A) The crystallites form a network based on a soft cubic cell for which 

each edge is made of a free crystallite segments with their length 
being in average Ø∗. The decrease of Ø∗ with increasing F is 
understood as the shrinkage of this 3D “isotropic” soft cage (no 
preferential direction as seen in Figure 4.5a) when the number of 
crystallites increases in the sample. 

B)   The crystallites are all aligned along the same axis ß®⃗  and separated 
by a distance Ø∗ corresponding to the cell parameter of a square 
lattice similarly to the hexagonal packing used by Sijbrandi et al..13 
In this case, the decrease of Ø∗ with increasing F is understood as 
the shrinkage of a 2D “locally” (≈10 nm) anisotropic square lattice 
belonging to the plane (2®®⃗ ,©®®®⃗ ) and therefore orthogonal to the 
crystallite long axis. In this suggested model, the volume fraction 
F is equivalent to a surface fraction FÆ in the plane (2®®⃗ ,©®®®⃗ ). 

 

 

Figure 4.5: a) 3D isotropic model (denoted as A) and b) 2D locally 
anisotropic model (denoted as B) describing two possible arrangements 
of the crystallites leading to different evolutions of the inter-crystallites 

A 
a) 

B 
b) 
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distance when %HS is changed. In both cases, dashed arrows stand for 
the (curvi)linear long axis of the crystallites. 
 

Considering that the HS volume fraction (or surface fraction in 
model B) in one cell is equivalent to the HS volume fraction F in the 
whole sample, one can easily express the HS volume fraction in one 
cell for A and B morphologies as: F = NJHW d∗Ä⁄  with Nn being the 
number of full objects to be considered per lattice giving NA=12´1/4=3 
and NB=4´1/4=1. Besides, assuming 2=2.1 nm as estimated in the 
precedent section, one can then simply extract the width of the 
crystallites (reported in Table 3) from each model, only differing by 
construction by a factor 3 such as: W∂ = W∑ 3⁄ = Fd∗Ä 3H⁄ . 

While for the 15%HS and 20%HS samples, the morphology B 
is used, we consider the morphology A for the 5%HS sample, and an 
average of the two for the 10%HS sample, which lies between these two 
extremes. It must be noted that the values of © are found to be in good 
agreement with the one reported by van Hutten et al. from the analysis 
of the breadth’s peaks from WAXS experiments.25 

 
Table 3: Morphology of the crystallites at the mesoscale extracted 
from SAXS data for 5, 10, 15 and 20%HS. Their thickness is kept 

constant 2=2.1 nm. 

%HS 
F (%) 

(1) 
q*(nm-1) 

d* 

(nm) 
S 

W (nm) 
(2) 

Nw=W/R 

5 3.5 0.43 14.6 2.1 1.18 2 

10 7.2 0.62 10.1 2.6 2.28 4 

15 10.9 0.72 8.72 3.1 3.94 8 

20 14.8 0.77 8.16 3.7 4.69 >9 
(1) The values of F are calculated from the equation S2 (supplementary 
information). (2) The calculation of © is made from model A for 5%HS 
and from model B for 15%HS and 20%HS. The corresponding value 
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for 10%HS is calculated by averaging the results from model A and B 
(intermediate case). 

 

From these values and from the estimated size of an elementary HS 
building block, one can determine the corresponding number of HS in 
the width direction ©®®®⃗ , Nw, as reported in Table 3. While the lateral 
packing of the HS is rather limited at low volume fraction of HS, it 
becomes quite important at larger density. This can be understood by 
considering the reduced mobility and enhanced proximity of the 
crystallites at high volume fraction of HS, which are forced to organize 
into a lamellar structure.   

4.3.3.4 Evolution of ribbon-ribbon distance (d*) with the HS 
volume fraction:  

The morphology of the crystallites is strongly influenced by the 
HS volume fraction. It is therefore interesting to investigate how Ø∗ 
evolves with F , and see if its evolution is well described by the picture 
proposed  above, according to which the morphology of the ribbons 
evolves from the geometrical model A at low HS volume fraction, to 
the model B at larger fraction. The evolution of Ø∗ with the HS volume 
fraction F is shown in Figure 4.6. From basic geometrical arguments, 
we know that this function can be written as the following: d∗ =
PFòm ∏⁄  where } is related to the object size (see below), and ℎ is the 
spatial dimension of the “problem” satisfying [ℎ] = /º. For instance, 
it is well known that for a homogeneous colloidal suspension the 
distance between the particles centers of mass evolves with F	òm/î, i.e. 
ℎ = 3.44  
In our case, as shown in Figure 4.6, it appears that ℎ ≈ 2 between 5 and 
15%HS. This suggests that the distance between the objects evolves in 
a similar way as in a 2D space, which is in good agreement with the 
proposed geometrical model B, and which confirms the anisotropic 
nature of the crystallites network at high HS content. Below 5%HS, we 
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believe that the softness of the crystallites (Ω=2) and the absence of peak 
at Ñ/Ñ∗ = 2 in Figure 4.4b should lead to a soft isotropic network (i.e. 
ℎ = 3). In Figure 4.6, we also observe that the value of ℎ between 15 
and 20%HS is greater than 3 (close to 4) indicating that most of the 
additional HS units (from 15 to 20%HS) do not lead to the formation of 
new crystallites (which would make the inter-crystallites average 
distance Ø∗ weaker) but rather contribute to the growth of the already 
existing ones. This result is further supported by the very similar 
patterns measured for the 15 and 20%HS in Figure 4.4a where the 
slightly higher value of Ω (Table 3) stands for an even sharper object 
with a probable enhanced lamellar order. 
 

 

Figure 4.6: Log-log representation of the most probable distance 
between the crystallites Ø∗ as a function of the volume fraction in HS 
(F). The blue solid line is a power law fitted to the data with the 
exponent being fixed to 1/2. Red and green dashed lines are power law 
with respective exponent 1/3 and 1/4 and serve as guide for the eyes, 
they are related with the interpretation in the text. 
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In addition to the value of ℎ, the above-mentioned expression of 
Ø∗, provides us with the prefactor of the 1/2 power law in Figure 4.6, 
estimated to be } = 2.8	nm. In a 2D problem, and considering a square 
lattice as in the model B, one can relate its value to the geometry of the 
crystallites P = æHWø allowing then to highlight the good agreement 
with the value of © for 15%HS (see Table 2): W∑ = PÄ H⁄ = 3.73	nm. 
Note that in order to compare the values of © from the two calculations 
(from P and Ø∗), the model B needs to be valid (anisotropy) and the 
thickening of the crystallites due to a high HS loading must not be 
significant (i.e., among our samples, this comparison can only be done 
for 15%HS). 

4.3.3.5 Cross Section radius of the crystallites 

Furthermore, one can also refer to the change in slope observed 
for the 20%HS sample in Figure 4.4a at Ñ = Ñ.Æ. This singularity (with 
matches in this case with 2Ñ∗), particularly visible for rigid objects, 
denotes the transition from the Porod regime to the fractal regime, 
giving information on the cross section radius of the crystallites è.Æ =
(/Ñ.Æ.  

In order to validate the morphology picture given by the 
geometric model B, it is then possible to compare the experimental Ñ.Æ 
value of the 20%HS sample with the one derived from the model by 

approximating the equivalent cross section radius è.Æ
(ø) from 2 and ©ø 

(true rectangular cross-section) such as: Säâ = HWø ≈ πRá¡
(∑)Äwhere 

Ω¬U is the average cross section of the crystallites in the 20%HS TPE. 

We then directly get the corresponding value for Ñ.Æ
(ø) that is reported 

with a black arrow in Figure 4.4a: qá¡
(∑) =

√

ùƒ≈
(∆) =

√√√

æë»…
= 1.77	nmòm. 

Again, a good agreement in found, further reinforcing our data 
interpretation at the mesoscale. 

All the previous analysis suggests thus strongly that, above 
10%HS, the crystallites are locally oriented along a given ß®⃗  axis 
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forming a structure close to a 2D anisotropic lamellar phase (model B). 
This meso-scale anisotropy, which undoubtedly has to do with the 
rigidity of the crystallites, has been pointed in numerous papers in 
which AFM clearly revealed the orientation of the objects for distances 
between ≈10 and 100 nm.6a, 17, 45 It must be noted however that at a 
higher length scales (i.e. for Ø ≫ Ø∗), this anisotropy is lost due to the 
flexibility of the ribbons, reminding the behavior of soft polycrystalline 
materials.46 In the next section, we give arguments to speculate about a 
methodology to extract structural features at distances greater than Ø∗ 
e.g. the “volume” fractal dimension of the crystallite ÀS and its growth 
mechanism. 

4.3.3.6 Considerations on the structural features above ±∗ 

For q<q*, as shown in Figure 4.3, the scattering intensity seems to 
saturate (plateau). At first sight, one could interpret this by the presence 
of objects with a well-defined mass. However, this plateau should be 
rather seen as the product of the crystallite average form factor 〈}.(Ñ)〉 
and the “correlation hole” usually seen in structure factors for q<q*47 
such as: 

 
I(q < q∗) = I†〈Pá(q < q∗)〉Sá(q

< q∗) 
(2) 

with I† = F∆œÄ′and 〈Pá(q < q∗)〉 = Váqòà– where Vc is the average 
volume of a crystallite and Df the fractal dimension of the crystallites 
which must satisfy 1<Df<2 for semi-rigid rod-like objects.   
 
Finally, for q<<q*, the scattering intensity follows a power law 
I(q)~qòî which can hardly be interpreted in terms of structure (e.g., 
infinitely dense agglomerates of crystallites). While the origin of such 
a low-q upturn is not well understood, we believe that it could come 
from multiple-scattering, possibly limited by using thinner samples. 
 

As previously mentioned, the scattering intensity results in structural 
features related to the shape and size of the scattering objects (form 
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factor) as well as their respective position from each other (structure 
factor). While the presence of characteristic distances were expected at 
molecular (crystal lattice visible in WAXS) and mesoscopic (inter-
ribbons distance visible in SAXS) length scales, the lack of organization 
at larger distances (like in smectic phases48) inhibits the direct 
extraction of structural features through the observation of the emerging 
structure factor (i.e. scattering peaks). Even “worse”, the contribution 
of the unknown large-scale structure factor within the total scattering 
intensity É(Ñ), makes impossible the identification of the crystallite 
morphology via their average form factor 〈}.(Ñ)〉. In the literature, the 
latter is often measured independently. For example, in nanocomposites 
or suspensions based on well-defined objects such as hard-spheres, it is 
directly obtained by measuring samples in which F is kept low 
(typically below 1 vol%,  where the structure factor is negligible49). For 
more complex industrial nanofillers, a way to proceed, as recently 
suggested by Baeza et al.,50 is to dilute a posteriori solid samples 
through an in-situ polymerization process passing from F = 20 vol% to 
roughly 2 vol% with keeping the same filler morphology. However, 
since the shape and the size of the crystallites present in our TPEs are 
intimately related with the HS content, none of these methods can be 
applied here.  

A reliable way to study the large-scale structure resides in studying 
the TPEs starting from high temperature (!>!+) to low temperature, 
i.e. starting at temperature at which the crystallite fraction is low enough 
so that it is possible to extract information about their average form 
factor. To do so, we performed time-resolved SAXS experiments with 
temperature control on the 20%HS sample on the beamline DUBBLE 
at ESRF. The result, similar to the one by Versteegen et al.51 is 
presented in Figure 4.7 and allows to highlight several important points: 
 
(i) # ≥ #5≈170°C. Even though the sample is in the melt state, a 

significant X-ray scattering is measured. This indicates that the 
HSs are not fully dispersed, i.e. that a fraction of H-bonds, still 
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active, leads to clusters formation. One can here use the Guinier 
approximation (equation 1) to fit the shoulder observed at 0.7 nm-

1 allowing to quantify these objects with a typical radius è—(!+) =
1.8	 nm and an aggregation number ÖN""(!+) = É—(!+)/ÉTU

† ≈

	18. Interestingly, the fact that (/è"(!+) ≈ Ñ.Æ means that, those 
persistent aggregates have a radius of gyration similar to the cross-
section one of the crystallites formed at low temperature. This 
feature thus strongly suggests that the latter are made of a train-like 
stacks of the former. Besides, their presence explains the “non-
Maxwellian” rheological behavior observed at ! = !++10 °C in 
(see Figure S8 in supplementary information) where 7’(”) in 
particular, exhibits a power law behavior with an exponent 
significantly lower than 2, indicating the presence of association 
points (“stickers”) between the chains. 
 

(ii) #5 > # >167°C (t=25 s of cooling – see Figure 4.7b). As soon as 
the temperature starts to decrease, the scattering intensity evolves 
at low angle (Ñ < 1 nm-1) due to the formation of larger objects 
through the supramolecular bonds which become statistically more 
likely to exist. In this regime, we believe that the interactions 
between the growing scattering objects are still negligible. Indeed, 
no structural peak, i.e. shoulder or maximum, is observed, 
suggesting that the total scattering intensity must be proportional 
to the average form factor of the crystallites É(Ñ)~	〈}.(Ñ)〉. 
Nevertheless, as expected, decreasing the temperature leads to 
bigger and bigger structures characterized by a growing fractal 
dimension ÀS from ≈0 (finite persistent aggregates) at !+ to ≈1.2 
at 167 °C (after 25 s of cooling). Interestingly, the latter value, 
reflects the rod-like shape of the crystallites before they start to 
stack, in good agreement with the previously proposed model B 
(see. the black dashed line Figure 4.7b). 
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(iii) # <167 °C. A clear maximum standing for the inter-crystallites 
distance starts to appear at Ñ∗ (see Figure 4.7b). The fall of the 
scattering intensity at Ñ < Ñ∗ when the temperature is decreasing, 
i.e. when the crystallites are growing (}.(Ñ) increases), is thus 
unambiguously related with the appearance of the structure factor 
“correlation hole”. From this point, É(Ñ)~	〈}.(Ñ)〉Ω.(Ñ). Further 
decreasing of the temperature (i.e. t>25 s) leads to the deepening 
of the correlation hole together with the shift of the “Ñ∗-peak” 
towards higher Ñ. The latter confirms therefore the densification of 
the crystallites network until ! reaches ≈136 °C (t=255 s) at which 
É(Ñ) saturates, in good agreement with the crystallization 
temperature !. determined from DSC. Finally, at < !. , the 
dynamics are “frozen” for Ø > Ø∗. 

 
 

 

 

a) 
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Figure 4.7: a) Reduced scattering intensity as a function of the 
momentum transfer Ñ for the 20%HS sample with varying the 
temperature from 170 °C to 40 °C at ≈ 8 °C.min-1. b) Selection of 
intensity profiles at given cooling times. The grey data are measured 
during the first 30 seconds of the test (É(Ñ)~	〈}.(Ñ)〉) while the colorful 
ones are obtained from 1 to 5 minutes (É(Ñ)~	〈}.(Ñ)〉Ω.(Ñ)). This data 
set has been rescaled to the corresponding intensity shown in Figure 
4.4a in order to access the absolute units (procedure described in 
supplementary information section 1.3). The dashed line is fitted to the 
data with the Guinier approximation in order to extract the radius of 
gyration and the aggregation number of the scattering objects present at 
!=170°C. The black solid line stands for ÉTU(Ñ). 

4.3.4 Tentative mechanism of HS crystallite growth  

Based on the structural results from the previous section and on 
the tests realized on solvent casted samples, we propose here a tentative 
growth mechanism for the HS crystallites, as illustrated in Figure 4.8 
below. 

First, we recall that the crystallization of the HS in TPEs is 
predominantly driven by the strong attraction due to the H-bonds 
created through the amide groups of these short units (2.1 nm – see 

b) 
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section 3.3.1), which in turn dictates their spatial organization. This is 
akin to microphase separation in block copolymers, where the domains 
of the hard block form a crystalline order such as in rod-coil 
copolymers.52 In the absence of H-bonds, given the small size and 
relatively low amount of HS within a chain, a homogeneous amorphous 
melt should result at !>’À! (order disorder temperature). This H-bond 
driven process (and the well calibrated HS size) likely explains the high 
crystallization rate and the corresponding high crystal fraction (≈70% 
of the HS, see Table 1).  

Starting from the melt state (T>!+≈170°C), it appears that the 
probability to form H-bonds (crystal) or, to phase separate 
(amorphous), is non-zero (Figure 4.7b), leading to the formation of the 
above mentioned persistent aggregates (Figure 4.8a). At this 
temperature, these small clusters are in equilibrium with isolated 
building blocks, in an analogous fashion to systems like living 
polymers.53 Those aggregates, typically made of 18 HSs (with 
è"

÷◊=1.8 nm) are nevertheless too few to interact with each other (no 
structure peak in Figure 4.7b). By following the viscoelastic properties 
of these TPEs through time at this high temperature, we also observed 
that the number density of these aggregates slowly increases with time, 
but are not forming crystallites yet.30  Decreasing the temperature below 
!+ enhances the strength of attraction (e.g. H-bonds shortening54), 
hence, the probability to form bigger clusters via H-bonding and other 
interactions such as π-π stacking (Figure 4.4 and 4.8b). While the 
former leads to a growth of the clusters (crystallites) along ß®⃗ , the latter 
will cause their thickening along ©®®®⃗  (see Figure 4.5). The net result is 
the formation of elongated ribbons as evidenced in Figure 4.7b through 
the evolution of their fractal dimension (dI(q) dq	⁄ ) from 0 to 1.2 (table 
3).  Interestingly, Figure 4.7b also reveals that the position of the form 
factor shoulder (at Ñ ≈ 0.7	_/òm) remains constant with the time 
suggesting that the cross section of these growing objects does not 
evolve significantly during the cooling phase. This implies that the early 



                                                                                Chapter 4 

 
 

149 

stage of crystallization is characterized by the presence of small 
isotropic objects which will associate along ß®⃗  such as train’s wagons 
with decreasing the temperature (Figure 4.8c)  

Upon further decrease of temperature, the growing anisotropic 
objects start to interact with each other, giving rise to a broad structure 
factor peak positioned at Ñ∗,		typical of soft potentials. In this situation, 
Ø∗ = 2(/Ñ∗ is the most probable inter-object distance. While at low-
HS content this soft interaction is akin to that of wormlike chains, at 
high-HS content we expect orientational order. Indeed, as indicated in 
Tables 1 and 3, the average number of HS per chain is three times higher 
for 20%HS TPEs compared to 5%HS and the inter-object distance is 
about half, suggesting an enhanced tendency for alignment since in this 
way long ribbons will minimize their free energy (see Figures 4.8c and 
4.5b) in a similar fashion as what is found in anisotropic assemblies of 
peptides.55  

Finally, the structure virtually freezes when the temperature 
approaches	!.. In this case, the crystallites are essentially trapped in a 
region of space around Ø∗ consisting of two potential walls generated 
by the SSs which can fluctuate between © and +^ , where ^ is the 
length corresponding to a fully stretched SS. 

 

 

Figure 4.8: Growth mechanism of the HS crystallites with decreasing 
temperature. The blue objects stand for the HS and the red background 
for the SS. a) Melt state at T>!+. b) Agglomeration of the persistent 
aggregates at T≤!+. c) “Train” growth and orientation of the crystallites 
resulting in a “frozen” structure at the mesoscale when !. is reached. 
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In the above tentative picture, it is expected that the growth of 
crystallites and their final state depend on the initial conditions, i.e., on 
the initial relative positions of the HSs (since the interactions are 
directional) and on the possible presence of persistent aggregates.  

On the other hand, as already mentioned, the crystal formation 
in the solvent-casted TPEs seems rather different than in the bulk, 
showing a strong decrease of the π-π interactions signature in DSC 
(secondary peak in Figure 4.1) and WAXS (peaks 3 and 7 in Figure 
4.2). While in the hot-pressed samples, the previously proposed 
mechanism could be described as a “train growth” process due to the 
cluster stacking along ß®⃗  resulting in a constant cross section radius 
during the crystallization, one could imagine a fundamentally different 
but plausible scenario for solvent-casted samples, named “1D-sheet 
growth”, to explain the multi-scale formation in these (room 
temperature) solvent-casted TPEs. This process would consist in the 
following. A low volume fraction of TPEs chains is well dispersed in a 
(polar) H-bond competitor solvent such as THF which is expected to 
provide a (quasi)single HS dispersion at the beginning of the 
experiment. During the evaporation of the solvent, because of the lower 
viscosity with respect to the hot-pressed case, the short-range diffusion 
of the HS is enhanced allowing their systematic aggregation in the most 
preferential energetic way, i.e. via H-bonding (rather than π-π stacking). 
The crystallites can thus quickly grow along ß®⃗  until reaching a maximal 
viscosity (due to solvent evaporation and ribbon growth working 
together) at which long 1D-sheets are fully formed and “freeze” the 
system. They will then hardly stack on each other because of big 
entropic penalty resulting notably in a strong decrease of the π-π 
interactions signature in DSC or WAXS together with a higher order in 
the long axis direction (see peak 5 in Figure 4.2b). 
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4.4 Summary 

In this chapter we have undertaken a thermal and structural study 
of segmented TPEs synthesized by polycondensation of T4T (HS) and 
PTMO (soft segment) units by means of DSC, WAXS and (U)SAXS. 
The effect of the hard-segments content has been investigated on four 
different hot-pressed samples containing 5, 10, 15 and 20%HS. DSC 
revealed a strong increase of the terminal melting point from 90 to 160 
°C jointly with the apparition of a secondary melting peak situated at 
≈!+-30 °C when the HS content was increased from 5 to 20%. The 
latter was however eliminated when the sample was prepared through 
THF-casting, emphasizing the importance of the sample preparation. 
Molecular scale (1 Å - 1 nm) WAXS experiments have confirmed the 
polymorphism in hot-pressed TPEs and unambiguously revealed the 
presence of π-π stacking interactions in addition to the well-known H-
bonds in polyamide-based systems. At larger length-scales (1-30 nm), 
have simultaneously shown a decrease of the inter-crystallites distance 
with a raise of their local rigidity, leading partly to a lamellar order, 
when the hard-segment mass fraction was increased above 10%. These 
results have been interpreted through two geometrical models, 
representing the average local situation throughout the whole sample. 
This allowed us to estimate the width of the ribbon-like objects passing 
from 2 to 9 elementary T4T units, conforming to the above-mentioned 
enhanced rigidity. Besides, time resolved SAXS measurements as a 
function of the temperature have highlighted the presence of persistent 
HS aggregates at !>!+, which is believed to be at the origin of the slow 
relaxation that we observed in the terminal regime of the rheological 
response. Moreover, at larger length-scales (>30 nm), it allowed us to 
extract the “volume” fractal dimension of the T4T-crystallites (being 
close to 1.2), evidencing the quite rigid nature of the elongated objects 
present in the TPEs when the HS content is 20%. Based on this 
structural evolution we finally gave arguments on the growth 
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mechanism highlighting once again the importance of the initial 
conditions, i.e. the shaping process.  

All in all, the final properties of these thermoplastic elastomers 
depend strongly on their microstructure, which is largely influenced by 
different inter-related processes such as phase separation, hydrogen 
bonding, crystallization or π-π stacking, as well as by the density of HS, 
which influences the mescoscale organization of the crystallites. This 
provides an unprecedented tunability at molecular level, hence a better 
control on their final properties such as their toughness or melting 
properties. The latter will be investigated in a future work. 
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4.6 Appendix (Supplementary information, chapter 4)  

4.6.1 SAXS data treatment  

4.6.1.1 General considerations – measurements performed on ID02 

In order to get rid of the sample geometry and the “empty beam” 
(EB) contribution, we normalize the raw intensity Iraw by the thickness 

Ÿ and the transmission ⁄ as in the following expression: I(q) = ¤‹›fi(fl)

‡.l
−

EB . The empty beam signal measured on ID02 is provided in Figure 
S1): 

 
Figure S1: Empty beam contribution coming from the beam line ID02 

at ESRF, Grenoble. 
 

The theoretical X-ray contrast (∆ρÄ) between the two phases 
(soft and HSs), highly relevant in this work, is calculated from their 
chemical structure and their densities (respectively ØUU = 0.98 g/cm3 

and ØTU = 1.41 g/cm3) such as: ∆ρÄ = (ρm − ρÄ)Ä with ρk =
„‰
n
∑ZÁNÁ. 

Here, n = ^ œÖË⁄  and be is the scattering length of an electron (2.85.10-

13 cm). ÈÍ and ÖÍ are respectively the atomic number and the number of 
corresponding atoms in the considered molecule Î. Following this 
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calculation, we obtain: œÆOSK=9.36 1010 cm-2, œºNM]=1.25 1011 cm-2 and 
finally ∆œÄ=9.89 1020 cm-4. 

This calculation allows us to approximate the true X-rays 
contrast needed to calculate properly the “mass” of the scattering 
objects ([É(Ñ)]=cm-1). However, in our analysis, we prefer to consider 
the “experimental” contrast ∆œÄ′ calculated from the invariant Ï 
theorem1 (equation. S1) considering both volume fractions in HS (F	) 
and SS (1 − F	). 

 
Q = Ó I(q)qÄdq

Ô

†

= 2πÄF(1

−F)∆ρ2′ 

(S1) 

Giving ∆œÄ= 9.19 1020 cm-4. One can note that while the two values 
∆œÄ and ∆œÄare in reasonable good agreement, Supplementary Figure 
S2b reveals a clear discrepancy at 5%HS. We believe that this is caused 
by the uncomplete T4T crystallization, i.e. the presence of amorphous 
domains of hard-segments (see Table 1) and by the polymorphism of 
the crystal leading to different scattering length densities as discussed 
in the following (see also Table 1: Xc). 
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Figure S2: a) Reduced scattered intensity É(Ñ)ÑÄ as a function of the 
scattering vector	Ñ. The low-Ñ limit is defined by the beginning of the 
upturn while the upper limit is chosen as Ñ#(see Figure5 in the chapter).  
b) Reduced invariant as a function of the product F(1-F). The solid line 
is a fit to the data with an affine function giving the experimental 
contrast. 
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4.6.1.2 Normalization of scattering data by F 

In Figure 5 (chapter), we present the reduced scattered intensity 
for the TPEs containing 5, 10, 15 and 20 %HS. In order to access the 
real size of the scattering objects, i.e. not considering the impact of the 
number density between the different samples, one should normalize 
the scattering intensity É(Ñ) by the volume fraction in crystallites F. 
Assuming a biphasic material, this quantity can be calculated in a 
straightforward way from the mass fraction in HS (ÒTU) and the 
densities of each phase ØUU and ØTU such as:  

 F = Ú1 + Û
dëâ

xëâdââ
Ù − Û

dëâ
dââ

Ùı

òm

 (S2) 

However, this normalization leads to the results presented in Figure S3 
in which a clear mismatch of the different signal can be seen at high-Ñ. 
Indeed, for a biphasic material, one should expect the data to collapse 
at large angle once normalized by the volume fraction2 since the 
scattered intensity in this Ñ-range satisfies I(q → q#) = ∆ρÄ′

˜¯˘˙
¯˚¸˚

Pëâ(q) =

∆ρÄ′F	Pëâ(Ñ), with Ö being the number of HS unit in the irradiated 
volume K̋OK. We believe that this issue comes mainly from the 
incomplete crystallization, i.e. that the crystallites volume fraction is 
different from Φ. It could also be due to the polymorphism of the T4T 
crystals (see section 3.1 and 3.2) leading to a multiphasic mixture in 
which different contrasts (or differences in densities) could be 
considered. This discrepancy is also revealed by the invariant analysis 
(Figure S2) showing, in particular for 5%HS, an unexpectedly high 
value.  

Consequently, in order to treat the data in a coherent way, we 
choose the 20%HS data as a reference (because a good agreement is 
found between theoretical and experimental contrast, see Figure S2b). 
We normalize the corresponding data by F (= 0.148), and we 
subsequently used the ratio FLSS = ˛.(%2Ω)/˛.(20%2Ω) to shift the 
data from the 5%HS (´0.16), 10%HS (´0.40) and 15%HS (´0.59) 
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samples. One can finally observe in Figure 5a (in the chapter), the 
expected good match between all the signals at q=q#. From this data, it 
becomes then possible to describe the evolution of the T4T crystals 
morphology at the mesoscale when the chain rigidity is varied. 

 
Figure S3: Reduced scattered intensity for the TPEs containing 5, 10, 
15 and 20%HS considering nominal values of F (Table 3 in the 
chapter). The solid black line stands for the HS unit scattering intensity. 
 

4.6.1.3 Correction of the data set from DUBBLE 

The data presented in the chapter Figure 8 has been collected on 
the beamline DUBBLE at the ESRF using a vertical beam passing 
through a sample (20 %HS) placed inside a purpose modified rheometer 
(see. section 2) with the detector placed on the top of it (at 1.6 m). 
Hence, in order to consider the additional scattering (“empty beam”) 
and to be coherent with the data properly measured on ID02, we correct 
the full DUBBLE data set in the following way: 
(i) We subtract on the whole q-range the same constant value to the 

whole data set standing for the empty beam contribution at large 
angles. This operation is made in such a way that the slope of the 
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high-q regime (q>1 nm-1) matches with the one measured on ID02 
(Figure S4a).  

(ii) We then subtract a power law ÉV = ˇ	ÑòÄ.� in order to remove the 
low-Ñ part of the empty beam with the same philosophy as in (i). 
Remarkably, one can note that the subtraction steps described in (i) 
and (ii) match very well with the ID02 empty beam depicted in 
Figuew S3. In particular the position of the low-q upturn from 0.38 
nm-1 (instead of 0.3 nm-1) and the power law exponent 2.6 (instead 
of 2.7) are in very good agreement. 

(iii) The data set is then vertically shifted so that the room temperature 
measurement from DUBBLE matches with the renormalized 
spectrum from ID02 (measured at room temperature too). The final 
result is shown in Figure S4b. 
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Figure S4: a) Subtraction of the “empty” beam contribution. Symbols 
on the top stand for the raw data (at 0 and 255 s cooling) while the ones 
at the bottom stand for the corrected ones. Dotted and dashed lines 
represent respectively the operations (i) and (ii) depicted in the text 
(they cross each other at q=0.38 nm-1). b) Final result after corrections 
showing a good agreement between the data from DUBBLE and the 
ID02’s one at room temperature. 

4.6.2 WAXS additional data 

4.6.2.1 Structure of PA66 and PA6 

As one can see in the following picture, the chain structures of 
PA66 and PA6 lead to different crystal lattices. The T4T unit, in its 
atomic sequence (C,N), is similar to the PA66. 
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Figure S5: Crystal structure of the α-phase (antiparallel 

configuration) for PA66 and PA6. 
 

4.6.2.2 Tentative of deconvolution 

  In Figures S6a-d below, we show an arbitrary Gaussian-based 
deconvolution of the WAXS diffractograms presented in the chapter 
(Figure 3) for 20 and 15%HS in both hot-pressed and solvent casted 
samples. The weight of the peak 5 is systematically enhanced when 
THF-casting is used (peaks 3 and 7 are relatively weakened).  

A total of nine peaks plus an amorphous contribution (broad 
peak) are utilized to fit the data. Their positions are reported in Figure 
3a (in the chapter) with a number from 1 to 8. The weak peak (yellow) 
situated at 11 nm-1 is however dismissed. 
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Figure S6: Arbitrary deconvolution of the diffractograms for samples 
containing 20%HS (a-b) and 15%HS (c-d) made by hot-pressing (a-c) 
and THF-casting (b-d). 
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4.6.2.3 Comparison of THF and HFIP casting 

As detailed in the chapter and above, the THF-casting leads to 
a different crystal structure from the one we get by using hot-pressing. 
It is however interesting to note that a similar procedure with Hexa-
Fluoro-Iso-Propanol (HFIP), a strong H-bond competitor, does not have 
any significant effect on the WAXS pattern (Figure S7a). In addition, 
polarized light reveals that only THF-casted films are birefringent 
(Figure S7b). These observations support the scenario of a quick growth 
of the crystallites in a preferred direction (see discussion in section 3.4) 
making the mesoscale structure anisotropic (birefringent) in casted 
samples by opposition to the hot-pressed ones in which the ribbons 
remain disordered and thus isotropic at length scales bigger than 100 
nm. 
 

 

1

2

3

4

5

6

7

0 5 10 15 20 25

HFIP-CASTING
HOT-PRESSING
THF-CASTING

I (
a.

u.
)

q (nm-1)

a)



                     Multiscale Organisation of segmented (PEA)s 
 

 
 

170 

 
 

Figure S7: Impact of the processing on the local structure of the 
crystallites. a) WAXS diffractograms of THF and HFIP solvent casted 
samples (20%HS) vs. the corresponding hot-pressed one. b) Photograph 
taken with polarized light showing the birefringent nature of the THF-
casted sample. 

4.6.2.4 Rheology at T>Tm 

For ideal polymer melts,3 the rheological properties in the 
terminal regime w < 1/t] (t] is the disentanglement time) are usually 
described by 7’~”Ä and 7’’~”m (with 7’ and 7′′ being respectively the 
storage and loss shear moduli). In the TPEs (Figure S8), at T>!+, the 
corresponding slopes in the log-log representation are close to 1 for 7’’ 
but significantly lower than 2 for 7’ regardless of the %HS. This 
observation suggests that some of the H-bonds between the T4T units 
are still active, i.e. delay the material flow by storing energy, in good 
agreement with the presence of persistent aggregates expected from 
Figure 8 in the chapter. 

b) 
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Figure S8: Storage (7’) and loss (7’’) moduli for the TPEs in the 

terminal regime revealing their non-Maxwellian behavior. 
 

4.6.3 Supplementary References 
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TEM. Macromolecules 2013, 46 (1), 317-329. 
3) Rubinstein, M.; Colby, R., Polymers physics. Oxford Oxford, UK: 
2003; Vol. 767. 

100

101

102

103

104

105

10-2 10-1 100 101 102

20%HS
15%HS
10%HS
5%HS

G
', 

G
''

w (rd/s)

T=T
m
+10

w1

w2

w0.96

w1.23



 

 
 

172 



 
    Chapter 5 

 

 
 

173 

The content of this chapter has been published in Polymer 

International, 68(2), 283-293. 

 Fast Scanning Calorimetry 

clarifies the understanding of the complex 

melting and crystallization behavior of 

polyesteramide multi-block copolymers 
 

Abstract 
In order to understand the Phase transitions in thermoplastic 

elastomers (TPE) based on well-defined multi-block copolymers made 

of “soft” poly(tetramethylene oxide) (PTMO) and “hard” 

terephthalate ester diamides (T4T), Fast scanning calorimetry (FSC) 

has been applied. The intrinsically complex chemical structure of TPEs 

leads to complex phase transitions. By changing their thermal history 

in a wide range of temperatures (from -100 °C to 200 °C) and cooling 

rates (from 10 to 4000 °C.s-1), we clarify the origins of the various 

phases present in these materials. We study the different possibilities 

for the hard-segments to associate depending on their mobility during 

the quenching phase, forming either strong and stable structures, or 

weaker and metastable ones. Besides, we demonstrate that a minimal 

cooling rate of 800 °C.s-1 is necessary to keep these TPEs (made of 

short and monodisperse hard-segments) amorphous leading to a 

subsequent cold-crystallization when heating back, at around 30 °C. 

Finally, we validate our interpretations by varying the copolymer 

composition (from 10 to 20%w in hard-segment), revealing the thermal 

invariance of poorly organized domains. Based on these data, we also 

discuss the importance of chain diffusion in the crystallization process. 
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Applying the FSC allows us to link fundamental understanding towards 

industrial application. 

 

5.1 Introduction  
Thermoplastic elastomers (TPEs) form an industrially relevant 

class of materials due to their tunable engineering properties and find 
numerous applications in automotive, consumer electronics as well as 
household appliance sectors.1 The philosophy behind these elastomers 
resides in the phase separation of block-copolymer into hard and soft-
domains providing good mechanical properties and elasticity combined 
with ease of processing.2,3 The hard domains are either amorphous, 
high-!"	4,5 or crystalline,6, 7 made of aggregated “hard”-segments (HS) 
playing the role of physical crosslinks while the soft domains 
encompass low-!" “soft”-segments (SS) such as polybutadiene,4 
polypropylene oxide8 or poly(tetramethylene oxide)9 (PTMO). In 
industrial applications, the SS molecular weight is most often a few 
kilograms per mole, likely limiting their crystallization.10 On the other 
hand, the crystallization behavior of the HSs is governed by their 
distribution along the chain, as well as by the molecular weight of the 
SSs and of the whole chains.  

The strong asset of TPEs consists in behaving as rubbers at room 
temperature while being melt-processable above their order-disorder 
transition temperature. This dual behavior makes them important 
candidates to replace vulcanized elastomers in a wide variety of 
consumer goods, notably from a recycling or reshaping point of view.11 
Another important advantage lies on the high-tunability of their 
properties by modifying both the composition and the chemical 
architecture12 of the copolymers, particularly by using HS interacting 
through supramolecular bonds enhancing their phase separation. 
Lately, the utilization of e.g. urea,13 urethanes,5,14 or amide groups9,15 
as HS have been reported, leading in the latter case, to ribbon-like 
crystallites observable through microscopy,14,16 and/or scattering 
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techniques,17,44 providing materials with strong mechanical 
properties.20 

Among the various class of TPEs such as styrene based (TPS) 
or olefin based (TPO), polyesteramides present assets from both 
polyester and polyamides such as high melting temperature, fast 
crystallization and good mechanical properties. Moreover, they consist 
of one !" and one main !+ with values in between the !" and !+ of 
polyesters and polyamides, showing !"/!+ ratio of 0.65, as HS 
separates by crystallization.15 Such multi-block polyesteramides are 
usually prepared through a two-step synthesis. First, well-defined HS 
units (bisesterdiamide, T4T) are synthesized from 1,4-butane diamine 
and dimethyl terephthalate, further purified by recrystallization.24  
Then, HS units are connected with SS via condensation polymerization 
in order to form multi-block-copolymers.2,15,19 Of a great importance, 
Gaymans and co-workers reported a strong dependence of both thermal 
and mechanical properties with the length and polydispersity of the HS 
they contain. Based on experimental techniques like DSC, FTIR, 
DMTA and tensile set measurements, they demonstrated that small and 
monodisperse hard units were providing faster crystallization, higher 
elasticity (with minor temperature dependence) and higher fracture 
strain.19,20 

Recently, we have studied the multi-scale structure of one of 
these TPEs consisting in a sequence of PTMO and terephthalate based 
diamide “T4T” segments with varying the HS content from 5 to 20 
wt%.17 At the local length-scale, we reported the different ways for the 
HS to stack, i.e. either by directive H-bonding or Van der Waals 
interactions with possible p-p stacking. It is stated that while the former 
is responsible for the fast growth along a preferential direction, and 
thus, for the elongated (ribbon-like) nature of the aggregates, the latter 
allows the crystallites to widen perpendicularly (the thickness being 
fixed by the HS dimension ≈ 2.1 nm).17 Also, by showing quite broad 
endothermic peaks, conventional DSC suggested that these hot-pressed 
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materials were made of a wide molecular weight distribution of hard-
domains similarly as in other TPE based on PBT or PA6,6.21,22 On the 
contrary, their solvent casted counterparts were characterized by sharp 
transitions at high temperature, i.e. an enhanced order, likely due to the 
higher chain mobility during the drying phase.  

Besides, we observed a low degree of undercooling (,!+ 	=
	!+ − !. ≈ 20 °C ± 4 °C) for these samples (containing 5, 10, 15 and 20 
wt% HS) due to enhanced HS order, in comparison to PBT based TPEs 
(,!+≈36 °C).15,23 Beyond the faster kinetics of aggregation provided 
by the H-bonds, these low ,! values suggest a pre-existing order in the 
melt state likely coming from persistent interactions at high 
temperatures. In fact, while no phase separation nor order were detected 
with classic polarized light microscopy,25 small angle X-ray scattering 
resolved in time and temperature revealed unambiguously the presence 
of HS persistent aggregates at ! > !+.17   

To sum it up, it appears that most of the final properties of semi-
crystalline TPEs strongly depend on a large variety of parameters 
starting from the chemical nature of the chain-segments, their phase 
separation kinetics, and their underlying microstructure. While the 
chemical composition is crucial, it does not completely set the final 
behavior of a product: the processing conditions must be taken in 
consideration. For instance, industrial techniques/manufacturing 
processes like e.g. plastic molding, blow molding, fiber spinning or 3D-

printing in which crystallization must occur quickly to reduce cycle 
times and therefore enhance production rate, are likely to lead to unique 
micro-structures due to the very particular temperature gradient and 
high mechanical stress applied to the materials.29 The objective of the 
present work is to apply FSC in order to investigate the crystallization 
behavior of polyesteramides up to extreme conditions, i.e., varying the 
cooling rate from 10 to 4000 °C.s-1. Our results evidence the latter’s 
effect on the TPE mesoscopic structure, providing new insights for the 
control of the mechanical properties. 
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In addition, we will discuss the role of isothermal time, 
temperature and chain mobility on the formation of the crystallites 
(either stable T4T ribbon or metastable ‘baby-ribbon’) and study their 
consequences on the sample properties. As a more general objective, 
we would like to show the importance of understanding the 
crystallization behavior to improve industrial application.   

The chapter is organized as follows: the sample preparation for 
FSC and the related methods used for the different experiments are 
presented in Section 5.2. In Section 5.3, we present and discuss the 
thermograms obtained during the heating phase (so-called “the 
measurement”) by varying: (i) the cooling rate from the melt state prior 
the measurement, (ii) the cooling path, i.e., comparing single ramp with 
two-step quenching, (iii) the isothermal crystallization temperature 
(!IÆO) at which the sample is set prior the measurement, and (iv) the 
corresponding time ⁄IÆO spent at a given !IÆO. The last part (v) is 
dedicated to the impact of the chain composition by varying the HS 
content from 10 to 20%. We then use these different results to discuss 
and interpret the bimodal distribution found for the crystallization rates 
as function of the isothermal crystallization temperature at high density 
of HS. Conclusions are drawn in Section 5.4. 

 
5.2 Instrumentation and sample preparation 
5.2.1 Conventional DSC 

DSC thermograms were recorded on a Mettler Toledo DSC821e 
equipped with the STARe software. The method for the measurement 
is reported in chapter 3, section 3.3.3. Instead of cooling and heating 
rate of 20 oC.min-1, rate of 10 oC.min-1 was used for these 
measurements.  

 
5.2.2 Fast Scanning Calorimetry (FSC)  

Fast-scan measurements were performed by using a 
commercially available Fast Scanning Calorimetry from Mettler-
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Toledo, Switzerland, with a Huber TC100 intercooler and nitrogen 
purge gas of 50 mL.min-1. The detailed description about 
instrumentation, operating procedure and calibration is already stated 
in the literature.30-34 The performance of Fast Scanning Calorimetry 
depicts the actual high cooling and heating rates as a function of the 
purge gas and flow rate studied by G. Vanden Poel et al.32 showing the 
possible window to quench rate of the instrument. The calorimetric 
chip-sensor was conditioned three times followed by temperature-
correction/adjustment considering the specific thermal environment. 
This procedure was performed according to the instrument specification 
prior to use. The bulk sample was reduced to a small piece (of about 
100 nanograms) and then transferred to the sensor centre having 
diameter of 0.5mm.26 The sample mass of the PTMO-T4T samples was 
determined based on the method explained in the recent book on fast 

scanning calorimetry by C. Schick and V. Mathot,35 using  / =
!T"#$
∆º

 , 

where ΔHFSC is the enthalpy of melting measured by using fast scanning 
calorimetry at typical heating rate (10, 100 or 500 oC.s-1 ) and Δh is the 
specific enthalpy of melting using conventional DSC at 20 oC.min-1. 
Here, the tiny amount of samples aims to reduce drastically the thermal 
inertia (“lag”) within the materials, allowing high scanning rate 
measurements.32,34 Samples were well preserved from degradation due 
to the nitrogen atmosphere allowing the same piece of TPE to be 
measured through successive temperature loops.27 Additional 
information can be found in SI section 1. 

 
Effect of cooling rate – Starting from the melt state (200 oC) 10 s, the 
sample was cooled down to -80 oC at a rate varying from 10 oC.s-1 to 
4000 oC.s-1. After having held the sample for 10 s at -80 oC it was 
subsequently heated back to 200 oC at a constant heating rate of 1000 
oC.s-1. Heating rate of 1000 oC.s-1 was selected based on the previous 
studies by G. Vanden Poel et al.32, showing that the thermal lag 
corrections remain relatively low up to this heating rate (a maximum 
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lag of -1.4 oC was observed for a 1 µg sample).32 The corresponding 
temperature program is presented in Figure 5.1a.  
 
Isothermal crystallization (!+ − !") – Isothermal crystallization 
measurements were performed on samples covering the entire 
temperature range from !+ (Table 1) to !" (ca -60 °C), to calculate the 
crystallization rate. Starting from the melt state (200 oC), the sample 
was quenched to !IÆO at a cooling rate of 4000 oC.s-1 to avoid any 
crystallization to occur and held at this temperature for a time ⁄IÆO =	2s, 
where after the material is further quenched to -80 oC at the same 
cooling rate. To understand the crystallization behavior of the PTMO-
T4T material small steps of 5 oC at !IÆO were performed, from !+	to !". 
After holding for 10 s at -80 oC, it was finally heated back to 200 oC at 
1000 oC.s-1 (see Figure 5.1b). In the following sections, this protocol is 
referred as a two-step quenching. A similar set of measurements have 
also been performed with increasing ⁄IÆO to 60s (see Figure 5.1c).  

 

a 
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Figure 5.1: Different thermal treatments used in Fast Scanning 
Calorimetry all along this chapter a) varying  the cooling rate, b) under 
isothermal crystallization at !IÆO =	100 oC, based on a two-step 
quenching protocol, c) varying the temperature !IÆO at which the sample 
is kept 2s before the measurement as well as the waiting time at !IÆO. 

c 

b 
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5.2.3 Atomic Force Microscopy (AFM)   

The morphology of the 20%HS sample was studied with a 
Bruker Icon Dimension AFM in tapping mode using an AR5T-NCHR 
high aspect ratio tip (k = 42 N.m-1, f = 330 kHz, tip radius = 15 nm) 
commercially obtained from Nanosensors. Silicon wafers with 20 nm 
of electron-beam deposited silver were used as substrates. The 20%HS 
sample was first dissolved in THF at a concentration of 1% by weight 
and subsequently drop casted (500 µl) on the substrate before to be 
dried overnight in a vacuum oven at 65 oC. The resulting film of ca. 500 
nm in thickness was then heated to 200 °C under inert atmosphere and 
finally either quenched in liquid nitrogen or slowly cooled down (6 
°C.min-1) to room temperature (see Figure 5.5), to mimic the slow and 
fast cooling experiments. The uniform surface of the film was scanned 
for morphology study of these samples (see SI section 7). 

 
5.2.4 Rheology measurements (time sweeps)   

Dynamic time sweeps were performed in the linear regime with 
a stress-controlled rheometer (MCR 301 from Anton Paar, Austria) 
equipped with stainless steel parallel plates of diameter 8 mm (1% 
strain, 10 rad.s-1). All measurements were carried out in nitrogen gas 
atmosphere and temperature control was achieved by means of a 
convection oven (better than ±0.3 °C). Samples were first heated above 
!+ and then cooled down to !. + 10 °C where the storage and loss 
moduli were measured as function of time. 

 
5.3 Results and Discussion 
          The thermal properties of the four TPE samples, containing 5, 10, 
15 and 20%HS have been first studied using conventional DSC, with a 
heating rate of 10 oC.min-1 (see Figure 5.2). The thermograms exhibit 
the glass transition of the PTMO SSs (!") at around -60 oC followed by 
the melting point of the SS close to -10 °C. The latter is known to occur 
for SS having a molecular weight above 2 kg.mol-1.10,17 As expected, 
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the fraction of such SS crystallites decreases with increasing the HS 
content. On the other hand, the melting peak (!+) of the T4T crystallites 
well follows the HS content, increasing from 92 oC to 158 oC when the 
HS density is varied from 5 to 20%HS. FTIR spectra reported in chapter 
3, also shows an increase in absorbance at 1630 cm-1, 1670 cm-1 and 
3320 cm-1 corresponding respectively to the crystalline amide, the 
amorphous amide and the hydrogen bonded N-H when the HS content 
is increased. For the whole sample set, we report in Table 1 the above-
mentioned parameters as well as the crystallization temperature !. 
measured during the cooling step performed at 10°C.min-1.  
 

 
Figure 5.2: Differential Scanning Calorimetry thermograms of TPEs 
containing 5, 10, 15 and 20%HS performed at a heating rate of 10 
oC.min-1. Data have been vertically shifted for clarity. Respective 
values of !", !. and !+ are reported in Table 1. 
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Table 1: Physico-chemical characterization for all four TPE samples 
based on SEC and DSC. 

HS    

(wt 

%) 

%& 

(g.mol-1) 

%' 

(g.mol-1) 

6#† 

(oC) 

#9 

(oC) 

#4 

 (oC) 

#5 

 (oC) 

34	‡ 

(wt %) 

5 25,200 48,900 19.2 -60.0 72.8 92.0 2.6 

10 22,800 44,300 18.8 -59.1 103.8 122.6 6.3 

15 22,500 43,300 20.9 -59.2 125.5 146.4 9.3 

20 19,300 37,600 19.2 -59.5 139.2 158.4 15.8 
†  ,! = !+ − !.  

‡Mass fraction of T4T crystallites: ˛.	(%)= (ΔHDSC/ΔHT4T*) 100 
where ΔHT4T* = 150 J.g-1 from ref 17. 
 

We present in Figure 5.3 the variation of both !+ and !. with 
the HS content showing that the difference between these two 
characteristic temperatures (,! = !+ − !.) is rather small (~20 oC) in 
comparison with other TPEs such as PBT/PTMO (~36 oC).39 This 
observation suggests a fast crystallization process, most likely due to 
the presence of strong hydrogen bonds  acting over a longer range, 
further enhanced by the monomeric (i.e., short and monodisperse) 
nature  of the HS.17 Beyond the usual increase of thermal stability 
(higher !+) with larger crystallites, conventional DSC also reveals that 
the melting behavior is rather broad showing multiple melting areas for 
samples containing more than 5%HS. Indeed, it seems that well-defined 
ribbons (melting at the highest !+) are systematically accompanied 
with smaller imperfect domains for which the characteristic melting 
temperature is significantly lower, leading towards broad transition 
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melting. As mentioned in our previous study,17 we believe that this 
second population, which corresponds to ‘weaker’ crystallites, is 
formed by HS belonging to chain segments trapped between the most 
perfect crystallites, i.e. having a limited mobility, preventing the 
formation of more stable structures. In good agreement with the latter 
statement, this effect greatly disappears when one uses solvent casting 
to prepare TPE films, leading towards a sharp single melting 
behaviour17 confirming that the sample processing plays a major role 
on the final sample structure and eventually properties. Conventional 
thermal analysis does not allow to deep dive into the effect of 
processing the final thermal properties and morphology. The aim of the 
following FSC experiments is therefore to clarify both kinetic and 
thermodynamic aspects of such association/dissociation mechanisms 
and their consequences on the melting properties, through a systematic 
and progressive variation of the thermal history. 
 

 
Figure 5.3: Melting (!+) and crystallization (!.) temperatures 
extracted from conventional DSC performed at 10 oC.min-1 as a 
function of HS content. 
 



 
    Chapter 5 

 

 
 

185 

5.3.1 Impact of the cooling rate on the crystallization and 

melting  

The TPE containing 20%HS was investigated by using the 
method summarized in Figure 5.1a, with the aim to understand the 
effect of high and low cooling rate on the structural evolution of the 
T4T hard-domains. The results are presented in Figure 5.4a as heating 
curves recorded at 1000 °C.s-1 after a cooling step performed at rates 
from 10 to 4000 °C.s-1 down to -80 °C. At low temperatures, the 
thermograms show the glass transition of the PTMO SSs (!") around -
50 oC, in reasonable good agreement with conventional DSC (see 
Figure 5.2). No clear melting of the soft segment can be observed, 
which suggests the fast cooling prevents SS to crystallize. No further 
attention towards melting of SS is considered in this chapter. Upon 
increasing the cooling rates above 800 °C.s-1, a cold crystallization peak 
appears around 50 °C, pointing at so-called critical or quenching rate.33 
Apparently the T4T HS is completely staying amorphous at cooling 
rates of 1000 °C.s-1 or more (see also AFM in Figure 5.5a).19 For !>120 
°C, an endothermal event is seen, undoubtedly standing for the melting 
of T4T crystallites. In all cases the melting temperature of HS (shown 
in Figure 5.4a) increases in a monotonic way (from 130 to 147 °C) with 
decreasing the cooling rate. The slower the cooling rate, the better the 
T4T crystals can organize into well-organized ribbon structures. (See 
also SI section 2). 
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Figure 5.4: a) Thermograms measured on a 20%HS sample during a 
heating step performed at 1000 °C.s-1. Prior to the measurements, the 
sample was cooled down from 200 to -80 °C at different cooling rates 
going from 10 °C.s-1 to 4000 °C.s-1. Data is shifted vertically for clarity 
and the last thermogram shows the flat base line selected for peak 
integration. b) Variation of enthalpy in 20%HS for Cold Crystallization 
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(,2..), terminal melting (,2+) and the difference (,2+  - ,2..) 
emphasizing the maximum cooling rate (800 °C.s-1) at which no 
crystallization takes place during the cooling phase. 
 

To evaluate the cold crystallization and melting behavior of the 
HS, the specific enthalpy variations (± 2 J.g-1) ,2+ and ,2.. were 
quantified, which are shown in Figure 5.4b). No CC is observed at low 
cooling rate i.e. from 10 °C.s-1 to 800 °C.s-1, providing an almost 
unchanged ,2+≈22 J.g-1 (˛.≈ 15 wt%). However, the CC start to occur 
and ,2.. significantly increases at rates above 800 °C.s-1 until it 
reaches its maximum value of 32 J.g-1, at quenching rate of 3000 °C.s-
1 and above. On the other hand, the enthalpy of melting at cooling rates 
below 800 °C.s-1 is explained by trapping of the T4T HSs due to the 
ribbons formed during cooling. At fast cooling the formation of these 
ribbons is more prohibited, which leads, after cold crystallization, to an 
intrinsically higher crystallinity (~20%). Nevertheless the !+is slightly 
lower because cold crystallization takes place at 50 oC, which is too low 
to allow the formation of perfect ribbon as observed upon slower 
cooling. This suggests that a higher fraction of HS can crystallize during 
the heating step (by CC) when crystallization was prevented during the 
cooling step. This result can be understood from the fact that upon 
heating, the free HS will tend to crystallize driven by a very strong 
attractive potential (due to the low temperature). However, because of 
a lack of mobility, the so-formed crystallites (appearing at !..) are 
expected to be smaller than the ones formed below !. during the cooling 
phase (see Figure 5.5b). In good agreement with the latter 
interpretation, it is found that !+ significantly decreases when CC 
occurs (see Figure 5.4a) corroborating the idea that CC leads to a higher 
fraction of crystallites but limits their size. 
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Figure 5.5: AFM phase image of a 20%HS sample. a) cooled in liquid 
nitrogen, showing amorphous morphology and b) cooled down at 6 
oC.min-1 from the melt state (200 °C), showing ribbon structure. 
 
5.3.2 Continuous cooling vs. two-step quenching 

In this part, we wish to understand the impact of the cooling 
history on the thermal behavior of TPEs structure from a qualitative 
variation of the procedure. To do so, we propose to compare the results 
from the section 5.3.1 (“continuous cooling”) with the so-called “two-
step quenched” materials for which the thermal history is summarized 
in Figure 5.1b. In the latter case, critical quenching rate of 4000 °C.s-1 

was used to avoid any crystallization occurring during the successive 
cooling phases. In between the two quenching steps, and by opposition 
with the continuous cooling, the sample was crystallized isothermally 
at !IÆO=100 °C. This temperature was chosen to optimize the 
crystallization rate (see section 5.3.5) while the corresponding time was 
varied from ⁄IÆO=2 to 60s.  

For continuous cooling, it is expected that the nucleation takes 
place below !+, at a certain undercooling grade, and is followed by a 
progressive growth of the T4T crystallites, most likely leading to large 
and stable crystals accompanied with a wide variety of smaller ones. 
This scenario is corroborated by AFM in Figure 5.5b, where long 
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ribbon-like crystals are clearly observable. As a result, the 
corresponding melting peak in Figure 5.6a is rather broad, confirming 
the large polydispersity in crystals size. On the other hand, when the 
two-step quenching is applied, the TPE quickly crystallizes due to the 
high (thermodynamic) association rate at !IÆO	 = 100 °C, limiting 
therefore strongly the “progressive” character of the ribbons growth. As 
a matter of fact, this procedure results in a lower melting temperature 
and in a sharper melting peak made of two distinct contributions 
denoted !+ and !Æº (see Figure 5.6a). This bimodal distribution is due 
to a primary crystallization at early stages, i.e., when the copolymers 
still have a high mobility, followed by a secondary crystallization 
(related to !Æº) due to the association of chain segments having their 
extremities trapped into the primary network.17 Because of their 
reduced mobility, these HS take time to crystallize and the 
corresponding growing crystals cannot reach their equilibrium size if 
⁄IÆO is too short. This picture is further validated in Figure 5.6b, where 
it is seen that the second melting peak (!Æº) is more visible when ⁄IÆO is 
shorter, i.e. when that waiting time does not allow the crystallites to 
fully grow. In contrast, if a longer ⁄IÆO is used (60s instead of 2s), this 
secondary peak is shifted towards higher melting temperatures and 
eventually merges with the main melting peak (!+). In addition, Figure 
5.6b shows that decreasing !IÆO from 100 to 60 °C results in a lower 
temperature for !+ and !Æº respectively. Considering the slower 
crystallization rate at 60 °C (see section 3.5), synonymous of a lower 
chains mobility, we believe here that the secondary crystals formed at 
60 °C are far from their equilibrium state, in comparison with the ones 
created at 100 °C, explaining the large difference in !Æº. We also 
observe that the fraction of equilibrated ribbons is smaller, with a more 
pronounced size dispersion than at !IÆO=100 °C. The impact of both !IÆO 
and ⁄IÆO are investigated systematically in the two next sections. 
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Figure 5.6: a) Effect of the cooling procedure, thermograms recorded 
during heating phase at 1000 °C.s-1 on samples progressively cooled 
down at 10 °C.s-1 from melt and two-steps quenched (4000 °C.s-1) 
maintained 2s at 100 °C. Data is shifted vertically for clarity. b) 
Thermograms recorded from the 20%HS sample during the heating 
phase at 1000 °C.s-1, after a two-step quenching with !IÆO = 60 °C and 
100 °C. For each sequence, the sample was isothermally held for 2s and 
60s at !IÆO. Data are shifted vertically for clarity. 
 

a 
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5.3.3 Impact of #$%& on the TPEs crystallization 

In order to further understand the thermal behavior of these copolymers, 
we propose in this section to vary !IÆO, from !+ to !", and to investigate 
its influence on the crystallites formation following the procedure 
depicted Figure 5.1b. Representative thermograms are presented in 
Figure 5.7, showing a rich variety of melting behaviors, that we analyse 
below by separating the isothermal temperatures into several regions:, 
(The whole data set, without vertical shift factor can be found in SI 
section 5) 
For #$%& ≥=140°C, the thermograms are like the ones extracted from 
direct rapid quenching (Figure 5.4). This is in good agreement with the 
fact that the material stays amorphous after 2 seconds spent at these 
high values of !IÆO. It is subsequently quenched below its !", letting no 
chance for the crystallization to occur during the cooling phase. 
Therefore, once the material is heated back, one expects CC (seen at 
around 35 °C) followed by the melting of the so-formed crystallites 
(seen at around 135 °C). A difference with the continuous cooling 
procedure can however be noticed on the temperature at which the CC 
occurs. In fact, it is found to be ca. 15 °C below the one reported in 
Figure 5.4. This difference is attributed to the formation of pre-nuclei 
formed during the 2s isothermal break (since !IÆO < !+) due to intra 
and inter molecular hydrogen bond association in melt, implying a 
deepening of phase separation which is likely to enable the cold 
crystallization to occur earlier during the subsequent heating.37  
At	#$%& = 135 °C, an additional peak appears at high temperature (≈155 
°C) suggesting the creation of very stable crystallites whereas it is not 
observed anymore for lower !IÆO. We assign this melting peak to the 
fact that at such high !IÆO, the chains have a large mobility, which let 
them the time to disentangle and diffuse (similarly to solvent casting) 
before starting to crystallize, favouring thus the creation of well-
organized crystals within the isothermal time frame. The melting peak 
at high temperatures belongs to annealing at 135 oC which is within the 
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melting area of the T4T crystals shown in Figure 5.7. On the other hand, 
it is observed that not all T4T crystals crystallize into such strong 
crystals, the remaining HS cold crystallizing during the heating process. 
The latter is attributed to the low driving force for crystallization at high 
!IÆO. In conclusion, crystallization just below !. seems of interest since 
it allows the crystallites formation from chains having an optimal 
mobility.  
By decreasing further !IÆO, from 135 °C to 105 °C, this equilibrium 
between chain mobility and crystallization driving force is modified 
toward higher crystallization rate (see section 5.3.5) and lower chain 
mobility. It is observed that the lower !IÆO, the lower !+, but the higher 
the melting enthalpy.  This can be attributed to the fact that higher 
crystallization rate leads to the formation of a larger number of smaller 
crystallites, which cannot grow further due to the lower mobility of the 
(associated) chains. Also, while part of the HSs are seen to crystallize 
during the cooling phase, a significant fraction of them is observed to 
cold crystallize during the subsequent heating (SI section 5 Figure S5a). 
The corresponding CC temperature is found to be higher than the one 
reported for higher !IÆO, strongly suggesting that the HS associations 
made along the cooling step hinder the chains motion. This is also 
supported by a lower melting point of the smaller crystals originating 
during cold crystallization. 
For 0 °C < #$%& < 105 °C, CC is no longer observed since the sample 
has a high crystallization rate and fully crystallizes during the 
isothermal 2 seconds-break. Completing precedent results, Figure 5.7 
further reveals that the melting temperature of the largest ribbons, !+, 
formed in this range of temperatures is nearly independent of !IÆO. More 
precisely, as observed in Figures S5b and S5c of SI, decreasing !IÆO 
from 105 °C to 50 °C leads to the formation of few crystallites melting 
at lower temperatures, while decreasing !IÆO from 50 °C to 0 °C does 
not influence the melting behavior of the crystallites anymore. In both 
cases, !+ is much lower than the high melting temperature observed at 
!IÆO = 135 oC. It must be noted here that this high melting peak cannot 
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be attributed to a melting recrystallization process as observed in 
several semi crystalline polymers. Indeed, one can disprove this 
possibility since the melting temperature of this high melting peak is 
not affected by varying the heating rate. This suggests that in this range 
of temperatures, the formation of crystals is spontaneous below the 
equilibrium melting point due to high undercooling temperature, 
leading to the fast formation of ribbons taking place before any 
significant chain’s diffusion allowing the eventual creation of strong 
crystallites (high !+).  

On the contrary, the melting temperature of the secondary peak, 
!Æº is decreasing in a monotonic way with decreasing !IÆO until 
disappearing when the latter reaches 0 °C. As already suggested, this 
secondary melting peak stands for the melting of short metastable 
crystallites (called here as “baby-ribbons”). Based on these results as 
well as Figures S5b and S5c in SI, one can postulate that their melting 
temperature !Æº is related to their size, i.e. decreasing !IÆO would make 
them smaller and smaller. This scenario is further supported by the fact 
that at a temperature at which shoulder peak disappears (!IÆO=0 °C), 
part of the HS has a too low mobility to even be able to create short 
crystals during the 2s break at !IÆO and cold crystallization appears 
again (!IÆO=-15 °C). The decreasing size of these “baby-ribbons” with 
decreasing !IÆO is a direct consequence of the very low mobility of the 
chain segments, as further discussed in section 5.3.5.  
Finally, for #$%&<)	°+, the experiments in Figure 5.7 are like the one 
from Figure 5.4 since the sample is quenched from 200 °C to a 
temperature close to !" at which no significant crystals have time to 
develop due to the quasi-arrested chain dynamics. Around !"the growth 
of the T4T crystals is highly restricted due to very low chain mobility. 
This is also shown by a decreasing crystallization rate, observed when 
reaching 0 oC (see section 5.3.5). As already mentioned, at !IÆO=-15 °C, 
CC reappears at the same temperature than previously observed (≈35 
°C).  
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Figure 5.7: Thermograms recorded from the 20%HS sample during the 
heating phase at 1000 °C.s-1, after a two-step quenching with varying 
!IÆO from !+ to !". For each sequence, the sample was isothermally 
held for 2s at !IÆO. Data is shifted vertically for clarity. 
 
5.3.4 Influence of holding time '$%& 

General trend 

In Figure 5.7, the 2 seconds waiting time at !IÆO is not long enough to 
reach a thermodynamic equilibrium (e.g. CC detected for high and low 
!IÆO values). Therefore, the waiting time is increased to ⁄IÆO = 60 
seconds (see Figure 5.8), to understand the development of the ribbon 
like structure. First, it is seen that at !IÆO=135 °C and 140 °C, a longer 
waiting time allows enhancing the fraction of much more perfect 
crystallites, characterized by a very high melting temperature. This 
phenomenon which is called annealing, can be quantified by looking at 
the enthalpy variation of the end melting which grows significantly in 
both cases (see Table 2). One hypothesis can be that there is a lamellar 
doubling of the ribbon-like crystals. This may explain the discontinuity 
observed in the melting, and the high-end melting temperatures. This 
result is in line with the discussion proposed in section 5.3.3: a high 
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value of  !IÆO (around !.) leads to much more perfectly organized 
crystals, taking however a long time to grow due to their low 
crystallization driving force. Furthermore, it unambiguously appears 
that a longer ⁄IÆO pushes up the temperature of CC. This observation can 
be simply rationalized through similar arguments as previously 
mentioned, i.e. increasing ⁄IÆO	(or decreasing !IÆO) favors the chains 
association, which limits the segments mobility when heating, and 
therefore delays the CC.  

 
Figure 5.8: Thermograms recorded during the heating phase (1000 
°C.s-1) of the 20%HS sample after a two-step quenching (4000 °C.s-1) 
with !IÆO being either 2 or 60s and !IÆO= 135 or 140 °C. Data is shifted 
vertically for clarity and selected base line for integrating the peaks is 
shown. 
 

A full quantitative analysis of various enthalpies observed such 
as cold crystals (,2..), melting of cold-crystals (,2+..) and end 
melting (,2+) were extracted using the suitable baseline shown in 
Figure 5.8 supporting our qualitative conclusions (see Table 2). The 
increase of !+ with ⁄IÆO is due to the annealing effect, as longer waiting 
time allows a better stacking of hydrogen-bonded HS. One can also 
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remark that the enthalpies of CC (,2..) and their associated melting 
(,2+..) are very close to each other, avoiding any doubt about the 
nature of such phase transitions. Furthermore, around !., increasing the 
isothermal temperature provides the chance to form more perfect crystal 
structure (higher !+) despite their longer time needed to develop (lower 
,2+). The latter point suggests once again that a higher mobility of the 

chains leads to the formation of larger objects (as it is the case in solvent 
casted TPEs), characterized by higher melting temperatures. There is 
thus always a balance between the ribbon crystals and the ‘baby-ribbon’ 
crystallite structures. 

 

Table 2: Variation of enthalpies in 20%HS, for cold crystallization 
(,2..), melting of cold crystals (,2+..) and terminal melting point 

(,2+) 

#$%& 

(oC) 

Isothermal 

time (s) 
#544 

(oC) 

6,544 

(J. g-1) 

#5 

(oC) 

6,5 
(J. g-1) 

34 

(%) 

140 
2 134 34.4 - - - 

60 128 30.9 163 4.4 2.9 

135 
2 129 31.5 156 7.0 4.6 

60 121 26.1 156 10.6 7.0 

 
The previous explanation and observations are further 

apprehended by rheology measurement presented in Figure 5.9 below. 
It shows the evolution of the storage modulus for multi-block 
copolymers containing 10 and 20%HS as a function of time, measured 
under small oscillatory shear measurement performed at a frequency of 
10 rad.s-1. The temperature of the experiment !L-V was reached at 6 
°C.min-1 from 200 °C. It was chosen such as !L-V	= !. +10 oC i.e. 113 
oC for 10% and 150 oC for 20%HS.  
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Despite the temperature being above !., the storage modulus 
continuously increases with time, which suggests that the HS associate 
more and more to form new or larger crystals. Crystallization is thus 
possible at such high temperature but has a very low crystallization rate. 
As seen in Figure 5.9, the corresponding modulus continuously 
increases during a very long time, and only starts to saturate after 
around 104s, indicating that the systems are slowly approaching their 
equilibrium state. Thus, based on these results, one can conclude that in 
the temperature range at which the crystallization rate is slow, longer 
waiting time, ⁄IÆO, at isothermal temperature favors the creation of a 
larger fraction of crystallites. As a last comment on Figure 5.9, it must 
be noted that the fact that the initial modulus of the 10%HS sample is 
larger than the one measured for the 20%HS sample is due to the 
difference in temperature of measurement (113 oC vs 150 oC).  

 

 
Figure 5.9: Storage modulus (G’) at 10 rad.s-1 as a function of holding 
time (s) for isothermal temperature !L-V=!.+10 oC. 
 

To extend these observations to the full range of !IÆO, we 
summarize in Figure 5.10 the evolution of the end melting point (!+) 
and the corresponding melting temperature of the secondary peak (!Æº) 
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as a function of !IÆO for 2s and 60s. We remind the reader that these 
experiments still refer to the two-step quenching procedure (4000 °C.s-

1) on a TPE containing 20%HS. This representation allows highlighting 
several important features. i) The end melting point of the T4T 
crystallites is nearly constant (≈ 135 °C) for 0 °C < !IÆO < 100 °C 
whereas, beyond this point, it continuously increases up to 160 °C at 
!IÆO =140 °C (≈!. in conventional DSC). ii) The melting temperature 
of the secondary peak evolves in a quasi-linear way with !IÆO and iii) 
while the waiting time at !IÆO has no effect on !+ (whatever the value 
of	!IÆO), it significantly enhances !Æº by ca. 15 °C for (!IÆO< 80 °C). 

 

 
Figure 5.10: Terminal melting temperature of the crystallites (!+) and 
melting temperature of the secondary peak (!Æº) as a function of 
isothermal temperature (!IÆO) for waiting time !IÆOof 2s and 60s. 
 

These results are consistent with our hypothesis that the 
secondary melting point, !Æº, is associated to the melting of shorter 
crystal structures, defined as ‘baby-ribbons’, which did not have time 
to grow up to their final, equilibrium state.  

Furthermore, the observations (i) and (iii) are understood as 
from !IÆO = 0 to 100 °C, the crystallites had time to grow and to reach 
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their thermodynamic equilibrium, which leads to similar crystals in all 
this range of !IÆO. Indeed, in this range of temperatures, longer waiting 
time between the two temperatures ramps does not affect this final 
melting point !+ . Moreover, as discussed with Figure 5.7, the 
crystallization rate of the HS is too fast compared to the necessary time 
for the whole chains to diffuse and better organize, so that the formation 
of much more perfect crystal (with Tm above 140 °C) is prevented. 
Therefore, the equilibrium state of such a crystal corresponds to the best 
crystallites which can be built, knowing that the driving force for 
crystallization is high and that the HS can only diffuse locally. This 
leads to crystallites with moderately high melting point.  

Above this temperature, the large mobility of the chains (!= 
!"+160 °C) allows them to disentangle and diffuse in larger length 
scale, and the crystallites are characterized by a higher melting point 
(i.e. the one visible in conventional DSC, Figure 5.2, due to low cooling 
rate), but they are only present a small proportion (see section 5.3.3).  It 
is also observed that waiting longer time at !IÆO does not influence their 
melting point, while the proportion of crystals increases (see Figure 
5.8). 
  The second observation (ii), already commented in section 
5.3.2, highlights an important point. While it is clear that 2s are enough 
for stable crystallites to form in a broad range of !IÆO, the reduction of 
the mobility caused by the latter and by the low temperature limits the 
subsequent formation of metastable baby-ribbons, explaining the drop 
of !Æº.  
The third observation (iii) confirms that the ‘baby-ribbons’ associated 
to the secondary melting peak are non-equilibrated structures. Indeed, 
the higher melting point measured for a longer time at !IÆO confirms 
their growing nature possibly leading subsequently to a merging with a 
larger crystallite. 
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5.3.5 Impact of the HS fraction in the chain 

In this last part, we propose to investigate a parameter playing a 
crucial role on the crystallites structure: the HS content, i.e. the number 
of T4T groups along the TPE chains. As already shown from SAXS and 
rheology measurements,17,45 this parameter is responsible for a drastic 
change on the crystallite size, which should strongly impact the thermo-
mechanical properties (e.g. modulus and melting point) of the samples. 

In Figure 5.11, we investigate the influence of HS content on the 
evolution of the melting temperatures !+ and !Æº. Figure 5.11a reveals 
that while the melting point (!+) is lower for 10%HS sample than for 
the 20%HS sample due to the formation of smaller stable crystallites,38 
the melting temperature associated to the ‘baby-ribbons’, !Æº remains 
unchanged. This observation suggests that similar metastable crystals 
are created in both samples, their growth being limited by the same 
mechanisms, related to the local dynamics of the molecular segments 
(trapped between two associated HS) and their ability of the free HS to 
explore their surroundings. In both samples, it is observed that longer 
waiting times leads to higher values of !Æº, as already discussed. 

When ⁄IÆO is increased from 2s to 60s (see Figure 5.11b), a 
significant increase of the melting point (!+) from 113 till 139 oC is 
observed for 10%HS sample, while it stays constant for the 20%HS 
sample. This means that the crystallization rate of the 10%HS sample 
is too slow to allow the T4T crystallites to reach their critical size (or 
thermodynamic equilibrium) after 2s. Thus, the formation of larger and 
stronger ribbons requires longer waiting time ⁄IÆO. On the contrary, for 
the 20%HS sample, the crystallites formed during the isothermal break 
have time to reach their critical size after 2s and will not grow further 
by waiting 60s (see Figure 5.11 and related discussion). 

As already observed with the 20%HS sample, high melting 
temperatures !+ can be obtained if the sample is brought to isothermal 
temperatures just below !. (=104 oC for 10%HS via. conventional DSC 
see table 1), temperature at which the chains have time to diffuse before 
starting to crystallize. However, since the crystallization rate of the 
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10%HS sample is significantly lower than the one of 20%HS sample, 
such crystals do not have time to be formed if the break at !IÆO is too 
short (see Figure 5.11a, with a 2s break), and only CC crystals are 
observed. Therefore, longer waiting time must be considered (such as 
60s, see Figure 5.11b) to allow these very stable crystals to grow.  

Therefore, the melting temperatures corresponding to !IÆO  

between 40 oC and 60 oC are not reported on Figure 5.11b. Indeed, in 
this range of temperature, both the melting peak and the secondary 
melting peak are merging, and one cannot easily then determine their 
respective temperatures (see SI section S6).  

 

 

a 
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Figure 5.11: Melting temperature (!+) and secondary peak melting 
temperature (!Æº) for 10 and 20%HS TPE as a function of isothermal 
temperature for a waiting time of 2s (a) and 60s (b).  
 

To summarize the above observations, we compare in Figure 
5.12 the crystallization rates of the 10%HS and 20%HS samples, in 
function of their isothermal temperature. The crystallization rates have 
been extracted according to the method developed by Vander Poel33 
(also see SI section 3 and 4). For the 20%HS sample, a bimodal 
distribution of crystallization rate is observed, with two maxima located 
at 86 oC and 36 oC, while the 10%HS only show one maximum, located 
at around 25 oC. These maxima are unambiguously related to the 
crystallization of the T4T units, arising from the balance between the 
thermodynamically-driven crystallization forces and the chains 
mobility. In case of the 20%HS sample, the maximum located at high 
T can easily be explained, based on the discussion in sections 5.3.3 and 
5.3.4. Starting from high !IÆO, as expected from Turnbull-Fisher 
description,23 the crystallization rate increases as the thermodynamic 
driving force for nucleation increases due to supercooling of sample.36 
Consequently, as long as thermodynamic forces dominate, the 
crystallites are growing faster and faster with decreasing !IÆO. However, 
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decreasing !IÆO further, thermodynamic effect is counterbalanced by the 
reduced intrinsic chain mobility, which slows down the crystals 
formation.42 Therefore, because of these two mechanisms, there is an 
optimum temperature, 86 oC, at which the crystallization rate is 
maximum. 
 

 
Figure 5.12: Crystallization rate as a function of temperature	!IÆO, for 
10 and 20% HS samples. 
 
Below this maximum temperature, weaker crystals are formed, all 
characterized by a similar melting temperature (see Figure 5.11a) and a 
significant reduction of the crystallites formation rate is observed.  

Then, at around 55°C, the crystallization rate of the 20%HS 
sample stops to decrease and reaches a quasi-plateau before falling 
again at 20°C, generating the second maximum. While its origin is not 
fully clear, such bimodal distribution was already observed for PBT and 
other polymers in literature.33 In ref. 43, it was attributed to the possible 
formation of an amorphous-rigid fraction or due to change of the crystal 
structure and dimensions.28,40,41,42 In the present case, we propose the 
following picture to explain this behavior: At around !IÆO = 55°C, the 
large-scale diffusion of the chains is becoming so slow that it does not 
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take place anymore.  However, locally, the molecular segments (for 
example, trapped between two consecutive entanglements or two 
associated HS) still have a large mobility and can easily explore their 
(close) surrounding and crystallize into less perfect crystal structure i.e. 
baby-ribbon. Therefore, combined with a high driving force for 
crystallization, the corresponding rate is constant as long as local 
mobility is not affected by temperature, and the ribbons obtained are all 
characterized by exactly the same melting peak and melting 
temperature, !+ (see Figure S5c of SI). Moreover, the decrease of the 
crystallization rate is then observed below 20°C, when local mobility 
of the entangled segments starts to be affected, and it disappears at !IÆO 
<0°C, reaching its !" value. Basically, one can depict the bimodal 
clock-curve as a sum of two separate clock-curves: one for the ribbon 
like crystals, the other imperfect crystals due to decreased chain 
mobility. If we refer to the work of Androsch et al.45, these different 
types of crystal could be attributed to a change in the nucleation 
mechanism, this last one depending on the chain mobility. 

On the other hand, in case of the 10%HS sample, only one 
maximum is observed in the crystallization rate curve. This is attributed 
to its much lower melting temperature: above 60 °C, the chain mobility 
competes with the attractive forces for crystallization, which is too low 
in comparison to chain mobility. The crystallization rate only increases 
at lower temperature, when the chains diffusion is becoming slow 
enough. So, in the case of 10%HS only one type of ribbon like crystal 
can be formed. To proof this concept, real time FSC combined with X-
ray should be performed.46,47 

To conclude this part, according to the proposed picture, 
bimodal distribution of the crystallization rates can be observed if both 
temperature at which crystallization starts and temperature at which the 
global diffusion of the chains is suppressed (due to chain entanglements 
or chain segments trapped between associated HS) are much higher 
than the temperature at which the segmental dynamics is slowed down. 
Since the mobility of the chains strongly depends on their length and on 
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the average number of HS they contain, we expect that the position of 
the high temperature peak could be varied with the sample composition, 
which will be tested in a future work.      

 
5.4 Summary  

To summarize, by using FSC, we have shown in this work the 
great variety of phases likely to exist in well-defined TPEs. By 
exploring different thermal manipulations, we have demonstrated that 
different structures, i.e. different properties, were reachable, being 
potentially of a great interest for the industry. We have shown on one 
side that a progressive cooling step was allowing the crystallites to grow 
in a rather homogeneous way from nucleation points, whereas on the 
other side, a sudden quenching between !+ and !" was leading to 
amorphous HS or a high fraction of smaller and metastable baby-
ribbons depending on the isothermal temperature. While in the former 
case stronger mechanical properties are expected, the latter one is more 
likely to provide the material higher electrical permittivity confirming 
the great polyvalence of such polymers in terms of applications (fibres, 
electrolytes…). From a more fundamental point of view, we have been 
able to accurately quantify the minimal cooling rate allowing to keep 
the TPE 20%HS amorphous when quenched from the melt state being 
-800 C.s-1. This extreme value appears as a strong asset for this 
chemistry since it allows the hard network formation and thus the 
material elasticity emerging in a quasi-instantaneous way. We also 
showed, how playing with the temperature for these TPEs allow 
controlling the influence of chain mobility, both at the level of the 
whole chains and at a more local level, in the formation of stable 
ribbons. 
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5.6 Appendix (Supporting information, chapter-5) 
 
1) Following measurements shows the stability of sample mass 

during the FSC measurement of 10%HS sample -  
In supporting Figure S1a, we show 10%HS sample at !IÆO 110 

oC i.e. above !. for varies isothermal time from 2 sec to 10 min. Again, 
supporting Figure S1b shows, 10%HS sample isothermally hold at 110 
oC, where by thermogram A and B represents the initial (taken from 
supporting Figure S1a) and final measurement. The overlap is the sign 
of reproducibility for two measurement showing stability of sample 
mass, good inert atmosphere during measurements of the sample.  

 

 
 
 

a 
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Figure S1: a) Heating curves for 10%HS sample for !IÆO110 oC at 
different !IÆO holding time. b) Heating curves for 10%HS sample for 
!IÆO 110 oC, A) done initially B) done after completing the 
measurements to check the reproducibility.   
 
2) Melting temperature as a function of cooling rate 20%HS - 

Following supplementary Figure S2, shows the monotonic 
increase in melting temperature for 20%HS sample as cooling rate is 
decreased from 4000 to 10 oC.s-1. Decrease in the melting temperature 
signifies the kind of morphology or structure formed during the cooling. 
Highest melting point observed when sample is cooled with the rate of 
10 oC.s-1 indicating the formation of stable T4T crystals. As cooling rate 
is increased melting point decreases and forms the amorphous domain 
at 4000 oC.s-1. 

 

b 
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Figure S2: Melting temperature for 20%HS TPE as a function of 
cooling rate. 
 
3) Crystallization kinetics for 20%HS TPE sample - 

Supplementary Figure S3, show the exothermal peaks for 
20%HS from 135 oC to -10 oC as a function of time. The maximum of 
crystallization peak time was used to obtain the crystallization kinetics 
plot (shown in red line).   
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Figure S3: Isothermal curves from 135 to -10 oC for 20%HS 
sample as a function of isothermal holding time. 

 
4) Crystallization kinetics for 10%HS TPE sample - 

Supplementary Figure S4, show the exothermal peaks for 
10%HS from 60 oC to 0 oC as a function of time. The maximum of 
crystallization peak time was used to obtain the crystallization kinetics 
plot (shown in red line).  

 

 
Figure S4: Isothermal curves from 60 to 0 oC for 10%HS sample as a 
function of isothermal holding time. 
 
5) Isothermal crystallization (#9 to #5) of 20%HS TPE - 

Following Figure S5 a, b, c, d and e shows the heating curves 
for the isothermal steps from !" to !+ during cooling. The data is 
plotted as measured in FSC instrument, without shifting, to show the 
various phenomena taking place over entire range of temperature. 
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a 

b 
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Figure S5: Heating curves for 20%HS sample, isothermally 
crystallized during cooling from !" to !+  a) represents isothermal 
temperature range from 160 to 100 oC. b) isothermal temperature range 
from 95 to 50 oC. c) isothermal temperature range from 45 to 0 oC. d) 
isothermal temperature range from 0 to -50 oC. e) isothermal 
temperature range from -55 to -80 oC. 
 
6) Melting temperature (#5) and shoulder melting temperature 

(#%.) for 10%HS TPE at different #$%& for 2s and 60s -  
In Figure S6, starting from the !IÆO  50 oC for 10%HS at 2s, !Æº 

and !+  are observed at 85 oC and 105 oC. Whereas at 60s, only !+ is 
observed, which is well pronounced at 100 oC merging the !Æº and !+  
as a result of chain mobility. Following the trend at !IÆO 40 oC again !+  
is observed showing same melting point but !Æº is found to be shifted 
to lower temperature in comparison to !IÆO 50 oC for 2s. But 
interestingly, at !IÆO 40 oC for 60s, broad melting peak is observed 
which is again merged with !Æº. It can be further established with the 
decrease in the melting point as compared to !IÆO 50 oC for 2 and 60s. 
Interestingly at !IÆO 30 oC, again we observe the separation of !+ and 

e 
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!Æº for 2 and 60s. At !IÆO 30 oC, !+  shows again the high melting point 
same as observed for !IÆO 50 oC for 2s and !Æº shifting towards the 
lower temperature. Due to this merging of the peaks for 60s it is difficult 
to distinguish between !Æº and !+ and therefore it is denoted by green 
dash line. 

 
Figure S6: Heating curves for 10%HS sample for !IÆO 50 to 30 oC at 
different !IÆO holding time i.e. 2 and 60s 
 
7) AFM 20%HS TPE –  

Figure S7, shows the height sensor AFM images as a supporting 
information for the Figure 5.5 a and b of the chapter. The surface of the 
20%HS film along with the substrate seems to quite uniform especially 
for quenched sample as the sample remains amorphous. Whereas the 
progressively cooled surface shows quite rough surface in terms of 
height, which signifies the crystalline nature of the sample. 
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                Cooled at > 800 oC.s-1 

 
Cooled at 6 oC.min-1 

 

Figure S7: Height sensor images of 20%HS sample a) Cooled at > 800 
oC.s-1, b) Cooled at 6 oC.min.

a b 
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 Tunable viscoelasticity of well-

defined entangled segmented copolymers: 

effects of temperature, time and shear 

flow 
 

Abstract 
In order to obtain a fundamental link between molecular 

structure and properties of thermoplastic elastomers (TPEs), we 

present a systematic investigation of the shear rheological properties 

of segmented copolymers made of terephthalate-based diamide (T4T) 

HSs and soft (poly(tetramethylene oxide)) units as functions of time, 

frequency and strain amplitude over a broad temperature range. Data 

are interpreted with the help of a newly developed statistical approach, 

in order to determine the influence of both the entanglements and the 

associated HSs on the samples modulus. Small amplitude oscillatory 

shear (SAOS) tests show unambiguously that on increasing the fraction 

of HSs from 5 wt% to 20 wt% the crystallization rate is accelerated and 

the hard domains are becoming stronger resulting in reinforcement of 

the polymer matrix with increased elastic modulus (from 2 to 10 MPa) 

and melting point (from 90 °C to 160 °C). In addition, at intermediate 

temperatures, between crystallization and melting temperatures, cyclic 

large amplitude oscillatory shear (LAOS) measurements show that the 

fast association tendency of HSs, i.e. the crystallite expansion, 

competes with the diffusion of the overall chains, resulting in a 

metastable state with unexpected viscoelastic properties. The 

investigation of the effect of strain amplitude and temperature on these 

properties suggests a partial loss of effective entanglements under flow 

below the melting temperature. Thus, controlling the competition 
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between HSs association and chain entanglements a key point for 

tuning the properties of this class of materials at wish. 

6.1 Introduction 

Thermoplastic elastomers (TPEs) based on segmented block 
copolymers, are characterized by a two-phase morphology, comprising 
a soft phase with a low glass transition temperature (!"), and a hard 
phase with a high !".1 Between these two transition temperatures, 
micro-phase separation occurs, giving rise to equilibrium 
morphologies, which are often characterized by long-range order.2 The 
HS, forming either a glassy or a crystalline phase, can then be thought 
of as physical cross-linkers for the soft blocks, leading to the creation 
of a physical network. As largely studied in literature2-12, micro-phase 
separation is strongly influenced by parameters such as the volume 
fraction of HSs7, the Flory-Huggins interaction parameter8 and the total 
degree of polymerization.9 Depending on these parameters, different 
micro-structures can be obtained, as for example lamellar, cubic or 
cylindrical phases.10--17 

In this work, we would like to focus on a special type of TPEs 
with uniform, monodisperse, crystallizable amide HSs. With such 
systems, crystallization occurs very fast, through association of the HSs 
via hydrogen bonding between the amide groups.18-20 This forces the 
crystals to rapidly grow in the H bonding direction, which leads to the 
creation of ribbon-like crystals immersed in a soft-segment matrix.18-24 

The crystallization rate is further increased if monodisperse short HSs 
are used, favoring the formation of regular crystallite with enhanced 
association strength. In such a case, crystallites with a very high aspect 
ratio are formed, characterized by a uniform thickness determined by 
the HSs length, and a relatively short width which depends on the ability 
of the chains to bond via van der Waals interactions19 or pi-pi 
stacking.1,19,25 These long uniform ribbons lead to improved mechanical 
properties, high critical stress at fracture and high melting temperature, 
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Tm .18 Furthermore, due to their growth process, they do not form large 
structures such as spherulitic structures1, and are usually transparent. 
Thus, by combining superb mechanical properties, good processability 
and the ability to be re-used, this class of materials offers a large 
potential for developing new applications.18 This explains the large 
number of studies proposed in the literature, which focus on their elastic 
moduli and yielding characteristics as functions of composition.1,18,26-29 
For example, it has been shown that under small strains, the reinforcing 
effect of the HS crystallites can be understood by making an analogy of 
TPEs to composites made of independent fibers in a polymer matrix1, 
i.e. considering that the modulus mainly depends on the concentration 
and aspect ratio of the fibers. However, at high strains, the yielding and 
morphological change of the crystallites cannot be explained with such 
a picture. Indeed, the sample properties will be largely dictated by the 
ability of the hard phase to resist large strain as well as by the way the 
broken ribbon-like crystallites will be able to re-organize.9,19,30,31 
Therefore, all parameters which are influencing the strength and 
deformability of the crystallites, such as the concentration and structure 
of the crystallites, the nature and density of the HSs, the length of the 
copolymers, or the temperature, will play a key role1 and it is important 
to understand how they can be tuned in order to control the rupture and 
flow properties of the TPEs. A way to rationalize their effect is to 
discuss their influence in term of 1) the association strength of the HSs, 
2) mobility of the chains and 3) network connectivity, since these three 
features directly influence the melting properties of the segmented 
copolymers: 
 
Association strength of the HSs: Obviously, TPEs containing HSs with 
large association strength will better resist straining. This is the strategy 
which has been followed by selecting TPEs with well-defined, 
monodisperse and rather short HSs, able to interact via hydrogen 
bonding.26, 31-33 Indeed, it has been observed that in addition to lead to 
very well-defined structures, these TPEs exhibit stronger resistance to 
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strain, compared to segmented copolymers containing HSs of various 
sizes. Furthermore, their nearly complete phase separation process 
(characterized by the virtual absence of non-crystallized HSs in the soft 
phase) ensures the softness, deformability and low !" of the soft phase, 
concomitant with a sharper melting transition of the hard phase.27,29,34 
This general strategy of mechanical reinforcement by means of directed 
bonding interactions has been used in several works with diverse 
systems ranging from TPEs to nanocomposites.1,19,26,33,35  

As already mentioned, the HSs association strength also 
strongly depends on temperature.18,36 At low T, larger association 
strength is observed, which enhances the creation of larger crystallites 
characterized by high melting temperature. This was shown, for 
example, in ref.37, where the crystallinity of TPEs based on PTMO 
(poly(tetramethylene oxide)) SSs and monodisperse T6A6T (biester-
tetra-amide) HSs was different upon heating or cooling the sample, 
exhibiting large hysteresis effects with consequences on the final 
properties.  

Besides the HSs nature and the temperature, another important 
parameter in order to control the association strength of the HSs is their 
density. Indeed, it has been observed that increasing the length of the 
SS, i.e. reducing the HSs density, results in a systematic decrease of the 
flow temperature and storage modulus of the copolymers.18, 25, 29 This 
effect, which is generally observed for segmented copolymers, is 
explained by the solvent effect proposed by Flory.38 By decreasing the 
density of HSs, the average size of the crystal is becoming smaller, and 
these last ones melt more easily.29, 39-41 The HS crystallization with long 
SSs was also found to develop much more slowly39, compared to their 
crystallization at higher HS density.  

 
The mobility of the chains and sample equilibration: The complex 
morphology of the segmented block copolymers is largely influenced 
by the chain mobility, i.e. by their ability to form equilibrated structures 
before being trapped into a non-equilibrated (‘frozen’) state. For 
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example, it was shown in refs.42-44 that TPEs based on polyurethane HSs 
formed films of lamellar crystallites when annealed from solution, 
while they create ribbon-like structures when prepared in the melt state. 
This suggests that while in both situations crystals grow very fast in the 
H-bonding direction, the width of their crystallites, which is due to the 
weaker van der Waals bonding, strongly depends on sample preparation 
protocol and more specifically, on the ability of the chains to create 
equilibrated structures before losing their mobility. Besides thermal 
history, the distribution of the HSs along the chains also seems to play 
an important role. Interestingly, it was found that a triblock copolymer 
with soft middle block and di-amide HSs at the chain extremities form 
ribbon-like structures with a larger aspect ratio, characterized by a more 
efficient packing of crystallites and a stronger reinforcing effect, 
compared to a respective multi-block segmented copolymer with 
similar fraction of HSs.26  This suggests that if few HSs along the same 
molecule are associated, the HSs which are localized in between have 
a reduced mobility and cannot freely explore their surrounding 
anymore, in order to form stronger crystallites. A similar conclusion 
was drawn in our previous study based on fast scanning calorimetry 
data.45  

Thus, in segmented copolymers, the chain mobility is expected 
to affect the formation and shape of the crystallites. We expect the latter 
point to be especially relevant when the copolymers form 
entanglements, which slow-down chain mobility considerably.37 
 
Network connectivity: 
As mentioned above, the modulus and linear response of the TPEs vary 
in function of the ability of the chains to create large and strong 
crystallites, which mostly depends on the nature, and density of the 
copolymer segments, on the average number of HSs per chain, on the 
entanglement state (or length) of the chain and on temperature. 
However, under large deformation, other parameters must also be taken 
into account. In particular, besides the association strength of the HSs, 
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network connectivity plays a key role in the resistance to flow since it 
determines how many HSs in average must dissociate in order to 
observe the rupture of the sample.36 At constant HSs density, increasing 
the length of the chains should, therefore, improve the resistance to flow 
of the TPEs, since each of them contains a larger number of associated 
segments as well as a larger number of entanglements, i.e. a larger 
number of connection points with the other chains.36, 46 This picture was 
confirmed by Matsumiya et al. in ref.47, who studied the elongational 
behavior of a series of symmetric styrene (S)-isoprene (I) – styrene (S) 
multi-block copolymers of (SIS)p-type (with p=1,2,3 and 5), in a 
selective solvent that dissolves the I blocks and precipitates the S 
blocks. While under small elongation all these systems had similar 
rheological behavior, a remarkable difference was found under large 
elongation, where it was observed that the maximum stretch ratio at 
rupture significantly increases with the repeating number p of the SIS 
units. The authors attributed this observation to the fact that full 
percolation of the network was surviving well after the breaking of the 
first bonds, the material being able to stand the elongation as long as at 
least two PS blocks, on average, was remaining intact in each (SIS)p 
copolymer backbone. Obviously, the probability of having such intact 
S blocks is larger with a larger number of repeating units p. Same 
conclusions were also drawn in the recent work of Aime et al.36 on TPEs 
similar to the ones used in the present work.  

Besides the number of HSs per chain, another parameter which 
influences the connectivity of the network is the ratio between the 
association of HSs within the same chain and surrounding chains. 
Indeed, while intra-associations are expected to contribute to the 
formation of the nano-ribbons and thus, to the reinforcement of the 
TPEs, they will not directly contribute to the percolation properties of 
the network. In previous works, it was shown that this last parameter is 
especially important in order to explain the influence of a flow field on 
the spatial organization of the HSs domains, which governs the 
resistance of the sample to flow.1,2,48,49 Upon specific shear or 
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elongation condition, depending on the chain connectivity, induced 
parallel or perpendicular orientations of the HS domains have been 
observed.3, 50-55 For example, it was shown that parallel orientation of 
the lamellae are usually found at high frequencies or large strain 
amplitudes of deformation with bi- or tri-blocks, while perpendicular 
orientation are generally observed with pentablocks.3,51,55 This 
difference in alignment was attributed to the fact that parallel 
pentablock chains have a significant fraction of bridging segments and 
entangled looping, which are stretched under large shear, making the 
parallel orientation unfavorable. Consequently, the perpendicular 
orientation of the ribbons is favored and accompanied by the breakage 
of the ribbons into smaller structures.1, 53  

However, as it was discussed in3,53,56, under specific high shear 
conditions, parallel orientation can also be observed with pentablocks 
or heptablocks. This was attributed to the creation of slip planes via a 
bridge-to-unentangled loop transformation, thus allowing layer-by-
layer sliding and reducing the SSs stretching. This last example shows 
that shear flow can cause dissociation of certain physical bonds and 
subsequent reformation into a different configuration. But it also 
illustrates the fact that LAOS-induced alignment of lamellar block 
copolymers at a given distance from the order-disorder transition 
temperature, depends in a rather complicated way on a combination of 
several parameters, such as temperature, frequency, strain amplitude 
and time.57,58 Thus, for such systems, the exact mechanisms behind the 
formation of the crystallites are not fully understood, although it is 
established that chain entanglements, chain relaxation time and 
annealing conditions influence the final properties of the lamellae and 
are associated with their substantial thixotropic response.59 Hence, flow 
can result in a complex interplay of chain alignment and intermolecular 
associations.57  

It is evident from the above that, even for model segmented 
copolymers characterized by identical, short and monodisperse H-
bonding HSs, playing with the density of HSs is not sufficient to control 
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the material properties. The thermal history, the length of the segments 
and the sample preparation protocol can influence the packing and 
strength of the HS domains, with direct consequences on the modulus 
and yielding properties. In view of this background, a central question 
concerning segmented copolymers is how HSs density, shear flow, 
temperature and time affect their ultimate mechanical properties. The 
objective of the present work is to address this challenge by exploring 
the influence of these different parameters on their viscoelastic 
properties. 

To this end, we investigate the rheological behavior of several 
well-defined model segmented copolymers of similar total molar mass 
but the different fraction of monodisperse amide-based HSs (5 - 20 
wt%) and PTMO (polytetramethylene oxide) SSs. We interpret our 
results using the knowledge of the equilibrium structure, which has 
been described in ref.25, and by developing a statistical model in order 
to describe the sample composition based on its synthesis. With these 
samples, the network connectivity is varied by playing with the HSs 
density, while keeping the same chain length. On the other hand, the 
association strength of the HSs is varied by playing with temperature 
and HSs density, and the chain mobility is tuned by playing with the 
thermal history of the samples. Their behavior under LAOS is also 
investigated. 

The chapter is organized as follows: in Section 6.2, the materials 
characteristics and experimental details are given. The statistical 
approach is also described. In Section 6.3, the results are presented and 
discussed: first, we look at the chain composition and proportion of free 
dangling ends as functions of HSs density. We then discuss the melting 
temperature and transitions, the rheological data obtained in the linear 
regime (Section 6.3.2) and under LAOS (Section 6.3.3). Finally, the 
conclusions are summarized in Section 6.4. 
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6.2 Experimental 

6.2.1 Materials 

Linear segmented block copolymers of similar weight-average 
molar mass (Mw=42 ± 5 kg.mol-1), made of SSs (PTMO) and different 
fraction of monodisperse hard terephthalate-based diamide (T4T) 
segments have been synthesized through polycondensation, as 
discussed in ref.26. Differential scanning calorimetry (DSC) 
measurements (at a heating/cooling rate of 15 oC.min-1) for samples 
containing 0, 5, 10, 15 and 20 wt% HS are shown in Figure 6.1.  

 
Figure 6.1: Differential scanning calorimetry (DSC) measurements at 
a heating rate of 15 oC.min-1 for samples containing 0, 5, 10, 15 and 
20%HS. 
 
Results of their physico-chemical characterization are presented in 
Table 1. Figure 6.2 below illustrates the basic mesoscopic structure of 
these TPE chains and the postulated network they form.1 They are well-
entangled since the entanglement molar mass of pure PTMO is Me≈1.5 
kg.mol-1.59  
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Figure 6.2: Schematic illustration of TPE chains association through 
crystallization of HSs. 

Table 2: Physico-chemical characterization related to the TPEs 
studied at 15 oC.min-1. 

HS 
density 

(wt%) 

Mw/

Mn 
 

Mn(PTMO) 

(g.mol-1) * 
<N>** 

 

Tg
SS

 

(°C) 

Tm 

(°C) 

Tc 

(°C
) 

Xc
*** 

(%) 

5 2 6840 4 -59 92 65 2.6 

10 2 3300 7 -59 122 
10
0 

6.3 

15 2 2080 11 -58 149 
12
0 

9.3 

20 2 1470 11 -58 158 
13
6 

15.8 

* Average molar mass of the PTMO segments between two successive 
HS as calculated based on the synthesis.  
** Average number of HS per chain calculated from wt% HS and Mn.  
*** Crystal weight fraction from DSC (with a heating/cooling rate of 
20 oC.min-1) calculated via Xá = (�Hàâä/�HGHG) ∗ 100 where 
ΔHGHG=150 J.g-1 from ref.39  
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6.2.2 Rheological measurements 

The rheological measurements (dynamic frequency, strain and 
temperature sweeps) were performed with a stress-controlled rheometer 
(MCR 301 from Anton Paar, Austria) equipped with stainless steel 
parallel plates of diameter 8 mm. Before measuring, the samples were 
molten at a temperature T=180 °C (for 5% or 10% HS) or 190 °C (for 
15% or 90% HS), and subsequently cooled down at the target 
temperature. All measurements were carried out in a nitrogen gas 
atmosphere, whereas temperature control (better than ±0.3 °C) was 
achieved by means of a convection oven. 

6.2.3 Statistical description of the segmented copolymers 

In order to determine the sample composition, we have 
developed a statistical model which builds a large ensemble of 
segmented copolymers and allows analyzing their length distribution as 
well as the number and location of their HSs. Despite the polydispersity 
of the samples, statistical construction of the different TPE chains is 
relatively simple since their SSs are polyester chains synthesized via 
polycondensation reactions25 and the short HSs have been used as chain 
extenders. This means that the molar mass distributions of both the SSs 
and the whole chains are well described by a Flory distribution60, which 
corresponds to the assumption that each THF monomer added to a 
growing SS has the same probability, pend, SS, to be the last monomer 
added to this SS, i.e. to be located either just before a HS or at the end 
of the whole chain. An example of such monomers (related to pend, SS) 
is shown in Figure 6.3.   
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Figure 6.3: Cartoon representing different chains built from the 
statistical model. The arrows indicate in which direction the algorithm 
is building the chains, by taking randomly in a ‘statistical box’ either 
THF monomers, either HS or chain ends. While most monomers are 
located in the middle of the SSs, some monomers are located at the end 
of a chain, or just before an HS. The corresponding probabilities to find 
such monomers are pend, chain and pHS, respectively, while the probability 
that a THF monomer to be located at the end of a SS (i.e. either followed 
by an HS or at the chain extremity) is named pend, SS. These three 
probabilities are related through Eq. 5.  
 

Furthermore, each THF monomer has the same probability pend, 

chain, to be located at a chain extremity. Therefore, the chains can be 
statistically built following a Monte Carlo algorithm, in which the 
chains are created by randomly taking either a THF monomer, either a 
HS or a chain end from a ‘statistical box’ and by adding this unit to the 
growing chain.61 The corresponding number proportions of these 
different units in the box are determined based on their occurrence 
probabilities, (1- pHS - pend, chain), pHS and pend, chain, respectively. Here, it 
is worth mentioning that each HS is taken as a single unit since we know 
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a priori that they are monodisperse and that they are all composed of 
exactly one T4T unit. Since the average molar masses of the SSs and of 
the whole chains, Mn,SS and Mn, chain, have been determined from size 
exclusion chromatography, one can determine the corresponding values 
of pend,SS and pend, chain without further assumptions: 
fLJ],UU =

m

(Y0,##/+1)
,  (1) 

fLJ],.ºNIJ =
m

(Y0,23450/+1)
,  (2) 

with m0 being the molar mass of a PTMO monomer (i.e. 
tetrahydrofuran, 72.11 g.mol-1). 
The corresponding molar mass distribution can then be determined, by 
calculating the probabilities pSS(N) and pchain(N) of a selected SS or a 
selected chain to contain N monomers [60]: 

fUU(Ö) = 61 − fLJ],UU7
Xòm

		fLJ],UU,     
  (3) 

f.ºNIJ(Ö) = 61 − fLJ],.ºNIJ7
Xòm			

fLJ],.ºNIJ.   
  (4) 
Furthermore, based on Equations 1 and 2 and by considering the fact 
that each SS is followed either by a chain end or by an HS, one can 
determine the probability pHS that a monomer randomly selected along 
a chain is both the last monomer of a SS and followed by an HS (i.e. 
excluding the chain end position, see Figure 6.3). Indeed, since 
fLJ],UU 												

= 1 − f(⁄ℎŸ	/r_r/Ÿ8	Î9	_r⁄	Ë⁄	⁄ℎŸ	ŸÒ⁄8Ÿ/Î⁄:	r≠	Ë	ΩΩ)
= 	1

− f(⁄ℎŸ	/r_r/Ÿ8	Î9	_ŸÎ⁄ℎŸ8	;Ÿ≠r8Ÿ	Ë_	2Ω	_r8	Ë	<ℎËÎ_	Ÿ_Ø	) 
 

= 1 − õ(1 − fTø)	61 − fLJ],.ºNIJ7ú ,   

  (5.a)  
We find that: 
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 fTU = 1 −
mòV=0>,##

mòV=0>,23450
.      

   (5.b) 
 
Thus, the probabilities presented in the above equations can all be 
accurately determined based on the information of Table 1, hence 
allowing us to keep track of the number and location of the HSs in 
different chains. Since the HSs will associate and dissociate over time, 
one also needs to define a new, yet unknown, parameter, pass, which is 
the probability for a HS to be associated. This value is considered 
identical for all HSs along the chain, and is expected to vary with 
temperature. From this value, the probability for a SS to be followed by 
an ‘associated HS’ can be determined as: 
fNÆÆO.INKL]	TU = fTU. fNÆÆ      
   (6) 
In this work, the parameter pass is the only parameter which cannot be 
determined from the experimental molar mass distributions of the SSs 
or the copolymers.  

6.3 Results and Discussion 

6.3.1 Statistical composition of the segmented copolymers 

In order to investigate how the structure and strength of the hard 
domains depend on the mobility and connectivity of the chains, which 
in turn depend on the number and localization of the HSs, an accurate 
description of the HS distribution along the chains is needed. This will 
also allow us to properly take into account the contribution from the 
chains entanglements to the sample modulus, which is important at high 
temperature, at which the samples often contain more entanglements 
than associated HSs. Indeed, based on ref.62, the entanglement density 
is estimated to 1 entanglement per subchain of mass Me = 2000 g.mol-

1. This number is comparable to the molar mass of a SS trapped between 
two associated HSs for the sample containing 15 wt% of HSs if we 
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consider that all its HSs are associated (Mn, SS = 2080 g.mol-1, see Table 
1). It is therefore expected that at a temperature where the HSs 
association is not too strong (i.e. above Tm), the sample modulus is 
mainly governed by the entanglements which are trapped between two 
associated HSs and can only relax after dissociation of the HSs, which 
act as physical cross-links. Therefore, it is important to quantify the 
contribution of these topological constraints to the modulus as a 
function of the association probability of HSs, pass. This is achieved 
with the aid of the statistical approach proposed in Section 6.2.3. 

The key results are presented in Figures 6.4 and 6.6. Figure 6.4 
depicts the weight fraction of chains containing a specific number of 
HSs, for the four segmented copolymers investigated. The proportions 
of the main classes of SSs and the probabilities pend chain and pHS are 
given in Table 2. Concerning the former we consider different situations 
for SSs, which are represented in the cartoon on Figure 6.5:  (i) 
belonging to a molecule without HS, (ii) belonging to a molecule 
containing only one HS, (iii) being the dangling segment of a 
copolymer chain containing at least two HSs, (iv) localized between 
two HSs in a chain containing at least two HSs. We observe that the 
segmented copolymer with 5 wt% HS fraction contains a large fraction 
of molecules with zero or one HS, and has only about 50 wt% of SSs 
localized in-between two HSs. This means that at least half of its soft 
phase will always be able to relax, either by diffusion (reptation) in case 
of chains with 0 HS, either by fluctuations in case of chains with one 
HS and for the dangling SSs of the other chains, even at low 
temperatures where most of the HSs are associated and may form 
crystallites. Thus, as long as the temperature is above the Tg of the 
PTMO soft phase (see Table 1), only half of this sample can be trapped 
between two associated HSs and relax at long time scales. In the other 
limiting case, the relevant fraction of localized SSs between HSs for the 
sample with 20 wt%HS is about 85wt%. In that case, chain relaxation 
takes place at times beyond the HS dissociation. 
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Figure 6.4: Weight proportion of molecules versus the number of HSs 
they contain, for samples 5 wt%HS (blue, D), 10 wt%HS (green, �), 15 
wt%HS (orange, Ñ) and 20 wt%HS (red, �).  
 

Table 2: Weight fractions of the main classes of SSs in the TPEs: (i) 
belonging to a molecule without HS, (ii) belonging to a molecule with 
only 1 HS, (iii) being a dangling SS of a copolymer chain containing at 
least 2 HSs, (iv) localized between two HSs in a chain containing at 
least 2 HSs. 

 
PHS, 

pend,chain  

SSs 
belongi
ng to 

chains 
with 0 

HS 
(wt%) 

SSs 
belonging 
to chains 
with one 

HS (wt%) 

Dangling 
SSs of 
chains 

containing 
at least two 
HS (wt%) 

SSs 
localized 
between 
two HSs 
(wt%) 

5 
wt%H

S 

7.7/100
0, 

2.86/10
00 

8 11 29.6 51.4 



                                                 Chapter 6  
 

 
 

237 

10 
wt%H

S 

1.88/10
0 

3.16/10
00 

2.2 3.5 21.7 72.6 

15 
wt%H

S 

3.16/10
0 

3.2/100
0 

1.1 1.6 17 80.3 

20 
wt%H

S 

4.5/100 
3.7/100

0 
0.7 1 14 84.3 

 

 
 

Figure 6.5: Cartoon representing the different kinds of SSs: 1) SSs 
belonging to chain with 0 HS (see the grey curves), 2) SSs belonging  
to chain with one HS (see the thick green curves), 3) SSs belong to 
chains with at least two HSs (see the blue and black curves). This last 
category of SSs contains dangling SSs (see the blue curves) and SSs 
localized between two HSs (see the black curves). Note that for clarity, 
only a part of the chains are represented (all HSs are considered as 
trapped in HSs domains). 
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The fractions given in Table 2 correspond to the specific case 
where all HSs are associated, i.e., pass=1. However, in reality only a part 
of HSs is associated, depending on temperature and thermal history of 
the sample (see Section 6.3.2). Consequently, the smaller the 
association probability pass, the smaller the proportion of SSs trapped 
between two associated HSs. In order to determine this influence, we 
analyze the composition of a population of about 104 molecules, which 
were constructed by randomly taking units (of the same statistical 
weight) in a ‘statistical box’ containing a fraction passociated HS of 
associated HSs (see Figure 6.3), a fraction [(1-pass)pHS] of free HSs, a 
fraction pend, chain of chain ends and a fraction (1- pend,chain - pHS) of THF 
monomers located between two other THF monomers along the chain , 
and by adding these monomers one-by-one until an end chain was 
randomly taken in the statistical box (see Section 6.2.3).   

Results are shown in Figure 6.6a, which represents the weight 
fraction of molecular SSs trapped between two associated HSs, ptrapped, 
as a function of their association probability, for the four different HSs 
densities. In the estimation of ptrapped, only the monomers located 
between two associated HSs are considered. From this ensemble of 
molecules, we also determine the corresponding fraction of molecules 
containing unassociated HS (called p0-ass-HS) or only one associated HS 
(called fmòNÆÆòTU) as a function of pass, as well as the fraction of 
dangling SSs belonging to chains with at least two associated HSs, 
pdangling-SS. These fractions are shown in Figures 6b, 6c and 6d, 
respectively. It is seen that for a sample with 5 wt% of HS and low 
association probability (pass=0.05), most of the chains are free. By 
increasing the fraction of associated HSs, part of these free chains are 
effectively transferred to the chains containing one associated HS (with 
a maximum at pass=0.15). At the higher pass, chains with 0 or one 
associated HSs are becoming less probable, giving rise to a larger 
fraction of chains with at least two associated HSs, hence contributing 
to the fraction of trapped chains and dangling ends (rather than to p0-ass-

HS or p1-ass-HS). But as already mentioned above, these samples always 
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contain a significant fraction of chains with no or just one associated 
segment, even if all HSs are associated (i.e. pass=1). In contrast, with 
larger densities of HSs, the fraction of chains with 0 or one associated 
HS decreases rapidly in favor of the dangling SSs belonging to 
molecules with at least two associated HSs. With increasing the fraction 
of associated HSs, the fraction of these dangling ends decreases in favor 
of SSs trapped between two HSs. 
 

 
Figure 6.6: Weight proportion of (a) molecular segments trapped 
between two associated HSs, (b) free chains, (c) chains with only one 
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associated HS, (d) dangling end in chains containing at least two 
associated HSs, as a function of the association probability. Results are 
shown for samples with 5 wt%HS (blue, D), 10 wt%HS (green, �), 15 
wt%HS (orange, Ñ) and 20 wt%HS (red, �). 
 

One can clearly see in Figure 6.6 that the fraction of trapped 
segments increases more sharply at high HS density (15 wt% or more). 
This means that for samples with larger HS density, when the 
temperature is decreased (i.e., pass increases), the state at which most of 
the chain entanglements are trapped between two associated HSs is 
quickly reached. As discussed in Section 6.3.3, this is expected to 
strongly affect the overall chain mobility and consequently, its ability 
to form stable HSs domains.  

6.3.2 Influence of HS density, temperature and time on linear 
viscoelastic properties  

As reported in ref.25 and presented in the DSC data (Figure 6.1), 
the HSs of the present segmented copolymers can associate into 
different structures exhibiting distinct melting temperatures (see Figure 
6.1). As described in the Introduction, these structures are elongated 
crystallites (ribbons) due to the presence of relatively strong and 
directional hydrogen bonds. Concomitantly, their width reflects van der 
Waals associations (and possibly p-p stacking as well).1 Thus, the final 
properties of these segmented copolymers strongly depend on the way 
the crystallites grow, until they reach a ‘frozen’ state, at which the HSs 
are kinetically trapped and cannot dissociate anymore in order to create 
energetically more favorable new structures.25, 42-44 In this Section we 
explore the role of HS density, temperature and time on the 
macroscopic properties of such well-defined TPEs of varying 
composition and in particular, on their linear viscoelastic response. We 
discuss the thermal protocol needed in order to enhance the formation 
of strong crystallites, defined by a high melting temperature and show 
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the great significance of intermediate temperatures at which chain 
mobility competes with HSs association. 

6.3.2.1 Influence of HS density 

The DSC results of our well-defined TPEs are shown in Figure 
6.1 in the case of a heating/cooling rate of 15 oC.min-1. As is known 
from analogous multiblock copolymers.1, 45, all samples have similar 
values of glass transition temperature, Tg, with little influence of HS 
density (Table 1). This observation is consistent with the low fraction 
of HSs present in the soft phase, as expected from the synthesis of TPEs 
containing well-defined, monodisperse HSs.27 Furthermore, the 
broadness of the corresponding melting peaks corroborates the co-
existence of phase-separated HS domains and crystallites of different 
stability in the four TPEs. The fact that the hard phase does not consist 
entirely of crystallites with high melting peak suggests that part of the 
HSs did not form well-organized structures in such melt-processed 
materials. We attribute this to the very fast association of the HSs at low 
temperature, together with the low mobility of the entangled chains, 
which easily leads to trapping some HSs into a metastable state.26, 45 In 
addition, the melting peaks are strongly influenced by the fraction of 
HSs: the “terminal” melting point Tm,t (i.e., the temperature at which the 
sample is totally molten) is shifted from 91.8 to 122.3, 148.6 and 157.8 
°C as the HS fraction increases from 5 to 10, 15 and 20 wt%, 
respectively, in harmony with the literature.25, 32, 63-65 This can be 
rationalized by considering the fact that the probability for an HS to 
associate, hence to create longer and thicker crystallites, is much larger 
for high compared to low HS density, due to the ‘solvent' effect of the 
amorphous phase, as described by Flory.29, 39-41  Besides increasing the 
melting temperature of the samples, the effect of HSs density, at 
constant copolymer length is to significantly enhance their plateau 
modulus. This is shown in Figure 6.7, where the value of 7X,L-V†  , which 
has been approximated by the storage modulus of the TPEs at a 
frequency of 10rad.s-1, is presented in function of the HS density. An 
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obvious explanation of the observed increase in 7X,L-V† 	is the effective 
physical crosslinking role of associated HSs along the polymeric chain, 
which contribute to the plateau, in addition to the contribution from the 
entanglement. This effect can be quantified by determining the plateau 
modulus, including both stickers and entanglement contributions: 66 

7X,UU
† = ?@! = AZ÷

YB
,       

   (7) 

where   ^- = õ
m

Y=
+

m

YCDE40>
ú
òm

,     

   (8) 
with Me, the average molar mass between two entanglements for PTMO 
molecules (≈2 kg.mol-1)62 and Mstrand, the average molar mass of the 
molecular segments between two associated HSs. The values of 7X,UU†  
obtained from Eq. 7 are then compared to 7X,LJK† 	, the entanglement 
plateau modulus (which takes into account only the contribution of the 
entanglements of the TPE chains), and the plateau modulus determined 
experimentally, 7X,L-V† . Whereas the contribution of HS crosslinks to 
7X,UU
† 	is important, it is clearly not sufficient to explain the very large 

experimental 7X,L-V† 	values. This implies that at low temperatures the 
modulus is mainly governed by the HS-based crystallites rather than 
SSs trapped between the entanglements or associated HSs. Even with 
only 5 wt% of HSs, the long ribbon-like crystallites which are formed 
at room temperature25 allow a significant reinforcement of the TPEs.  
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Figure 6.7: Plateau modulus as a function of HSs density at a 
temperature of 25°C, determined experimentally (red, �), from Eq. 7 
(blue, �), or by considering only the contribution from the SS 
entanglements (grey, line). The dashed line is drawn to guide the eye. 

6.3.2.2 Influence of time 

In Figure 6.8, we study the influence of time on the evolution of 
the viscoelastic properties of the segmented copolymer containing 10 
wt% of HSs, at different temperatures. Before each measurement, the 
sample was heated at 180 °C, i.e. well above its melting temperature ( 
122 °C), in order to melt the possible crystals formed during the time 
sweep tests, and a frequency sweep test was performed at this high 
temperature in order to confirm that the sample did not evolved 
irreversibly during the experiment.     

As shown in Figure 6.8, while at low and high temperatures the 
viscoelastic data of the samples do not really evolve through time, the 
storage modulus significantly increases, sometimes by almost a decade, 
in the intermediate temperature range Tc<T<Tm.  

The emerging picture calls for the formation of short HS-
mediated aggregates on cooling, which in turn associate into stronger 
crystallites. At intermediate temperature, the association strength of 
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HSs via hydrogen bonding is expected to be weaker and their 
crystallization kinetics much slower than at low temperature. Therefore, 
in order to enhance the HSs association and to form stronger 
crystallites, much longer waiting times are necessary in order to 
compensate for the lower association probability. On the other hand, at 
low temperature, the system reaches nearly instantaneously its 
maximum associated state, leading to a too low mobility of the chains 
to allow them to further associate, while at high temperature, the driving 
force for crystallization is too low to observe the formation of crystals.  
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Figure 6.8: Time sweep measurements of the storage and loss moduli 
of the sample containing 10%HS, at a frequency of 10 rad.s-1, g=1%, 
and at various temperatures. Prior to each measurement, the sample was 
heated at 180°C.  
This result demonstrates the importance of controlling the thermal 
history of the sample, as well as using well-defined protocols in order 
to ensure the reproducibility of the data. 

6.3.2.3 Influence of temperature 

The linear viscoelastic spectra of samples 10%HS over a wide 
range of temperatures are depicted in Figure 6.9, from T=180 °C to 
T=120 °C. Prior to each measurement, the sample was heated at 180 
°C, then cooled down to the measurement temperature. Depending on 
the temperature, a waiting time of 30 or 60 minutes was then applied in 
order to ensure relatively stable viscoelastic properties. At intermediate 
temperatures, data obtained both after 30 min and 60 min are shown. 
They only show a small difference.   

A liquid-to-solid transition is observed with decreasing 
temperature. The transition temperature is taking place at 
approximately 130 oC, which is close to Tm. Above this temperature, the 
attractive interactions between HSs due to hydrogen bonding weaken, 
hence the sample flow. There is however a small fraction of the TPEs 
which cannot fully relax within the experimental frequency window, as 
suggested by the fact that the -2 slope of the storage modulus is not 
observed below 180 °C, the temperature at which the sample relaxes as 
an entangled (non-sticky) linear chain. This small fraction of unrelaxing 
chains is attributed to the formation of a few very stable HS micro-
domains25, which are responsible for the longer lifetime of HS 
associations, hence slower terminal relaxation.  

By gradually decreasing the temperature, the chains are still able 
to relax but their terminal relaxation becomes broader and slower. At 
130 °C, a second plateau, G2, emerges at low frequencies, suggesting 
that a significant fraction of the sample is trapped between associated 
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HSs, while dangling ends relax. This secondary plateau increases 
sharply with further decrease in the temperature, whereas the high-
frequency "primary plateau" is only slightly enhanced. Indeed, the 
value of 7X,L-V†  is very close to 7X,UU† , determined by assuming that all 
HSs are associated as discussed above (see Figure 6.7). This suggests 
indirectly that most of the HSs are associated into small structures (low-
coordination number) acting as physical crosslinks, whereas long and 
thick crystallites25 able to significantly reinforce the samples (high 
coordination number) are not yet formed at these relatively high 
temperatures. In order to observe a large enhancement of the modulus, 
the temperature must be decreased even more. Thus, at the intermediate 
temperature, only association of the HSs into small structures seems to 
take place through time, the driving force for building larger crystallites 
being too small. 

 
Figure 6.9:  Frequency-dependent storage moduli of a sample 
containing 10%HS, measured from high (T=180 °C) to low temperature 
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(T=Tm-70 °C). Prior to each measurement, the sample was heated at 
180 °C and a time sweep of 30min or 60min. 
 

As shown in Figure 6.10, similar behavior is found for the other 
samples, containing 5, 15 or 20 wt% of HSs. The respective transition 
temperatures between liquid-to-solid behavior are approximately 100, 
140 and 155 oC for 5, 15 and 20%HS, respectively (see Table 1).  A 
sharp increase of the secondary plateau is observed below these 
temperatures. Furthermore, reinforcement effect (7X,L-V†  > 7X,UU† ) is 
seen when the temperature is further decreased (below 80, 110 and 130 
°C for 5, 15 and 20 %HS, respectively), allowing the short associated 
structures to assemble into larger structures.19,45  
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Figure 6.10:  Frequency-dependent storage moduli of sample 
containing (a) 5 wt%HS, (b) 15 wt%HS and (c) 20 wt%HS, measured 
from high (Tm+10 °C) to low temperature ((T=Tm-70 °C). 
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We also remark from Figure 6.10 that the liquid-to-solid 
transition is sharper at high HS density and that at low temperature the 
two plateau regimes in G’ are more distinguishable at lower HS density. 
To explain these observations we invoke the statistical approach 
developed in Section 6.3.1: as soon as the HSs start to associate, the 
fraction of SSs trapped between associated HSs increases fast when the 
density of HSs is large (Figure 6.6a), which explains the sharp transition 
in sample 20 wt%HS. In such a case, if all HSs are associated, only 15.7 
wt% of the SSs are free to move, hence to relax at high frequency (see 
Table 2). Therefore, as soon as the chains are able to associate via their 
HSs, the storage modulus evolves rapidly (Figure 6.10c). On the other 
hand, for 5 wt%HS, as much as about 50 wt% of the SSs will remain 
free (not trapped between associated HSs, see Table 2). These dangling 
ends will, therefore, disentangle at higher frequencies (primary 
plateau), yielding an elastic response characterized by two plateau 
regimes and a slower increase of the modulus. The role of the dangling 
ends is further rationalized in Figure 6.11, which depicts the theoretical 
evolution of the secondary plateau, G2(pass), as a function of the 
association probability of HSs. For comparison, the primary plateau 
modulus, G1(pass), is shown as well. Its value has been determined by 
considering that at short times, all chains entanglements and associated 
HS act as physical crosslinks. On the other hand, the values of G2(pass) 
are determined by considering that only the chains entanglements 
trapped between two associated stickers are contributing to the plateau 
(thus, assuming that the entanglements of the dangling ends had time to 
relax).66 These theoretical data allow us to highlight the fact that the 
ratio between the first and the second G’-plateau regimes are 
particularly large at low association probability (pass<0.6) and at low 
HS density, i.e., at the onset of the network formation. We also observe 
the large value of G2(pass) at high HSs density, even if only a part of 
HSs are associated (such as pass=50%).  
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Figure 6.11: Evolution of the primary (high frequency) and secondary 
(low frequency) plateau moduli G1(pass) (dashed curves) and G2(pass) 

(continuous curves), as function of the association probability of the 
HSs, for sample 5 wt%HS (blue, D), 10 wt%HS (green, �), 15 wt%HS 
(orange, Ñ) and 20 wt%HS (red, �).  
 

Based on Figure 6.11, the proportion of associated stickers for 
the sample containing 10wt% HSs (see Figure 6.9) can be estimated in 
function of the temperature. A value of around 25% of associated 
stickers is found at 120 °C while at 130 °C, this value decreases below 
5%. 

Since at lower temperatures, small HS aggregates associate in 
order to create long and thick crystallites25, temperature ramps in both 
cooling and heating directions represent an appropriate protocol for 
monitoring their stability and influence on the viscoelastic properties of 
the material. The measured temperature-dependent 7’ at 10 rad.s-1 are 
depicted in Figure 6.12 for the TPE sample containing 10%HS.  
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Figure 6.12: Dynamic temperature ramps of storage modulus at 10 
rad.s-1, for a sample containing 10% HS.  Data are shown from high to 
low temperatures (open symbols), followed by heating back to initial 
temperature (filled symbols), at a constant rate of 6 oC.min-1. The 
cooling ramps were performed from 180 °C down to different low 
temperatures (see the legend), followed by a time sweep performed 
until the increase of G’ saturates, before performing the heating ramp 
back to 180 °C.  
 

Coming from high temperatures, the storage modulus is first 
governed by the contribution of the entanglements and by the 
contribution of an increasing amount of HSs acting as cross-linkers 
(with 7X	† = 7m(fNÆÆ),	see Figure 6.11). Then, on cooling, it reaches 
much larger values, governed by the formation of (eventually long) 
crystallites which interact with each other and reinforce the sample 
(with 7X	† = 7X,L-V	

† ,	see Figure 6.7). The observed hysteresis confirms 
that low temperatures enhance the association of the short aggregates 
into larger crystallites characterized by higher melting temperature. 
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Figure 6.12 also shows that at intermediate temperatures where 
hysteresis is significant, the viscoelastic properties strongly depend on 
thermal history: while coming from low temperature, a large fraction of 
the HSs stay associated into crystallites, the amount of associated HSs 
is much lower if the same temperature is reached upon cooling from 
high temperatures. Indeed, in the latter case, the crystallites take a long 
time to develop in this intermediate region, as discussed in Section 
6.3.2.2. In order to illustrate this effect, we performed temperature 
ramps from 180 °C down to specific temperatures (see legend), 
followed by a time sweep test, in order to let the sample reach an 
equilibrium state, before heating the sample back to 180 °C. It is 
observed that long waiting time leads to similar properties as the ones 
obtained by cooling down the sample to low temperature. From this 
comparison, we can, therefore, conclude that at intermediate 
temperature, 1) equilibrated structures take time to develop because of 
the low association driving force of the HSs, 2) the structures obtained 
after long waiting time are not characterized by a higher melting 
temperature (compared to the crystal formed at low T). The fact that the 
larger mobility of the chains does not allow them to equilibrate into 
stronger structures45 indicates that the dynamics of the TPEs is mostly 
governed by the associated HSs (and the corresponding trapped 
entanglements), rather than by the segmental dynamics of the chains: at 
each temperature, there is a certain amount of HSs which should be 
associated. Coming from high temperature, too few HSs are associated 
so additional HSs will associate with time, while coming from low 
temperature, a too large fraction of HSs are associated, so part of them 
will dissociate in order to reach the same equilibrium value.  

This process is further confirmed in Figure 6.13, which shows 
that in this intermediate range of temperatures (Tc < T < Tm), obtaining 
higher storage modulus does not require to bring the sample to low 
temperature (70 °C) and form large, reinforcing crystallites. Cooling 
down the sample only slightly below the target temperature is enough 
to favor the association of a larger proportion of HSs and keep them 
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associated when heating the sample until the superior hysteresis curve 
of G' is reached. 

 
Figure 6.13: Dynamic temperature ramps of storage modulus at 10 
rad.s-1, for a sample containing 10% HS.  Data are shown from high to 
low temperatures (open symbols), followed by heating back to initial 
temperature (filled symbols), at a constant rate of 6 oC.min-1. The 
temperature ramps were performed from 180 °C down to different 
lowest temperatures (see the legend). 
  

It must be also noted that the modulus at the low-temperature 
range does not evolve through time: whatever the thermal history of the 
sample, the same amount of large crystallites are created,26 which 
dictate the (identical) viscoelastic properties. 

 
The influence of HS density on the hysteresis properties is then studied 
in Figure 6.14.  
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Figure 6.14: Dynamic temperature ramps of storage modulus at 10 
rad.s-1.  Data are shown for the four different samples and for ramps 
from high to low temperatures (solid lines), followed by heating back 
to initial temperature (dashed lines), at a constant rate of 6 oC.min-1. 

It is observed that the hysteresis is larger for smaller HS density. 
Furthermore, the transition between viscoelastic and solid-like behavior 
is much smoother at low HS density, compared to higher HS density, 
for which the storage modulus varies by almost four decades when the 
temperature is varied from 160 °C to 150 °C. This result is in agreement 
with the above discussion: at intermediate temperatures, the main effect 
of the HSs domains is to increase the fraction of chains kinetically 
trapped between two associated HSs, and this fraction increases faster 
at high HS density (see Figure 6.6). This, together with a faster 
crystallization dynamics, leads to a very short range of intermediate 
temperatures at which hysteresis appears. Thus, the effect of thermal 
history on the linear viscoelastic properties is minimized, compared to 
samples containing a low density of HSs.  

To conclude this section, the interplay of temperature and time 
offers unique opportunities to interrogate and tailor the viscoelastic 
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properties of the TPEs, especially at intermediate temperatures, where 
the properties of the samples are dominated by the chain entanglements 
which can be partially trapped between associated HSs. In this range of 
temperature, hysteresis is observed, due to the slow crystallization 
dynamics of the HSs. Therefore, long waiting times are needed in order 
to ensure reaching a stable state. 

It must be noted however that long waiting time at intermediate 
temperature does not always mean that the sample will reach its 
equilibrium structure. Indeed, as discussed in the following section, 
certain damages caused to the associated network can only be fully 
repaired upon re-melting the sample at high temperature.  

6.3.3 Influence of large-amplitude oscillatory shear flow 

In this section, we study the influence of flow on HS 
associations, HS domain stability and chain entanglements.  To this end, 
we focus on large amplitude oscillatory shear (LAOS), expecting that 
applying a large deformation amplitude will lead to partial 
disengagement of the physical network. This is also motivated by the 
known effect of LAOS on ordered block copolymers in promoting the 
flow alignment.50-55 The recovery time after flow cessation can be long 
since it depends on the association/dissociation dynamics of the 
physical bonds, leading to strong thixotropic behavior.  

We first examine the behavior of sample 10 wt%HS at low, 
intermediate and high temperature. The samples have been measured 
following the same protocol, which consists of initial equilibration for 
10 minutes at 180 oC, followed by cooling to the test temperature (with 
a cooling rate of 6 °C.min-1) and performing directly a LAOS cycle 
amplitude sweep performed at a frequency of 10 rad.s-1.67 Thus, we do 
not let the time to the sample to reach its equilibrated state. In addition 
to these tests, the data measured at 120 °C are then compared to the 
behavior of an equilibrated sample, which has been first cooled down 
to 70 °C (in order to promote the formation of HS associations) then 
heated to 120 °C (see Section 6.3.2.3).  
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Results are shown in Figure 6.15. At high strain amplitude, we 
see that the plateau decreases; the sample is forced to flow.  

 

 
Figure 6.15: Storage modulus of sample 10 wt%HS as a function of 
strain amplitude during LAOS cycles at different temperature and 10 
rad.s-1. Measurements were performed from low to high (the upper 
curve) and high to low (the lower curve) strain amplitudes, respectively. 
 

At high temperature, a small hysteresis is observed in the cyclic 
curve. We attribute it to the flow-induced dissociation of the few HS 
domains which are already present at such temperature. These last ones 
are formed again when the strain amplitudes are decreased towards 
small deformation, and the initial modulus of the sample is recovered. 
At lower temperature, the hysteresis is becoming more important. 
Below 125 °C, while we observe the progressive recovery of HSs 
associations, the initial level of the storage modulus is not recovered in 
the linear regime, unlike the situation at high temperatures. Moreover, 
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the equilibrated sample at 120 °C, which contains a larger proportion of 
associated HSs, shows an even larger effect of the amplitude sweep.  

The large decrease of the linear modulus suggests that this 
copolymer is trapped into a metastable state, where only parts of the 
chains contribute to the low-frequency plateau, G2. Therefore, this 
possible thixotropic behavior is studied by looking at the evolution of 
the sample left at rest for a long time after LAOS cessation, in order to 
see if slow recovery takes place back to the initial G’ value. Recovery 
was observed at high temperature, but not at intermediate temperature. 
In particular, long waiting time after the cyclic deformation of the 
equilibrated sample at 120 °C led to very poor recovery (see Figure 
6.16), with an increase of the modulus of less than 10%. In order to 
further investigate this non-reversible effect of deformation, cyclic 
deformation was then applied on the equilibrated sample at 120 °C up 
to different maximum strain amplitudes, followed by a time sweep. 
Results are shown in Figure 6.16.  
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Figure 6.16: Storage modulus of sample 10%HS as a function of strain 
amplitude during LAOS cycles at different temperature and 10 rad.s-1. 
Measurements were performed from low to high and high to low strain 
amplitudes, respectively. Time sweeps for 1 hr. (indicated by arrow) 
performed just after the LAOS cycles are also shown.  
 

While below 100% of deformation, the sample evolves with 
time until it reaches its initial properties, applying larger strain 
amplitudes leads to irreversible changes (under these conditions) in the 
sample, characterized by a lower modulus: Keeping temperature at 120 
°C for very long time does not allow the sample to reorganize and 
reform its initial structure. We attribute these changes to a change of 
state induced by the large deformation. Indeed, as shown below, if the 
sample is heated again above its melting temperature (180 °C), the 
effect of large strain is erased and the sample recovers its initial 
properties. The fact that at 120 °C, the sample cannot change its state 
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toward equilibrium shows that at this temperature, the lifetime of the 
associated HSs is much longer than the experimental lifetime.   

As shown in literature,9, 19, 30, 31 such a decrease of modulus 
could be due to an orderly transition induced by the breaking of the 
ribbon-like crystallites under flow, leading to the sample yielding. 
Therefore, after cessation of flow, the sample properties are evolving, 
depending on the way the broken crystallites are able to re-organize. In 
particular, the reinforcement effect of the crystallites can be lost if these 
last ones are not able to form a network anymore, if they are too small 
or if they lose their isotropic orientation. However, while the crystallites 
structure strongly influences the sample modulus at low temperature, at 
the intermediate temperature, sample elasticity it mostly coming from 
the chains entanglements (see Section 6.3.2.2). Indeed, as shown in 
Figure 6.9, in this range of temperature (Tc<T<Tm), the rubbery plateau 
is similar to the entanglement plateau, and the low level of the second 
(low frequency) plateau highlights the presence of a large proportion of 
dangling ends. Therefore, we cannot ensure that the decrease of storage 
modulus observed under high shear flow only to the breaking of the 
crystallites. It could also be due to either a decrease of the proportion of 
associated HSs able to trap chain segments or a decrease of the average 
density of chain entanglements. 

In order to investigate the possible reduction of the associated 
HSs, the temperature is decreased after the strain sweep test, in order to 
promote the creation of new HS associations. Results are shown in 
Figure 6.17 (see the T sweep 3, taking place just after the strain sweep 
test, which was performed between T sweep 2 and T sweep 3). While 
the modulus increases at low T, its value stays much lower than the one 
found with the same sample only deformed in the linear regime. Since 
at this temperature, the sample elasticity is governed by the crystallites, 
this demonstrates the different rearrangement of the crystallites due to 
flow. But the surprising point is that if we heat the sample back to 120 
°C, a small hysteresis is observed, such as the storage modulus recovers 
its low value, similar to the one found just as after the strain sweep i.e. 
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T sweep 3. This hysteresis is probably due to the decrease in the size of 
the crystallites, followed by the dissociation of a part of the associated 
HSs in order to reach the equilibrium value of associated HSs at 120 
°C. Based on this, together with the fact that the sample modulus does 
not evolve with time at this intermediate temperature, its low value does 
not seem to be due to a reduced amount of associated HSs. 

As shown in Figure 6.17, if now the sample is progressively 
heated to a higher temperature through back-and-forth temperature 
sweeps (4, 5, 6, 7, 8 and 9), initial properties are progressively 
recovered, after each step. This suggests that the associated HSs must 
dissociate in order to allow the reformation of the initial structure and 
allow the sample to reach its equilibrated state (after cooling). Indeed, 
the probability of an HS to be associated decreases with increasing 
temperature, so at each heating step, increasing T leads to a larger 
fraction of unassociated HSs. Once the temperature reaches 150 °C, i.e. 
the end of the hysteresis region, the sample behaves as if it was never 
deformed under large oscillatory shear. Since in this range of 
temperature, the corresponding value of the storage modulus is low, we 
believe that this change of behaviour is not due to the melting of 
interacting crystallites, as the small HS domains rather act as cross-
linking points and not as large objects. 
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Figure 6.17: Dynamic temperature ramps of storage modulus at 10 
rad.s-1.  Data are shown for ramps from high to low temperatures (solid 
lines), followed by heating back to initial temperature (dashed lines), at 
a constant rate of 6 oC.min-1. The small green arrow shown represents 
a couple of to and fro temperature ramp from 70 oC to 120 oC, which 
increased the modulus.  
 

Therefore, a plausible scenario to explain this behavior is that a 
fraction of the entanglements are lost under high shear, which forces 
the HSs to dissociate and the chains to disentangle in order to flow. On 
reducing the strain amplitude, new HS associations are rapidly 
reformed due to the enhanced association probability at low 
temperatures. This, however, prevents the trapped SSs from further 
diffusing and creating new entanglements. Thus, the formation of 
unentangled (or weakly entangled) junctions of SSs is favored, and the 
level of the corresponding low-frequency modulus is lowered. 
Therefore, the entanglement network is not homogeneous anymore and 
part of the chain connectivity is lost.  
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In fact, this process can be compared to the results of refs.3,53,56, 
where it was observed that slip planes are created via a bridge-to-
unentangled loop transformation, in order to allow layer-by-layer 
sliding and reducing the SSs stretching. Thus, shear flow can cause 
dissociation of certain physical bonds and subsequent reformation into 
a different configuration. 

In order to further test this picture, we performed successive 
strain sweep loops on sample 15%HS at a different temperature, and 
study the evolution of the corresponding modulus. Results are shown in 
Figure 6.18. The temperature was chosen below, within and above the 
intermediate temperature range, where hysteresis is observed (120 °C < 
T < 150 °C). Furthermore, the frequency was fixed to 1 rad.s-1 in order 
to be representative of the value of the second (low frequency) plateau 
(see Figure 6.9). 

At high temperature, T=170 °C, a slight increase of the modulus 
is observed through time. While it could be due to the formation of very 
strong, phase separated HS domains, we rather believe that this is due 
to a chemical evolution of the sample. This evolution only takes place 
above 170 °C, never stops (until a full gel is obtained) and is 
irreversible.  

At 150 °C, the temperature at which the sample is still flowing 
(as seen in Figure 6.9, there is no second plateau), the data measured 
during the different cycles of deformation superimpose. There is a small 
hysteresis effect, which is attributed to dissociation/association of few 
HSs, as it was also observed at 150 °C for sample 10%HS (see Figure 
6.15).  

However, at intermediate temperatures, we see that the first 
cycle of deformation is very different from the other ones, starting to a 
much higher modulus. This is in agreement with the results found with 
sample 10%HS: high deformation forces the associated HSs to 
dissociate and the chains to disentangle. When decreasing the 
deformation amplitude, restoration of the entanglement of the SSs 
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requires the molecules to be able to diffuse before the creation of new 
HSs associations. Therefore, this process is only possible if the HSs 
associations are weak enough, i.e., if the sample is at high temperature, 
which is not verified in this range of temperatures. In this T window, 
since a frequency of 1 rad.s-1 has been chosen for the oscillatory shear 
measurements, the values found correspond to the second plateau G2, 
and the influence of entanglements on this value can be quantified, as 
shown in Figure 6.19. In this Figure, the second plateau determined by 
accounting for both the entanglements and the HS association is 
compared to the level that the second plateau should have if the 
junctions would only come from the HS associations. Looking at the 
difference between the two curves, it is indeed observed that the 
entanglements largely contribute to the sample elasticity.   

Then, during the second and following cycles of deformation, 
the evolution of the storage modulus is weak and a limited hysteresis is 
observed. This is due to the fact that the network could not recover its 
initial structure between the first and other cycles.  

At even lower temperature, T=110 °C, the high value of the 
initial plateau modulus indicates that the crystallites are reinforcing the 
sample. Therefore, under large deformation, it is expected that these last 
ones break and reorganize into smaller structures allowing the sample 
to flow. In this case, it is observed that the storage modulus in the linear 
regime is gradually decreasing with the deformation cycles.              
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Figure 6.18: Storage modulus of sample 15 wt%HS during consecutive 
cyclic strain sweep curves at several temperatures ranging from T= 110 
°C to T=170 °C. Filled symbols refer to increasing strain and open 
symbols to decreasing strain. 
 

10-1 100 101 102

102

103

104

105

106

150°C

120°C

G
'(g

) (
Pa

)

g (%)

1 rad.s-1110°C

140°C

170°C



                                                 Chapter 6  
 

 
 

265 

 
Figure 6.19: Evolution of the second plateau of sample 15 wt%HS, 
G2(pass) (solid curves, Ñ) and of the second plateau determined by 
accounting for the HSs associations only, G2, HS (pass), as a function of 
the association probability of the HSs. 
 

As the last test, we study the influence of the protocol used in 
order to reach an equilibrium state for sample 10%HSs. Indeed, as 
mentioned above, equilibrium state (i.e. the upper curve of hysteresis) 
can be reached either by cooling down the sample and heating it back 
to the desired temperature or by waiting a very long time at the desired 
temperature while coming from high T. In Figure 6.20, we compare the 
nonlinear viscoelastic response of two samples prepared following to 
the two protocols. As we can observe, both samples display the same 
behavior, thus validating the fact that both time and low temperature 
lead to the same structure of the sample in the hysteresis region (see 
Section 6.3.2.2).   
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Figure 6.20: Storage modulus of sample 10%HS as a function of strain 
amplitude during LAOS cycle at 130 °C and 10 rad.s-1. Measurements 
were performed from low to high and high to low strain amplitudes, 
respectively. The sample has been equilibrated either by cooling it from 
180 °C to 120 °C and then heating it at 130 °C or by cooling it from 180 
°C to 130 °C and waiting a long time in order to let the sample the time 
to equilibrate. 

6.4 Summary 

In this work, we attempted at decoupling the roles of external 
(temperature, time, flow) and molecular (composition) parameters on 
the rheology of segmented copolymers, in order to understand how to 
control their properties. To this end, we have performed a systematic 
rheological investigation with model systems made of PTMO SS and 
monodisperse, H-bonding, T4T HSs.  

With the help of a statistical model, we have determined and 
analyzed the composition of the segmented copolymers. This has 
allowed us to understand the influence of the HSs density and their 
association probability on the amount of SSs trapped between 
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associated HSs, and to link this information to the evolution of the high- 
and low-frequency moduli of the samples.  

Entanglements trapped between associated HSs have been 
found to be responsible for the sharp liquid-to-solid transition of the 
samples during cooling. At these intermediate temperatures, hysteresis 
is observed, and we attributed it to the low driving force for the HSs to 
associate, which require long waiting time before reaching their 
equilibrium state. Thus, in this T region, the sample properties were 
found to strongly depend on their thermal history. On the other hand, at 
low temperatures, the HSs association is very fast and leads to the 
formation of strong and stable crystallites which reinforce the samples.  

We then studied the influence of flow by means of cyclic LAOS 
strain tests. At high temperatures, we pointed out the influence of a few 
HS domains detectable through the appearance of a small hysteresis. 
On the other hand, at intermediate temperatures, we have shown that 
large flow is affecting the sample modulus in an irreversible way (under 
this T condition). We attributed this effect to partial disentanglement of 
the network under shear, due to the fact that when the high shear 
deformation is suppressed, the chains do not have time to re-entangle 
before being trapped again between associated HSs. This metastable 
state is important since it has large implications on the material 
properties, in term of connectivity of the sample, as reflected by its 
lower modulus. Then, we have shown that applying large flow at low 
temperature leads to a change of state of the sample, induced by the 
reorganization of the crystallites in order to adapt to the flow. As for the 
partial disentanglement, this order transition has a large effect on the 
final properties of the sample. 

Hence, the large flow has a large effect on the final state of the 
materials and thus, on their properties. However, this effect can be 
modulated by playing with temperature.   
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 Thermal and viscoelastic 

properties of Dumbbell PEAs 
 

Abstract 
In this chapter, we study the properties of the polyesteramides 

(PEAs) with a dumbbell architecture. As mentioned in chapter 3 

(section 3.5), they were synthesized based on poly(tetramethylene 

oxide) (PTMO) soft and T4T HSs. These samples show unexpectedly 

broad and complex melting transition irrespective of change of polymer 

chain architecture. In order to understand these transitions, Fast 

Scanning Calorimetry (FSC) measurements were performed, following 

the same protocol as the one used for segmented PEAs over the wide 

range of temperature i.e. from -100 °C to 200 °C. This allows us to 

present a systematic comparative study on the association of HSs as a 

result of polymer chain architecture. Moreover, the crystallization rate 

and effect of chain mobility on the formation of metastable ribbon-

structure is also highlighted. 

In order to understand the effect of polymer chain architecture 

on viscoelastic properties, we present shear rheological results in 

comparison to segmented PEAs. In particular, the influence of time, 

frequency and strain amplitude over a broad temperature range on the 

association of HSs were studied, accounting for the influence of chain 

entanglements and mobility on their viscoelastic response.   
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7.1 Introduction 

Structure development and its effect on thermal and viscoelastic 
properties of segmented PEAs containing PTMO SS and well-defined 
T4T HS have been studied in chapters 4, 5 and 6. The concentration of 
HSs was varied, and we showed that it had a huge consequence on 
thermal and viscoelastic properties. It was attributed to the ability of the 
HSs to associate more or less easily, based on the hydrogen bonding 
density of these materials.  

It was evident from DSC that the melting temperature of these 
segmented PEAs is strongly dependent on the concentration of HSs in 
the polymer. However, the melting endotherms were broad and 
complex.1 This complex melting was related to the different kinds of 
T4T structure formed based on the processing condition, as it was 
confirmed with FSC measurements.  The effect of progressive cooling 
of these materials from melt leads to the formation of crystallites from 
nucleation points, whereas a sudden quenching between !+ and !" led 
to formation of amorphous morphology.2 In between these two 
extremes the isothermal measurements, a high fraction of smaller and 
metastable baby-ribbons can be obtained, depending on the isothermal 
temperature. Moreover, the crystallization kinetic study for the 20%HS 
sample revealed that two crystallization processes can take place, 
involving the global or the local mobility of the chains. At high 
temperature, the driving force for crystallization is low, however, the 
chains have time to diffuse and create strong crystals.2  On the other 
hand, at low temperature, the crystallization is too fast compared to the 
chain mobility, which leads to the formation of another kind of crystal, 
characterized by lower melting temperature. In this second case, we 
showed that the chains do not have time to diffuse before the association 
of the HSs. Interestingly, the 10%HS samples showed only one 
crystallization process, since, at high temperature, crystallization 
driving forces are too weak to lead to the crystal formation. In 
consequence, only weaker crystals, associated to the local motion of the 
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chains, could be formed. This again confirmed the important role of 
chain mobility. Complementary to the FSC measurements, rheological 
studies of these segmented PEAs revealed a great influence of 
concentration of HSs and parameters like time and temperature and 
flow on the viscoelastic properties. Rheological measurements 
highlighted the importance of chain entanglements at intermediate and 
high temperatures. Entanglements trapped between associated HSs 
were found to be responsible for the sharp liquid-to-solid transition of 
the samples during cooling. Then, the fast HS association at low 
temperatures leads to the formation of strong and stable crystallites. At 
intermediate temperatures, hysteresis was observed. We showed that it 
can be attributed to the long waiting time needed in order to form stable 
crystallites and reach an equilibrium state. We also studied the effect of 
large shear flow on the properties of these samples. At low 
temperatures, it was found that after the flow cessation, the fast HSs 
association takes place before the chains fully re-entangle, leading to a 
lower elasticity. This metastable state is rheologically important as 
entanglements ensure sample cohesion after the breakage of the HSs 
domains. Hence, temperature variation combined with time and flow 
allows controlling chain re-entanglement and thus tuning the final 
properties of the network. 

In this chapter, our objective is to design new copolymers, 
characterized by both a large density of HSs and high chain mobility. 
To this end, ‘dumbbell' copolymers, with the HSs localized at the chain 
extremities were synthesized (see chapter 3). Indeed, with such 
architecture, we should, a priori, avoid the presence of HS trapped 
between two associated HSs, and therefore not able to associate into a 
strong crystal structure. Furthermore, since the HSs density can be 
large, we expect that these samples show a high modulus. It must be 
noted however that, contrary to the segmented copolymers, the molar 
mass of the chain strongly varies with the HSs density. This is, 
therefore, a new parameter to consider. 
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7.2 Materials 

Dumbbell copolymers containing PTMO SS and monofunctional 
T4T HSs were synthesized via condensation polymerization reaction 
(see chapter 3). The concentration of HSs was systematically varied 
corresponding to the samples with 3, 5 and 20wt%. The samples were 
dried in a vacuum oven at 65 oC before use. 

7.3 Instrumentation and Sample preparation 

7.3.1 Differential Scanning Calorimetry (DSC) 

DSC thermograms were recorded on a Mettler Toledo DSC821e 
equipped with the STARe software. Calibration of an instrument was 
performed using Indium and Tin standards, covering the wide 
temperature range required for measuring the synthesized dumbbell 
PEA copolymers (-90 to 300 oC). Polymer samples were dried 
overnight in a vacuum oven at 60 oC and 10 – 14 mg of samples mass 
were measured at 20 oC.min-1 under nitrogen for both cooling and 
heating thermograms. The temperature profile used for the 
measurement ranges from -80 to 250 oC, temperature at which the 
samples were held for 15 min. to obtain homogenous melt and erase 
sample history. The melting (!+) and the crystallization (!.) 
temperatures were respectively extracted from the second heating and 
first cooling runs. In addition to this, in order to discuss the influence 
of waiting time on the sample properties, similar method was used but 
with different cooling and heating rate. First, a rate of 5 oC.min-1 was 
used during cooling while the heating was performed at 20 oC.min-1 
during heating, then opposite rates were used (i.e. cooling with 20 
oC.min-1 and heating with 5 oC.min-1).  

7.3.2 Fast Scanning Calorimetry (FSC)  

Fast-scan measurements were performed by using a 
commercially available Fast Scanning Chip Calorimetry (FSC) from 
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Mettler-Toledo, Switzerland, with a Huber TC100 intercooler and 
nitrogen purge gas of 50 mL.min-1. The detailed description about 
instrumentation, operating procedure and calibration has been 
described in chapter 5 and ref.3-7 Sample mass of 250 nanograms was 
calculated for 20%HS samples using the method mentioned in the 
section 5.2.2 and ref.5, 7 
 
Effect of cooling rate – Starting from the melt state (200 oC) 10 s, the 
sample was cooled down to -80 oC at a rate varying from 10 oC.s-1 to 
4000 oC.s-1. After having held the sample for 10 s at -80 oC it was 
subsequently heated back to 200 oC at a constant heating rate of 1000 
oC.s-1. The heating rate of 1000 oC.s-1 was selected based on the 
previous studies by G. Vanden Poel et al.5, showing that the thermal lag 
corrections remain relatively low up to this heating rate (a maximum 
lag of -1.4 oC was observed for a 1 µg sample).5 The corresponding 
temperature program is presented in Figure 1a.  
 
Isothermal crystallization (!+ − !") – Isothermal crystallization 
measurements were performed on samples covering the entire 
temperature range from !+ (134 oC to !" (ca -60°C), in order to 
calculate the crystallization rate. Starting from the melt state (200 oC), 
the sample was quenched to !IÆO at a cooling rate of 4000 oC.s-1 to avoid 
any crystallization to occur and held at this temperature for a time ⁄IÆO =
	2 s, whereafter the material is further quenched to -80 oC at the same 
cooling rate. In order to understand the crystallization behavior of the 
PTMO-T4T material small steps of 5 oC at !IÆO were performed, from 
!+	to !". After holding for 10 s at -80 oC, it was finally heated back to 
200 oC at 1000 oC.s-1 (see Figure 1b). In the following sections, this 
protocol is referred to as a two-step quenching. A similar set of 
measurements have also been performed with increasing ⁄IÆO to 60 s. 
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Figure 7.1: Different thermal treatments used in FSC a) varying the 
cooling rate, b) varying the temperature !IÆO at which the sample is kept 
2 s before the measurement as well as the waiting time at !IÆO. 
 

7.3.3 Rheological measurements 

 Rheological measurements (dynamic frequency, strain and 
temperature sweeps) were performed with a stress-controlled rheometer 

b 

a 
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(MCR 301 from Anton Paar, Austria) equipped with stainless steel 
parallel plates of diameter 8 mm. Before measuring, the samples were 
molten at a temperature T = !+ + 10, trimmed, and subsequently cooled 
down at the target temperature. These measurements were performed at 
a frequency of 10 rad.s-1 and strain amplitude of 1% and 0.1%. All 
measurements were carried out in a nitrogen gas atmosphere, whereas 
temperature control (better than ±0.3 °C) was achieved by means of a 
convection oven. 

7.4 Result and Discussion   

7.4.1 DSC analysis 

The thermal properties of the three dumbbell PEA samples, 
containing 3, 5 and 20%HS were studied using conventional DSC, in 
chapter 3 (section 3.6.6) with a heating rate of 20 oC.min-1. The 
respective thermograms are reproduced from chapter 3 as shown in 
Figure 7.2. It was observed that all three samples show a value of !" 
around -60 oC irrespective of change of polymer chain architecture and 
amount of HS like segment PEAs. However, only 20%HS sample 
shows the melting of PTMO SS around 0 oC, unlike segmented 
copolymers (at -15 oC) probably due to induced crystallization by, the 
shorter chain length of SS compared to the other dumbbell PEA 
samples. In the high-temperature region, an increase of the melting 
point !+ from 74.2 to 136.5 oC is observed as HS concentration is 
increased from 3 to 20%. Furthermore, the 20%HS sample shows a 
broad and multiple melting transitions, which was not expected since a 
priori a better organization of HSs should be observed due to the 
polymer chain architecture. The 20%HS sample shows the 
undercooling (,! = !+ − !.) of ~11 oC, which is low as compared to 
segment PEAs and PBT based polymers.8, 9 This observation suggests 
a fast crystallization process, likely due to the architecture of polymer 
chain or due to the short chain length. The crystallization temperature 
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(!.) was determined from the cooling exothermal curve, the cooling 
curves are however not shown in Figure 7.2.  
 

 
Figure 7.2: Differential Scanning Calorimetry thermograms of PEAs 
containing 3, 5 and 20%HS performed at a heating rate of 20 oC.min-1. 
Data have been vertically shifted for clarity. 

 
To understand the broad nature of melting peaks and 

organisation of T4T HS structures, the 20%HS dumbbell sample was 
subjected to the different cooling and heating rate as shown in Figure 
7.3. When the sample was cooled slowly (5 oC.min-1) and heated fast 
with the rate of 20 oC.min-1 (red curve), only two melting peaks were 
observed. It seems therefore that the complex melting obtained in 
Figure 7.2 is due to a too fast cooling of the sample, leading to some 
cold crystallization process. The slow cooling of the sample leads to 
two melting peaks endotherms, can be attributed to the different kind of 
T4T HS associations, one representing the baby-ribbon like structure 
having melting peak at 80 oC and other having ribbon like structure 
showing melting at 124 oC. The higher melting temperature i.e. 124 oC 
is however lower as compared to 135 oC reported for 20%HS dumbbell 
in chapter 3. This difference is comparable to the difference in 
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crystallization temperatures, equal to 124.8 oC with the segmented 
copolymer and to 115 oC with the dumbbell chains.  

 

 
Figure 7.3: DSC heating curves for 20%HS dumbbell sample during 
heating rate of 5 and 20 oC.min-1, after having cooled down the sample 
with a rate of 20 and 5 oC.min-1 

 
Figure 7.3 also shows the heating curves obtained when the sample was 
cooled fast (20 oC.min-1) and heated slow with the rate of 5 oC.min-1 
(blue curve). In such a case, the melting peak was observed at 124 oC, 
which was identical to the fast heating method. However, a small 
exotherm is observed at around 100 oC. It is probably due to the cold 
crystallization of a part of the T4T hard domains. On contrary to Figure 
7.2, no melting of the SS was observed, which is not easy to understand. 
Due to the limitation on further increasing and decreasing the cooling 
and heating rate with conventional DSC is not feasible and to get the 
better understanding on the organisation of T4T HS, further studies 
were done using FSC measurements. 
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7.4.2 Effect of cooling rate on the crystallization and melting 

 The Dumbbell PEA sample containing 20%HS is investigated 
by using the method summarized in Figure 7.1 (a). The aim is to 
understand the effect of high and low cooling rate on the structural 
evolution of the T4T hard-domains when chain architecture of polymer 
is changed. The results are presented in Figure 7.4, as heating curves 
are fixed at the rate of 1000 °C.s-1 after a cooling step performed at rates 
from 10 to 4000 °C.s-1, from 200 °C down to -80 °C. At low 
temperatures, the thermograms show the glass transition of the PTMO 
SSs (!") around -60 oC, as observed in conventional DSC (see Figure 
7.2). No clear melting of the SS can be observed, whereas it was 
observed in conventional DSC. Upon increasing the cooling rates above 
200 °C.s-1, a cold crystallization peak appears around 50 °C, pointing at 
the so-called critical or quenching rate.6 It can be noticed here that while 
the cold crystallization temperature is similar for dumbbell and 
segmented PEAs, the rate at which the cold crystallization is observed 
are very different i.e. 800 °C.s-1 for the segmented sample and 200 °C.s-

1 for the dumbbell copolymers, both samples containing 20%HS. For 
!>108 °C, an endothermal event is seen, standing for the melting of 
T4T crystallites. However, the melting temperature of HSs (shown in 
Figure 7.4) only slightly increases in a monotonic way (from 108 to 115 
°C) with decreasing the cooling rate. While with segmented PEAs, it 
was clear that the slower the cooling rate, the better the T4T crystals 
can organize into well-organized ribbon structures characterized by a 
higher melting temperature, this is not the case with dumbbell 
copolymers since the slow cooling leads to the formation of T4T 
crystals which melts at 115 oC, whereas the cold crystallized T4T at 
high cooling rate melts at 108 oC, which is not a large difference in 
comparison to segmented PEAs. This low effect of cooling rate 
suggests that the cold crystallized structures are nearly as good as the 
ones which are crystallized at a slow cooling rate. Since the chains are 
short and the HSs are located at the chain extremity, chain mobility is 
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very high and does not seem to affect the way the crystallites are 
formed, which differs from the segmented copolymers. 

 
Figure 7.4: Thermograms measured on a 20%HS sample during a 
heating step performed at 1000 °C.s-1. Prior to the measurements, the 
sample was cooled down from 200 to -80 °C at different cooling rates 
going from 10 °C.s-1 to 4000 °C.s-1. Data is shifted vertically for clarity 
and the last thermogram shows the flat baseline selected for peak 
integration.  
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Figure 7.5: Variation of enthalpy in 20%HS dumbbell for Cold 
Crystallization (,2..), terminal melting (,2+) and the difference 
(,2+  - ,2..). 
 

In order to evaluate the cold crystallization and melting 
behaviour of the HSs, the specific enthalpy variations (± 2 J.g-1) ,2+ 
and ,2.. were quantified, as shown in Figure 7.5. No CC is observed 
at low cooling rate i.e. from 10 °C.s-1 to 200 °C.s-1, but a slight decrease 
in ,2+ is observed. However, the CC starts to occur and ,2.. 
significantly increases at rates above 200 °C.s-1 until it reaches its 
maximum value of 30 J.g-1, at a quenching rate of 3500 °C.s-1 and 
above. The enthalpy of melting at cooling rates below 200 °C.s-1 are 
high due to the formation of T4T ribbon structures. At fast cooling, the 
formation of these ribbons is prohibited, which leads, after cold 
crystallization, to an almost equal amount of melting enthalpy. This can 
be explained by the fact that when the amorphous dumbbell sample is 
heated, it can quickly reorganize into an almost perfect structure, as 
already mentioned based on Figure 7.4, where end melting endotherm 
does not show much difference as a function of cooling rate.  
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7.4.3 Impact of #$%& on the crystallization of dumbbell PEA 

In order to further understand the thermal behavior of these 
copolymers, the isothermal measurements were performed i.e. !IÆO, 
from !+ to !", in order to investigate the influence of temperature on 
the crystallite’s formation. The method for this measurement is depicted 
in Figure 7.1 (b). The obtained thermograms are presented in Figure 
7.6, showing a rich variety of melting behaviors. Therefore, these 
results are analyzed separately, by dividing the isothermal temperatures 
into several regions: 
 

 
Figure 7.6: Thermograms recorded from the 20%HS sample during the 
heating at 1000 °C.s-1, after a two-step quenching with varying !IÆO 
from !+ to !". For each sequence, the sample was isothermally held for 
2 s at !IÆO. Data is shifted vertically for clarity. 

 

For #$%& ≥115°C, the thermograms after 2 seconds spent at these high 
values of !IÆO and then subsequently quenched below its !", do not 
allow any crystallization to occur during the cooling phase. Therefore, 
once the material is heated back, as expected, cold crystallization (CC) 



    Thermal and viscoelastic properties of dumbbell PEAs 
 

 
 

288 

takes place. CC temperature is around 50 °C, which is 15 oC more as 
compared to segmented 20%HS samples, indicating more energy 
required for dumbbell T4T HSs to crystallize. These so-formed cold 
crystals melt (MCC) at around 109 °C.  
 
At	#$%& = 105 °C, an additional peak appears at high temperature (≈117 
°C) due to the creation of very stable T4T crystallites whereas it is not 
observed anymore for lower !IÆO. At such high !IÆO, chains have large 
mobility combined with a low driving force for crystallization. 
Therefore, the chains have the time to disentangle and diffuse before 
starting to crystallize, which favors the creation of well-organized 
crystals within the isothermal temperature and time frame. On the other 
hand, it is observed that not all T4T crystals crystallize into such strong 
crystals, the remaining HS cold crystallizing during the heating process. 
The corresponding amplitude of the CC peak decreases, while the CC 
temperature is increased. In conclusion, crystallization just below !. i.e. 
124 oC (see chapter 3, Table 9) seems of interest since it allows the 
formation of crystallites characterized by a higher melting temperature.   

By decreasing further !IÆO, from 105 °C to 100 °C, this 
equilibrium between chain mobility and crystallization driving force is 
modified toward a higher crystallization rate (see section 7.4.5) and 
lower chain mobility. In particular, it is observed that the lower !IÆO, the 
lower is the !+. This can be attributed to the fact that higher 
crystallization rate leads to the formation of a larger number of smaller 
crystallites, which cannot grow further due to the lower mobility of the 
(associated) chains. Also, while part of the HSs is seen to crystallize 
during the cooling phase, a small fraction of them is observed to cold 
crystallize during the subsequent heating. The corresponding CC 
temperature is found to be higher than the one reported for higher !IÆO, 
suggesting that the HS associations made along the cooling step hinder 
the motion of the chains. This is also supported by a lower melting point 
of the smaller crystals originating during cold crystallization. 
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For 0 °C < #$%& < 100 °C, CC is no longer observed since the sample 
has a high crystallization rate and fully crystallizes during the 
isothermal 2 seconds-waiting time. Figure 7.6 further reveals that the 
melting temperature of the largest ribbons, !+, formed in this range of 
temperatures is nearly independent of !IÆO. More precisely, decreasing 
!IÆO from 100 °C to 90 °C leads to the formation of crystallites melting 
at lower temperatures while decreasing !IÆO from 90 °C to 0 °C does 
not influence the melting behavior of the crystallites anymore. In both 
cases, !+ is a bit lower than the high melting temperature observed at 
!IÆO = 105 oC. It must be noted here that this high melting peak cannot 
be attributed to a melting recrystallization process as observed in 
several semi-crystalline polymers. Indeed, one can disprove this 
possibility since the melting temperature of this high melting peak is 
not affected by varying the heating rate. This suggests that in this range 
of temperatures, the formation of the crystals is mostly governed by the 
high thermodynamic driving force, leading to the fast formation of 
ribbons taking place before any significant chain’s diffusion allowing 
the eventual creation of strong crystallites (high !+).  

Interestingly, the secondary peak, !Æº observed for segmented 
PEAs is not observed for dumbbell, indicating the good and fast 
association of the HSs without getting trapped due to associating HSs. 
Based on these results it is clear that the change in polymer chain 
architecture plays an important role to control the low-temperature 
structures. It can also be associated with the short chain length of the 
polymer, avoiding the trapping of the HSs. 

 
Finally for #$%&<)	°+, the experiments are shown in Figure 7.6 show 
that when the sample is quenched from 200 °C to a temperature close 
to !", no significant crystals have time to develop due to the quasi-
arrested chain dynamics. Around !", the growth of the T4T crystals is 
highly restricted due to very low chain mobility. This is also shown by 
a decreasing crystallization rate, observed when reaching 0 oC (see 
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section 7.4.5). It can also be noted that under these conditions, SS 
crystallization or melting is not observed, which is evident from 
conventional DSC.  

7.4.4 Influence of holding time '$%& 

In Figure 7.6, the 2 seconds waiting time at !IÆO may be enough 
for the HSs to crystallize in the temperature range of !IÆO 95 oC to 0 oC, 
but not enough to reach a thermodynamic equilibrium for high and low 
!IÆO, (leading to CC detected at these !IÆO values). Therefore, in order 
to investigate the influence of time on the possible formation of crystals, 
the waiting time was increased to ⁄IÆO = 60 seconds (see Figure 7.7), in 
order to understand the development of the ribbon-like structure. First, 
it is observed that at !IÆO = 125 °C, a longer waiting time allows the 
formation of a small fraction of much more perfect crystallites, 
characterized by a very high melting temperature close to 150 oC. This 
melting temperature is similar to the one found with segmented 
copolymers (see chapter 5): a high value of  !IÆO (around !. = 124 oC) 
leads to the formation of well-organized crystals but needs a long time 
to grow due to their low crystallization driving force. It was observed 
for segmented PEAs that, increasing ⁄IÆO, the larger fraction of 
associated HSs limits the mobility of the trapped, unassociated, 
segments, therefore leading to a delay of their corresponding CC. As 
seen in Figure 7.7. this is not true for the dumbbell sample, as the CC 
temperature stays the same with 2s or 60s waiting time at iso-
temperature. Only the decrease in amplitude of the CC peak is observed. 
This observation confirms that the HS trapping doesn’t take place due 
to dumbbell architecture.  
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Figure 7.7: Thermograms recorded from the 20%HS sample during the 
heating phase at 1000 °C.s-1, after a two-step quenching with varying 
!IÆO from !+ to !". For each sequence, the sample was isothermally 
held for 2 s at !IÆO. Data is shifted vertically for clarity. 

Same conclusions can be drawn from the low-temperature 
observations i.e. !IÆO ranging from 90 to -15 oC. At these temperatures, 
only the terminal melting peak is observed. Due to the dumbbell 
architecture of the chains, HSs being on both the end of the chain have 
more freedom to associate with other segments without getting trapped. 
All HSs crystallize forming a ribbon-like structure, which melts at 
around 110 oC.   
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Figure 7.8: Thermograms recorded from the 20%HS sample during 
the heating phase at 1000 °C.s-1, after an isothermal step at 130 oC. is 

shifted vertically for clarity. 

In order to understand the effect of chain mobility and formation 
of perfect crystals, isothermal measuring as a function of holding time 
was performed at !IÆO=130 oC, just below the melting temperature of 
the 20% dumbbell copolymer. The obtain thermograms are shown in 
Figure 7.8. For a waiting time of 2 s, as observed in previous isothermal 
measurements, crystals are only formed by CC at 50 oC and their 
corresponding melting takes place at around 105 oC. However, as the 
holding time is further increased from 1 min to 2 hrs an extra melting 
peak appears at 150 oC, the amplitude of which increases with holding 
time. This peak is due to the formation of T4T crystals. Thus, this result 
shows that at such high temperature (130 oC), the driving force for 
crystal formation is low but not negligible. Therefore, it must be 
compensated by a long waiting time. 
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7.4.5 Crystallization kinetics of 20% dumbbell 

 In order to understand the above observations, we compare in 
Figure 7.9 the crystallization rates of the dumbbell copolymers 
containing 20% of HSs with the corresponding 20%HS segmented 
samples, as a function of their isothermal temperature. The 
crystallization rates have been extracted according to the method 
developed by Vanden Poel.5 The 20%HS segmented and dumbbell 
sample, a bimodal distribution of crystallization rate, with two maxima 
located for each i.e. at 86 and 36 oC for segmented whereas 70 and 30 
oC for dumbbell respectively. These maxima are related to the 
crystallization process of T4T when isothermally hold at respective 
temperatures. The high-temperature maximum is attributed to the 
crystallization taking place due to an equilibrium between the 
thermodynamic driving force and chain mobility.  

 

Figure 7.9: Crystallization rate as a function of temperature	!IÆO, for 
20%HS dumbbell and segmented samples. 
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As shown in Figure 7.9, at high temperature the crystallization rate is 
slow and isothermal time play an important role in the crystallization of 
T4T HSs. As it is evident from Figure 7.8, crystalline structures can still 
be formed at 130oC even if their crystallization rate is too small to be 
measured. Further decreasing !IÆO shows an increase in crystallization 
rate, with a maximum at 70 oC. This is consistent with the previous 
results since the heating curves obtained after a 2 s waiting time at 
constant temperature in the range of 100 to 70 oC do not show any cold 
crystallization peak. On further decreasing !IÆO, the crystallization rate 
passes through a minimum and around 50 oC, attributed to the reduction 
of the ability of the chain to diffuse. However, the crystallization rate is 
still large enough to ensure the crystallization of all T4T HSs and no 
cold crystallization is observed at !IÆO ranging from 70 oC to 30 oC, with 
second maximum observed at 30 oC. Similar second maximum was 
observed for segmented PEA sample, due to the formation of baby-
ribbons as chain mobility is very low at these temperatures. Moreover, 
the melting of baby-ribbon was observed during the heating step. 
Interestingly, for dumbbell sample, this low temperature does not affect 
the melting peak position and does not lead to cold crystallization. From 
this result, one can conclude that even at low !IÆO the dumbbell PEAs 
stay mobile enough to crystallize, with a terminal melting peak equal to 
the melting peak obtained for !IÆO = 90 oC. We attribute this behaviour 
to the short length of the chains and to the low amount of the HSs per 
chain, which helps in complete crystallization of terminal T4T HSs. 

7.5 Viscoelastic measurements and influence of 

temperature 

Frequency sweep tests conducted within the linear viscoelastic 
regime of deformation are shown in Figure 7.10. for the 5%HSs sample. 
Data were measured at different temperatures ranging from T = 120 °C 
(melting temperature) to T = !+-60 oC. Each of these measurements 
was performed after a waiting time of at least 30 minutes to makes sure 
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that the sample is well equilibrated, and all the residual stresses are 
relaxed. An identical protocol was used for all rheological 
measurements presented in this section.   

As we can see from Figure 7.10, with decreasing temperature, 
apparently a liquid-to-solid transition is observed. This transition 
occurs approximately at 85 oC. This transition is quite sharp compared 
to the viscoelastic response of the segmented PEAs containing 5% of 
HSs (see chapter 6) and is in good agreement with the conventional 
DSC results.  

At low temperatures, HSs associate and the sample behaves like 
a rubber. The fact that at high temperatures (above 90 oC), a secondary 
plateau emerges means that only a part of the sample, which 
corresponds to the dangling ends, is able to relax, while part of the 
chains are trapped between two associated HSs and cannot disentangle, 
leading to a secondary plateau. The temperature range at which this 
behavior is observed is similar for the dumbbell and the segmented 
PEAs. Above Tm, the attractive interactions between HSs (due to 
hydrogen bonding) weaken. Consequently, the crystallites soften and 
eventually melt, leading to the flow of the sample. As shown in Figure 
7.10., the level of the plateau seems to saturate at 65 oC, meaning that 
all HS are associated. At this temperature, the second plateau merges 
with the first, rubbery, plateau. It must be noted that this situation never 
happens with the corresponding segmented copolymer containing 5% 
of HSs. Indeed, as described in chapter 6, even if all HSs are associated, 
around 50% of the segmented sample behaves as dangling ends. The 
level of this plateau is, however, slightly below the entanglement 
rubbery plateau (of 2 106Pa), which could be due to the presence of a 
small fraction of chains only partially functionalized, as discussed in 
Chapter 3. But this fraction seems limited, which contradicts the 
proposed interpretation of the NMR results.   

At higher temperatures, there is an equilibrium between 
associated and free HSs, which leads to gradual lowering of the second 
plateau with increasing T. The fact that at high temperature (95 oC – 
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105 oC), the typical terminal slope of 2 is not observed for the storage 
modulus at low frequency suggests that some HSs domains still exist at 
these temperatures. 

 

 
Figure 7.10: Frequency-dependent storage moduli of the sample 
containing 5%HS, measured at high (T = Tm + 10°C) to low temperature 
(T = Tm - 60°C). 

 
We now investigate the viscoelastic behavior of the dumbbell 

sample containing 20% of HSs. As the first test, the amplitude sweep 
test is performed, as shown in Figure 7.11. It is observed that the linear 
regime for this sample already stops at around 0.2% strain. We also 
observe that this sample takes time – around one hour - to equilibrate. 
Then, frequency sweep tests were performed at 0.1% strain in order to 
preserve the network. The viscoelastic responses are shown in Figure 
7.12, showing a fully elastic response. 

In order to check the reproducibility of the data, four 
consecutive frequency tests (at T = 100 oC) were performed. 
Interestingly, they do not overlap with each other and show a 
continuous decrease (1st FS, 2nd FS and 3rd FS). This non-reproducible 
nature of the data reveals the large sensitivity of the formed T4T 
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structures: as soon as the sample is deformed, even under extremely low 
amplitude of deformation, part of the crystallite’s breaks. TheseT4T 
structures are thus very delicate in nature unlike the one formed in 
segmented PEAs.  

 Thus, the dumbbell copolymer containing 20%HS sample fails 
to form crystal structures able to resist deformation. This ‘brittle’ 
behavior of the sample is attributed to the very small mesh size between 
the associated HSs as well as to the low connectivity between the 
chains.   

 
Figure 7.11: Storage and loss moduli of 20%HS sample, as a function 

of strain amplitude. 
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Figure 7.12: Frequency-dependent storage and loss moduli of 20%HS 

sample. 
 

Then, temperature ramps are performed with samples 5% and 
20%HSs, in both cooling and heating directions in order to monitor 
their stability and influence on the viscoelastic properties of the 
material. The measured temperature-dependent 7’ at 10 rad.s-1 and 1% 
strain rate are depicted in Figure 7.13 and 7.14 respectively for 5 and 
20% HS PEAs.  
 For the copolymer containing 5%HSs, coming from the melt 
state, the storage modulus is not observed until 90 oC. Then, the storage 
modulus suddenly increases, governed by the formation of the 
crystallites, which prevent the chains to disentangle and relax. At room 
temperature, the sample reaches the value of 106 Pa. This value is 
almost equal to the one obtained with the segmented 5%HS sample due 
to the formation of T4T crystallites, and it corresponds to the 
entanglement plateau of the SSs. We then conclude that with 5% of 
HSs, the associate HSs behave more as crosslinking points for the 
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entangled chains, rather than as large structures able to reinforce the 
sample. During heating ramp, a hysteresis effect appears, like the 
behavior of the segmented copolymer. However, the hysteresis 
behavior observed in the segmented sample was more pronounced as 
compared to the dumbbell, probably due to the larger number of HSs 
along the chains, able to progressively trap the chain segments.   

 

 
Figure 7.13: Dynamic temperature ramps of storage and loss modulus 

for 5%HS at 10 rad.s-1 and constant rate of 6 oC.min-1. 
 

The same test is then performed on the 20% HS sample, as 
shown in Fig. 7.14. Starting from melt state, the modulus values are 
very low, meaning that no association of HSs take place at these high 
temperatures. At 125 oC, a sudden increase in the modulus is observed 
due to the association of T4T HSs. These results are in line with the 
DSC results, as 20%HS samples have a crystallization temperature of 
125 oC. Increase in modulus is observed until 80 oC, followed by the 
elastic plateau reaching the same modulus value as that of segmented 
PEA (see Figure 7.15). On heating, however, either sample suddenly 
cracks or a huge increase in normal force was observed. Cracking of the 
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sample indicates that the sample is too brittle in nature. As compared to 
the segmented 20% sample, the dumbbell 20% sample shows a fast 
association of the HSs reaching very high storage plateau modules at 
low temperature. These samples are thus hard and brittle. 

 

 
Figure 7.14: Dynamic temperature ramps of storage and loss modulus 

for 20%HS. 
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Figure 7.15: Dynamic temperature ramps of storage and loss modulus 
comparison for 20%HS containing segmented and dumbbell sample. 

7.6 Summary 

Dumbbell PEAs based on PTMO soft and T4T HSs were 
synthesized as mentioned in chapter 3. Thermal and viscoelastic 
properties of T4T end capped with 5 and 20% of HSs were studied using 
the DSC, FSC and rheology technique. For 20%HS sample, DSC data 
show a decrease in melting temperature of the dumbbell samples as 
compared to the segmented PEAs. FSC studies showed the formation 
of ribbon structures on progressive cooling, whereas amorphous 
morphology is obtained under fast cooling (above 200 oC.s-1) just like 
segmented PEAs. Then isothermal measurements at intermediate 
temperature (!IÆO = 90 to 50 oC) showed that only one melting transition 
is observed, which is isothermal time independent. Interestingly at low 
temperature (!IÆO = 50 oC) formation of T4T structures were seen, 
which were characterized by one melting transition i.e. no formation of 
baby-ribbon was observed. This observation let us conclude that the 
dumbbell architecture provides higher chain mobility (compared to the 
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segmented copolymers) at intermediate as well as low temperature 
forming the identical T4T structures having an almost same melting 
point. In addition, at high temperature (!IÆO = 130 oC), strong T4T 
structures can be formed, which are isothermal time-dependent and 
show a very high melting temperature (150 oC). However, this requires 
very long waiting time in order to compensate for the low crystallization 
driving force. It was found that the crystallization rate for the 20%HS 
dumbbell sample is low as compared to the 20% segmented but does 
not lead to the formation of baby-ribbon at low temperature. 
 Viscoelastic measurements as a function of temperature, time 
and frequency were also studied. It was observed on temperature 
sweeps that the HSs in dumbbell architecture associate very fast, with 
only low hysteresis effect for 5%HS sample in comparison to the 
segmented 5%HS PEA sample. For 20%HS dumbbell sample, the 
association of the HSs was so fast and complete that the sample became 
brittle and fractured at low temperature. We attributed this effect to the 
short chain length, with low connectivity among the polymer chains. 
With this last sample, it was difficult to quantify the liquid to solid 
transition as the T4T structures formed were weak and broke even at 
low (0.1%) strain rate. 
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 Conclusions and Perspectives 
 

In this chapter, we summarise and present the decisive outcomes of 
this thesis. 
 
 As we know, Thermoplastic elastomers (TPEs) are an 
interesting class of segmented copolymers, which exhibit the properties 
of thermoplastic and elastomers. This dual property of TPEs leads to 
excellent mechanical and physical properties, while keeping the 
thermo-reversibility of the hard phase domains, thus providing an 
alternative material for conventional rubbers from both recycling and 
ease of processing point of view. The commercial growth of TPEs is 
continuously increasing owing to the wide range of applications in 
consumer products used in day-to-day life.  
 In this work, we focused on polyesteramide (PEA), which is one 
of the most interesting classes of TPEs. These materials can be 
engineered to obtain specific properties depending on the applications 
due to wide choice of soft and HSs. From literature it was clear, that the 
dispersity and unit length of the HS plays important role in deciding the 
thermal, mechanical and viscoelastic properties of the copolymer. 
Therefore, in order to obtain enhanced properties, pure monodisperse 
T4T di-amide HS were synthesized, which has unit length of 2.1 nm 
(see chapter 4), close to the optimum length of 2nm for obtaining high 
phase separation. Furthermore, PTMO SS was used in the copolymer 
synthesis due to its properties like flexibility due to low !", good 
hydrolytic stability and elastomeric properties at low temperatures. The 
segmented copolymers with almost equal molar masses were 
synthesized, although the concentrations of T4T HSs were 
systematically varied (0, 5, 10, 15 and 20wt%) so that the final 
properties of polymers are independent of the molar masses. Dumbbell 
PEA copolymers with same HS concentration were also synthesized. 



              Conclusions and Perspectives 
 

 
 

306 

Thus, these ‘model TPEs’ were synthesized in order to allow a 
systematic study of the influence of important parameters (HS density, 
temperature, time, HS position) on their final properties. 

 
The DSC measurements revealed a strong increase of the 

terminal melting point as a function of HSs concentration (Figure 3.7), 
due to increase in number of hydrogen bonding groups. The melting 
transition were found to be broad and complex. In contrary, the solvent 
casted sample showed better HSs organization, as sharp melting 
transitions were observed instead of broad and complex (Figure 4.2). 
These measurements thus confirmed that the PEA samples exhibit 
different T4T crystal structures, which strongly depend on the 
processing conditions as high-temperature properties are related to HSs 
(see chapter 4). These ones were further studied by FSC measurements, 
which allows a better control of the processing parameter like high 
heating and cooling rates to explore the variety of phases likely to exist 
in PEAs (see chapter 5). In particular, we showed that the progressive 
cooling from the melt results in formation of T4T crystallites in 
homogenous way forming ribbon structures. These ribbon-structured 
crystallites thus formed exhibit high melting point, resulting into good 
mechanical properties (Figure 5.4). However, fast cooling leads to the 
formation of smaller and metastable baby-ribbon structure, 
characterized by low melting temperature. FSC data also allowed us to 
illustrate the importance of polymer chain mobility and isothermal time 
effect on development of T4T structures. The isothermal measurements 
around Tc and Tc+10 oC confirm the better T4T HS crystal formation, 
characterized by increase in terminal melting point (figure 5.8). 
Therefore, depending on cooling rate, isothermal crystallization 
temperature and time, we could control the development of crystals 
(good or poor), which is important from processing point of view. 

In order to understand the key factors influencing structural 
arrangement during crystallization of T4T HSs from chemical 
composition point of view, we performed WAXS measurements at the 
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molecular scale (1 Å - 1 nm). They revealed that π-π stacking 
interactions in addition to the well-known H-bonds in polyamide-based 
systems are important and enhance the HS association (chapter 4, Table 
2). SAXS experiments at length-scales (1-30 nm), showed that the T4T 
inter-crystallites distance decreases as a function of HS concentration. 
The time resolved SAXS measurements as a function of the temperature 
showed the presence of HS aggregates in the melt especially when the 
HS concentration is 20%. Based on these results, we proposed a growth 
mechanism of T4T HSs, which is highly dependent on the initial 
processing condition (Figure 4.8).  

In order to understand the influence of both thermal history and 
sample composition on the final properties of these TPEs, we 
investigated their viscoelastic properties and in particular, how these 
last ones are influenced by the time and temperature.  

To this end, oscillatory measurements were performed, 
applying a temperature sweep. We showed that while the storage 
modulus is governed by the entanglements in the melt state, the 
rheological properties of the copolymers are governed by the HSs at 
lower temperature. These ones first associate and act as cross-linkers 
(Figure 6.14), before forming larger T4T crystallites interacting with 
each other and thus, enhancing the mechanical properties of the TPEs. 
On heating, hysteresis was observed, as stronger crystallites melts at 
higher temperature. With the help of a statistical model, we could show 
that the sharpness of the transition from liquid-like to solid-like 
properties was related to the HS concentration, with a special emphasis 
on the role of dangling ends in this process and on the entanglements 
trapped between HSs (Figure 6.10). In particular, we showed how a 
larger concentration of HSs enhances the probability of SS to be trapped 
in the elastic network. Thanks to large amplitude oscillatory shear 
(LAOS) strain tests, we could study the reversibility of the network 
under large flow, and how temperature affects the corresponding 
sample properties. In particular, we showed that partial disentanglement 
of the network takes place under cycles of shear deformation, as after a 
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large shear deformation, the chains do not have time to re-entangle 
before being trapped again between associated HSs. Large flow at even 
lower temperature, results in the change of the sample state, induced by 
the reorganization of the crystallites in order to adapt to the flow. As for 
the partial disentanglement, this order transition has a large effect on 
the final properties of the sample (Figure 6.17).  

To sum it up, results show that the final properties of the 
samples like high-temperature stability, temperature independent 
plateau modulus, or improved low-temperature flexibility are strongly 
dependent on the association of  HSs, which is largely influenced by the 
chemical composition, HS density, SS entanglements, thermal history, 
cooling conditions (fast or slow) and external parameters like time and 
temperature. Based on these conclusions, dumbbell PEAs comprising 
of PTMO soft and T4T HSs were synthesized. The idea was to change 
the polymer chain architecture but keeping the T4T concentration equal 
to the one in segmented PEAs. Therefore, obtained copolymers, end-
capped with 3, 5 and 20% HSs, having different molar masses were 
studied in comparison with the segmented PEAs (chapter 3, Table 9). 
Thermal and viscoelastic properties were studied using the DSC, FSC 
and rheology technique (see chapter 7). For 20%HS sample, DSC show 
the lowering of the melting temperature of dumbbell samples as 
compared to segmented PEAs. This was not foreseen as we expected 
better organization of HSs due to more chain freedom considering the 
HSs are located at the chain end and can diffuse easily to form stable 
and perfect crystals. However, the melting point was difficult to 
determine for 3 and 5% HS samples. Hence, FSC studies were 
performed, the effect of isothermal time and temperature were same as 
observed for segmented PEAs, except at low temperature (!IÆO=50 oC) 
formation of T4T structures were seen, which were characterized by 
one melting transition i.e. no formation of baby-ribbon took place 
(Figure 7.7). This observation let us conclude that the enhanced 
mobility of the dumbbell architecture at intermediate and low 
temperature allows the formation of identical T4T structures (whatever 
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T), having an almost identical melting point. Thus, this study allowed 
us to confirm the large role of chain mobility in the formation of the 
crystallites. 

 In addition, at high temperature (around 130 oC), long waiting 
times allowed the formation of strong T4T structures characterized by 
a high melting temperature of 150 oC (Figure 7.8). The fact that the 
crystallization rate for 20%HS dumbbell sample is low as compared to 
the 20% segmented TPE allowed us to highlight the influence of chain 
mobility in the crystallization process. 
 Viscoelastic measurements as a function of temperature, time 
and frequency were also studied for these samples. It was concluded 
from temperature sweep tests that the HSs in dumbbell architecture 
associate very fast, leading to a very weak hysteresis 5%HS sample in 
comparison to the segmented 5%HS TPE sample. For 20%HS 
dumbbell sample, the association of the HSs was so fast and complete 
that the sample became brittle and fractured at low temperature (Figure 
7.15). This behaviour was attributed to the effect of short chain length, 
with low connectivity among the polymer chains. The liquid to solid 
transition in 5% sample was quick and led to the formation of stable 
crystallites at low temperature. However, it was difficult to observe 
liquid to solid transition for 20%HS sample as the T4T structures 
formed were weak and broke even at low (0.1%) strain rate.   

As a final remark, the structure property relationship of PEAs 
explains how the final properties of PEAs strongly depend on their 
microstructure, which is largely influenced by various parameters such 
as phase separation, hydrogen bonding, crystallization or π-π stacking, 
processing process, thermal history as well as by the density of HS. In 
the direction of understanding the relationship between these 
parameters and the final properties of the TPEs, we analyzed ‘model’ 
PEAs (segmented or dumbbell), which provided us with clear and new 
insights about the role of thermal history, chain mobility and HS density 
on the formation of the crystallites and consequently, on the final 
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properties of the TPEs. Therefore, this study brings new tools to better 
control on the final properties of PEAs, needed in the applications.  
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